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Abstract
In the search for solid oxide fuel cell (SOFC) materials, which exhibit improved
oxide ion conductivity at lower temperatures, attention has recently been focussed
towards materials with atypical structural chemistry and diffusion pathways. For ex-
ample high oxygen diffusivity is reported in fergusonite structured CeNbO4+δ, which
can incorporate a range of oxygen excess stoichiometries by oxidation of Ce3+ to
Ce4+ and as a result, four commensurate or incommensurately modulated super-
structures of the monoclinic parent cell are possible. An alternative strategy to
reduce migration energy barriers is to change the charge carrier from oxide ions
to protons, and through the introduction of oxide ion vacancies, develop materials
that can conduct both species through a O2(g)/H2(g) partial pressure dependence.
Alkaline earth doped rare earth niobates RE1–xAxNbO4–δ (RE=La, Nd, Gd, Tb,
Er A=Ca, Sr, Ba) have been shown to exhibit proton conductivities that can be
maintained to much higher temperatures compared to traditional perovskite mate-
rials, with reported stability to both protonic and acidic media. However they are
hindered by low dopant solubility, and an intermediate temperature monoclinic to
tetragonal phase transition that is problematic for device applications. Owing to
the unique structural and redox behaviours of the cerium analogue of the RENbO4
series, this worked aimed to investigate the transport properties of acceptor doped
Ce1–xAxNbO4±δ.
This work has shown that Ce1–xAxNbO4±δ can cycle between oxygen hyper- and
hypostoichiometry, and in the process alternate between mixed electronic intersti-
tial oxide ion conduction, and (mixed electronic) protonic conduction respectively.
Under both oxidising and reducing conditions the conductivity increases by over
one order of magnitude relative to both CeNbO4+δ and the most protonically con-
ductive of the series La1–xAxNbO4–δ respectively. This is a result of the greater
solid solubility of strontium and calcium in CeNbO4+δ, relative to LaNbO4 (1-2%),
and is speculated to arise from the charge compensation mechanism of electron hole
formation via Ce3+-Ce4+ oxidation, where the change in both cerium valence and
coordination may act to stabilise the dopant. The likelihood of electronic charge
carriers in the hypostoichiometric phases of Ce1–xAxNbO4±δ, is of interest due to
limited number of mixed proton-electron conductors if the properties can be op-
timised further. Furthermore the transition temperature raises from ≈520 °C to
≈650 °C on exchange of lanthanum with cerium. Unusually the hyperstoichiometric
phases are also suggested to show proton conductivity, indicating Ca1–xAxNbO4±δ
may exhibit more unusual defect reactions.
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Chapter 1
Introduction
1.1 Research Context
There have been growing concerns over energy security and the environmental im-
pact of current technologies for some time now. Although the status of fossil fuel
reserves and peak oil is still the subject of debate, the transition towards sustainable
technologies is an inevitable event [1][2]. The collision between growing population
density and diminishing finite resources means, however, that such a ’technological
revolution’ is under growing pressure. Since the 1970’s energy crisis, national and
international collaborations have sought to develop energy conservation measures
and renewable, clean sources of energy. There has been growing application of the
fundamental concepts of chemistry and physics for energy materials, particularly
solid state ionics and electronics in the development of electrochemical devices such
as solar cells, supercapacitors, batteries and fuel cells [3]. Many technologies have
found their way to market, however fuel cells still experience major entry barriers
[4]. Materials innovation and development can play a key role in commercialisation,
and the coming years are likely to be a critical period in realising such. This in-
troductory chapter will discuss fundamental issues driving SOFC materials research
and development, and provide the broader context of the thesis.
1.1.1 The future energy mix
The reader will no doubt be aware of the major renewable energy systems already
available as alternatives to fossil fuels, such as wind, biomass, solar, geothermal and
hydroelectric [4][5][6]. In particular hydropower and wind are the most widely im-
plemented technologies, and the latter is currently the most cost competitive [4][6].
A future (renewable) electron economy (REE), would seek to substitute current
carbon-based fuel plants with either centralised or decentralised renewable sources
and incorporate efficient methods of energy storage to power homes and industry,
with complete electrification of the transportation sector [6]. A disadvantage of such
a solution is site specificity, and extensive land use that subsequently results in envi-
ronmental degradation. For example, to power the US by wind, an area of land the
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size of the state of Arizona would be required [4]. Diversification is therefore critical
to reducing these issues. Intermittency can be minimised by integration with nuclear
fission and fusion technologies, or with an energy carrier such as hydrogen which
can be stockpiled to bridge unsynchronised cycles of production and consumption
[4][7].
Hydrogen has a high energy density, is abundant and produces the clean combustion
or electrochemical reaction product; water. The bottleneck for the implementation
of a hydrogen economy is certainly the current status of hydrogen extraction and in-
frastructure. Current methods of H2 production from steam reforming or electrolysis
are impractical due to cost, environmental impact and high energy penalties [7][8].
The direct splitting of water using UV light or waste heat thermolysis may provide
potential pathways for efficient H2 production [4][9]. Similarly, H2 transport (e.g.
piping) and storage methods (e.g. compression, liquification, cryogenic storage) are
energy intensive and expensive [10][11]. Research is currently underway to develop
alternative hydrogen carriers such as metal-organic frameworks and hydrides [12][13].
The future energy mix has been hypothesised to most likely include contributions
from both the electron and hydrogen economies, the benefits and disadvantages of
each being geographically specific and the subject of continued research.
1.1.2 The role of fuel cells and batteries
A future with hydrogen as an energy carrier would be most efficiently implemented
with fuel cell technologies, due to the greater conversion efficiency of electrochem-
ical reactions (≈50-60%) over combustion (≈25%). Currently fuel cells are based
on either low temperature, portable applications (e.g polymer electrolyte, direct
methanol) or higher temperature, stationary applications (e.g. solid oxide, molten
carbonate) [14][15][16]. However, both variants are under consideration for trans-
portation, auxiliary power units and distributed or hybrid power plants. A hydrogen
economy, would allow the implementation of decentralized power systems, which
have the potential advantage of improved efficiencies, better energy security per
capita and reduced land use. High temperature configurations offer several advan-
tages over their low temperature analogues and are integratable with current energy
carriers.
The role of fuel cells and batteries in the transportation sector has been the subject
of much debate. Fuel cell vehicles (FCV’s) can offer grid payback, longer mileage
and shorter refuelling time compared to electric vehicles (EV’s) running on lithium
ion battery technology. However infrastructure, fuel cost, and component cost and
degradation currently hinder commercialisation [17][18]. The gap between present
state of the art hydrogen production and storage technologies and that needed for
a competitive hydrogen economy is too wide for incremental advances. Fuel cells
will be limited to niche activities without synergetic research and development, and
fundamental breakthroughs.
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1.2 Solid oxide fuel cells (SOFC’s)
1.2.1 Principles of operation
A fuel cell is an electrochemical device that converts the chemical energy stored in
a fuel directly into electrical work, and is conceptually similar to a battery with
the exception that a continuous supply of fuel excludes the need for re-charging.
Fuel cells are inherently efficient compared to conventional thermomechanical de-
vices, since PV expansion is not the intermediate mechanism of extracting useful
work. Fuel (H2(g)) and oxidant (O2(g)) gases are fed into porous anode and cathode
compartments respectively, and undergo electrocatalytic oxidation and reduction
according to Eqs. 1.1 and 1.2.
Anodic Oxidation: 2H2 → 4H+ + 4e– (1.1)
Cathodic Reduction: O2 + 4e
– → 2O2– (1.2)
Overall: 2H2(g) + O2(g) → 2H2O + Heat (1.3)
Water gas shift reaction: CH4 + 2O2 → 2H2O + CO2 (1.4)
The reactants are separated by a dense ionically conductive electrolyte which pre-
vents direct combustion and enables the release of electrons to the external circuit.
In response to the chemical potential gradient generated, oxide ions O2– diffuse from
the cathode and combine with hydrogen to form water. Simultaneous electron trans-
fer and electrocatalytic ionisation can only occur at ’triple phase boundaries’, which
are regions where the gas phase, electronically conductive electrode and ionically
conductive electrolyte meet [19]. Here, reactant gases are adsorbed onto the surface
of the electrode and transported to the triple phase region before undergoing ionisa-
tion and diffusion into the electrolyte bulk. Sites which lack all three components are
said to be inactive, however the entire gas electrode interface becomes active when
electrodes are engineered with mixed ionic-electronic conductivity (MIEC) and can
conduct both electrons and ions. In this case, the interface simultaneously provides
a site for ionisation and bulk diffusion. The active surface area can be extended by
promoting porosity of the electrodes.
Solid oxide fuel cells are characterized by ceramic components and typically operate
at high temperatures between 800-1000 °C. This configuration offers the opportu-
nity for cogeneration and internal reforming (Eq. 1.4), and is cheaper than low
temperature polymer electrolyte fuel cells (PEM) which have the requirement for
noble metal catalysts. A range of fuels can be tolerated including alcohols, methane
and light hydrocarbons, although desulphurisation is still needed [16]. Internal re-
forming offers greater efficiency, costs savings and integration with current energy
carriers. Solid electrolytes enable scale down and reduce complexity. The basic
single cell configuration generates insufficient power output, and instead multiple
cells are combined to form a stacking configuration which requires sealants and in-
terconnects to hold each cell together, collect current and prevent gas mixing [20].
Tubular, monolithic, segmented and planar designs have advantages and limitations
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Figure 1.1: Schematic representation of a principle single cell configuration consisting of a thin
dense electrolytic membrane and porous electrodes with active triple phase regions contructed by
typical planar stacking.
depending on the individual cell components and operational temperature [15][20].
The latter can be self- or external supporting and offer good power densities and
cheaper fabrication costs.
1.2.2 Electrochemical transport
All crystals deviate from ideality above 0K, and may contain a range of macroscopic,
atomic or electronic defects which result from configurational entropy gains that
lower the free energy of the system. Figure 1.2 highlights the various mechanisms of
point (atomic) defect formation that can occur on either cation or anion sublattices
and which are vital for mass and charge transport in SOFC’s. When atoms have
sufficient energy to move from their regular lattice sites, defects can be generated
intrinsically under thermal equilibrium according to Eqs. 1.5-1.8 for a simple binary
oxide, MO. Intrinsic disorder reactions are activity independent and do not result
in mass transfer across the crystal boundaries, therefore stoichiometry is retained.
Schottky Defect: 0 = V′′M + Vo (1.5)
Anti Frenkel Defect: 0 = Vo + V
′′
i (1.6)
Intrinsic Ionisation: MxM = M
′
M + MM (1.7)
0 = e′ + h (1.8)
Only at high temperature does the defect concentration become appreciable. The
concentration of both ionic and electronic charge carriers in SOFC materials can
be enhanced extrinsically by the addition of aliovalent dopants according to defect
reactions 1.9 to 1.12. The simultaneous introduction of non-stoichiometry is given
by Eqs.1.9 and 1.11, alternativly acceptor and donor dopants may be charge com-
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pensated by localised or delocalised p- and n-type defects respectively according to
Eqs. 1.10 and 1.12. The compensating defect concentration is controlled by dopant
solubility, and is therefore independent of temperature and oxygen activity, however
it may be influenced by synthetic conditions.
Acceptor Doping: A2O
[MO]
2A′M + Vo + O×o (1.9)
1
2
O2(g) + A2O
[MO]
2A′M + 2h + 2O×o (1.10)
Donor Doping: D2O3
[MO]
2DM + O
′′
i + 2O
×
o (1.11)
D2O3
[MO]
2DM + 2e
′ + 2O×o +
1
2
O2(g) (1.12)
Defects may be introduced by reaction with the atmosphere, an example of non-
stoichiometry on the oxygen sublattice under high and low oxygen partial pressures
(p(O2)) is given by defect reactions 1.13-1.14. Gas phase equilibria depend on both
temperature and oxygen activities, and occur in conjunction with extrinsic and
purely thermal disorders. As such, extrinsically induced defects such as vacancies
may become annihilated according to Eq. 1.15. Metal activities are usually low
and are not considered here, however cation sublattice disorder may compensate for
variations of the activity, or substitutional defects.
Reducing conditions: O×o = Vo + 2e′ +
1
2
O2(g) (1.13)
Oxidising conditions:
1
2
O2(g) = O
′′
i + 2h (1.14)
O2(g) + Vo = O
×
o + 2h (1.15)
A number of defect reactions may take place simultaneously, although only a few
reactions will dominate the disorder. The concentration of a particular defect under
equilibrium corresponds to the minimum in the free energy of its formation, Eq.
1.16. The equilibrium constant for a defect reaction according to the law of mass
action is given by Eq. 1.17, and is a function of temperature and intrinsic properties
of the system. In accordance with Le Chateliers principle the concentration of
a particular defect may change with chemical activity at a certain temperature.
Expressions for the concentration of a defect can be formulated by substitution of
the electroneutrality condition for selected reaction(s) into Eq. 1.16.
Keq =
[C]c[D]d
[A]a[B]b
(1.16)
Keq = exp
(
–∆H◦
RT
)
· exp
(
∆S◦
R
)
(1.17)
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Whether ionic or electronic defects are the dominating defect or charge compensation
mechanism in metal oxides depends on conditions of temperature or p(O2), and the
intrinsic properties of the material. For example the ionisation potential of the cation
sublattice is important, since low energy redox couples common to transition metals
may facilitate intrinsic reactions such as disproportionation or charge transfer, and
valence state changes may provide a compensation mechansim lower in energy than
ionic defects such as vacancies or interstitials in extrinsic reactions (Eqs. 1.10,
1.12). Similarly the crystallographic structure might determine which defect can be
accommodated by local relaxation. Variable p(O2) (Eqs. 1.13-1.15) might alter the
concentration of ionic or electronic defects, and determine the primary mechanism of
dopant compensation. For SOFC applications the electrolyte must have dominating
ionic defects on the oxygen sublattice, whilst for electrode materials MIEC behaviour
requires both electronic and ionic defects.
For electronic conduction, p- or n- type valence defects must become mobile, which
depends on the band structure and energy difference between the valence and con-
duction bands. Metallic conduction arises from partially filled (e.g. Li) or over
lapping (e.g. Mg) bands, which can be somewhat influenced by orbital overlap and
therefore crystallographic structure. For insulators the band gap is large requiring
many electron volts of energy (≈9 eV) for electron promotion. Many oxides exhibit
semiconducting properties, the promotion of electrons from localised to delocalised
states (e.g. Eq. 1.8) can in many cases be described by band theory. However in
ionic crystals, polaron hopping between oxidation states is common. This is a result
of electron-phonon coupling, where the electron interacts electrostatically with the
host and deforms the local lattice, the degree of deformation determines the polaron
size (large or small). Therefore cation polarisabililty can influence the frequency of
successful electron jumps. For wide band gap oxides, electronic charge carriers may
not be significant until high temperature.
Figure 1.2: Mechanisms of point defect formation and O2– diffusion in metal oxides (MO). Left
to right, top to bottom: A pair of Schottky defects, an impurity atom on a regular lattice site, an
atom occupying an interstitial site, the vacancy mechanism and the direct and indirect interstitial
mechanisms.
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Solid state diffusion and mass transfer in metal oxides is only feasible in defective
systems, and can occur by three mechanisms; vacancy, interstitial and interstitialcy
(Figure 1.2). Vacancy diffusion is most common owing to the specific structural
requirements needed to host interstitial species. The mechanism proceeds by the
hopping of O2– ions into vacant sites (Vo ) which migrate in the opposite direction.
Interstitial O2– ions can directly hop into an adjoining interstitial site, or indirectly
by the cooperative migration of regular lattice oxygen ions between interstitial sites.
The diffusivity of oxygen ions through a solid medium can be described by the self-
diffusion coefficient (Eq. 1.18), which is formally the proportionality between the
diffusion flux and concentration gradient constant in Fick’s first law of diffusion.
D =
1
6
· n
t
· s2 (1.18)
n
t
= ωZNd (1.19)
Where Eq. 1.19 corresponds to the number of jumps per unit time which depends
on the jump frequency (ω), number of nearest neighbours (Z), the concentration of
available sites (Nd), and (s)the jump distance (s). It is therefore dependant on lattice
vibrations, the defect concentration and mechanism of diffusion which in turn are
related to crystal structure and composition. When an oxygen ion jumps, it must
surmount an energy barrier needed to displace neighbouring atoms and create a
sufficiently large opening for O2– passage. The jump frequency (ω) is dependant
on the number of available sites (Nd) and has a temperature dependence. Diffusion
is therefore an activated jump process with Arrhenius-type behaviour according to
Eq. 1.20.
D = Do e
–
(
Q
RT
)
(1.20)
Q = ∆Hm +∆Hd (1.21)
Do = α a
2
o ν Nd e
(
∆Sm+∆Sd
R
)
(1.22)
Q is the enthalpy of defect formation and activation enthalpy for migration, the pre-
exponential is a function of available sites (Nd), vibrational frequency (ν), and jump
distance (ao), (a=1/6). The fraction of available sites (e.g. Vo ) is a function of both
oxygen activity and temperature. For example, under intrinsic regimes the vacancy
concentration will increase with temperature and ∆Hd will be relevant. When the
concentration of available sites or defects is constant, for example at low temperature
and/or under extrinsic regimes Nd is fixed and Q=∆Hm. However variable p(O2)
will also affect the diffusion coefficient by either annihilating or creating appropriate
defects.
Defect association has the effect of adding an enthalpy term, and reducing the
defect concentration, particularly at low temperature. For interstitial diffusion Nd
is assumed to be unity.
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Fuel cell operation relies on the transport of matter and charge. The transport
of charged particles under an electric field is given by conductivity, which is the
proportionality between the electric field and current density expressed in S cm–1
and is inversely proportional to resistivity:
σ =
∑
i
σi
= σion + σelectronic
= σcation + σanion + σe– + σhole
(1.23)
σi = zie ci µi (1.24)
Where zie is the charge of particle i (coulombs), ci is the concentration of charge
carriers (cm3) and µi is carrier mobility (cm
2/Vs). The total electrical conductivity
is a sum of the partial conductivities of different charge carriers with contributions
from ions, electrons, and holes. Individual conductivities can be expressed in terms
of their transport numbers, the sum of all charge carriers equals unity.
σ = σ(tcation + tanion + te– + thole) (1.25)
ti = σi/σ (1.26)
As per Eqs. 1.19-1.20, the conductivity increases with charge carrier density. There-
fore materials with high levels of intrinsic or extrinsic disorder are desirable. Dopant
solubility is dependant on radii amenability between the host. Similarly charge car-
rier mobility is correlated with activation energy and therefore dependant on intrinsic
material properties such as composition and crystallographic structure. Although
once the energy of the band gap is exceeded, the mobility of electrons (and holes) is
several orders of magnitude higher than oxygen ions, and therefore contribute more
significantly to the conductivity. The mobility of charge carriers is related to their
diffusivity (Di) by the Nernest-Einstein relation (Eq. 1.27).
Nernst Einstien Relation: µi = ziq
Di
kT
(1.27)
Conduction in semi-conducting or ionically conducting oxides is an activated process
that follows Arrhenius type behaviour according to Eq. 1.28, where the activation
term may also correspond to the band gap (Eg), and the pre-exponential factor is a
function of charge carrier concentration.
σ = (
σ0
T
) · e(–EakT ) (1.28)
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1.2.3 Efficiency and polarisation
The enthalpy of formation of one mole of liquid or gaseous water (Eq. 1.3) is referred
to as the higher (-285.9 kJ mol–1) (HHV) or lower (-241.8 kJ mol–1) (LHV) heating
value of hydrogen. Not all the enthalpy generated in the formation of water can
be converted into useful work with 100% efficiency; instead some waste heat (Q) is
generated to compensate for the negative change in entropy that accompanies Eq.
1.3. Under reversible conditions the energy available for useful work is equivalent to
the free energy according to Eq. 1.29. The thermal efficiency is the ratio of Gibbs
free energy and the enthalpy of reaction 1.3; at 25 °C based on the HHV of hydrogen
this is given by Eq. 1.30.
∆G = ∆H – T∆S (1.29)
∆G
∆H
=
–237.2kJmol–1
–285.8kJmol–1
= 83% (1.30)
W = ∆G = –2FE = 1.229V (1.31)
With increasing temperature the free energy and thermal efficiency decrease, for ex-
ample increasing the temperature from 25 to 1000 °C decreases the thermodynamic
efficiency to 62%. Compare this with a heat engine whereby the combustion of hy-
drogen releases heat that can be used for expansion work and subsequent conversion
to mechanical and electrical work. Although conversion losses are incurred, the effi-
ciency given by the Carnot limit increases with temperature, and a cross over occurs
at about 670 °C. Conversely, increasing the pressure increases the thermodynamic
efficiency. For each mole of H2(g) consumed two moles of electrons are generated and
pass through the load, the theoretical cell voltage at 25°C is given by Eq. 1.31 . The
Nernst equation can be used to determine the EMF of the cell under non-standard
conditions.
Figure 1.3: Polarisation curve at 25 °C and 800 °C at 1 atm.
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Real processes however operate irreversibly; energy is lost to undesirable processes
resulting in a voltage drop from the ideal open circuit voltage (OCV). The working
efficiency is therefore the ratio between the operating and ideal cell voltages. As fig-
ure 1.3 shows the over potential increases with increasing current density extracted
from the cell to supply an electrical load. At zero current density the operational
open circuit voltage (OCV) is slightly lower than the reversible cell voltage, which
is a consequence of internal currents through the electrolyte which reduce electrons
given to the circuit. At low current densities the voltage undergoes a rapid non-
linear drop, attributed to activation polarization. A portion of the cell voltage is
lost to overcome the activation barriers for electrode redox reactions. Such losses
are more pronounced at the cathode due to slow kinetics associated with oxygen
reduction. At higher current densities the voltage drops linearly. Ohmic losses are
a material property, and are a combination of the electronic or ionic resistivities ex-
perienced by charge carriers in the electrolyte, electrodes or interconnect. At higher
current densities, concentration polarization arises from mass transport issues. As
reactants are consumed at either electrode, the partial pressures of both air and fuel
become depleted which generates a boundary layer that slows the diffusion of further
reactants. Generally however, a maximum power output of the cell is reached before
such losses become prominent and current densities above this region are generally
not extracted.
1.2.4 Challenges and materials design
Although the reversible cell voltage is lower at higher temperature, irreversible losses
decrease with temperature, and the operational voltage is actually greater in the high
temperature regime (800-1000 °C) (Figure 1.3). This is especially true at low current
densities. Increasing the temperature is therefore a viable method of reducing both
the effects of slow electrode kinetics and the high contributions to resistance made by
the electrolyte. However, commercialization has been hindered by poor long-term
durability and high materials costs that result from high temperature operation.
For example, thermal expansion between components induces stresses and fractures
which reduces their lifetime. Replacing the most expensive components - ceramic
interconnects and sealants - with metallic analogues would increase economic vi-
ability. Furthermore reducing the operating temperature would shorten start-up
time and low temperature applications could be considered. Examples include in-
termediate temperature auxiliary systems, micro combined heat and power (CHP)
(≈650-750 °C), and low temperature transport applications such as hybrid electric
vehicles (≈550 °C) where the high cost of platinum-based PEMFC’s is creating an
entry barrier to market [21][22][23].
The aim is therefore to simultaneously reduce polarisation losses and operating
temperature. However performance features often need to be balanced, for example
reducing the temperature also reduced electrode activity and ion mobility. There
are principally two strategies for overcoming temperature dependant performance
deterioration; either through efficient stack design or materials engineering. For
example, planar cells have shorter current paths and give good power densities
compared to other designs. Ohmic losses and electron crossover can be reduced
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by enhancing the ionic conductivity of the electrolyte or by thin film fabrication.
The thickness of the electrolyte, however, is limited by its mechanical strength and
subsequent fuel crossover. Electrode supported cells offer physical re-enforcement,
although ultra-thin films often require expensive deposition techniques [24]. Activa-
tion polarisation can be reduced by engineering materials with improved catalytic
activity or enhanced surface roughness to increase the exposed surface area to reac-
tant gases. Increasing reactant pressure increases fuel cell efficiency, however this is
partially offset by additional costs and considerations associated with cell design and
sealants. The hope is to meet these challenges by improving the intrinsic properties
of these materials on a more fundamental level.
1.3 High temperature proton conducting fuel
cells
1.3.1 Operation and advantages
Proton conductivity in oxides was first reported in the 1950’s, however, it wasn’t
until the work of Iwahara et al on perovskite systems in the 1980’s, that the appli-
cability of these materials in fuel cells was first realised [25]. A high temperature
proton conducting ceramic fuel cell (HTPC) operates similarly to an SOFC, with
the exception that the electrolyte conducts protons from the anode to the cathode
and water is generated at the reduction electrode. Scale down of SOFC configura-
tions for portable applications is hindered by the requirement for recirculation and
condensation of the anode gas to separate steam from the fuel. The HTPC arrange-
ment avoids this and offers complete fuel utilisation [26]. The opportunity for steam
and oxidative internal reforming is lost, however the dehydrogenation of methane
and desulphurisation of H2S are still under consideration [27][28][29].
Figure 1.4: Schematic representation of a high temperature proton conducting solid oxide fuel
cell (HTPC-FC).
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Protons are incorporated into the oxide via the dissociative adsorption of water
vapour, which requires structures with both oxide ion vacancies and lattice oxygen
ions. Protons bond covalently with lattice oxygen ions and hydroxyl anions fill
oxygen vacancies according to Eq. 1.32. Hydrogen gas from the dry state can
incorporate into the lattice if accompanied by the reduction of cation sites as per
Eq. 1.33. Alternatively protonic defects can annihilate positive defects such as holes
(Eq. 1.35).
H2O + Vo + O
×
o ↔ 2OHo (1.32)
H2(g) + 2O
×
o = 2OHo + 2e
′ (1.33)
H2O + 2h + 2O
×
o = 2OHo +
1
2
O2(g) (1.34)
H2 + 2h + 2O
×
o = 2OHo (1.35)
H2O + 2O
×
o = 2OHo + O
′′
i (1.36)
Reaction 1.32 is considered the most important for the uptake of protons due to
the minimisation of n-type electronic conduction. However protons can be compen-
sated by a range of negative defects including electrons, metal vacancies or oxygen
interstitials (Eq. 1.36) and may be incorporated during synthesis.
1.3.2 The Grotthus Mechanism
The key advantage of proton conducting electrolytes is the substantial reduction in
activation energy for proton migration (0.4-0.6 eV) compared to oxide ion migra-
tion which allows for significant improvement of the transport properties at lower
temperatures. Proton diffusion follows a two-step Grotthus type mechanism, which
involves rotational diffusion of a proton about the oxygen ion it is bound to, fol-
lowed by transfer to a neighbouring ion which is facilitated by bending of the metal
to oxygen bond (Figure 1.5) [30]. There is still some debate in the literature as to
whether rotation or transfer is the rate limiting step, however numerous molecular
dynamics (MD) simulations have shown considerably lower activation barriers for
rotational diffusion (≈0.1 eV) [31][32][33][34]. Most computational studies have been
performed on perovskite oxides and thus a description of the transport mechanism
is still limited. Conversely the infra-red spectra of this structural type show marked
red-shifts of the O-H stretch, indicating strong H-bonding which would restrict re-
organisation but aid transfer [35]. Further MD simulations showed the energy of
H-bond formation compensates the structural deformations needed to facilitate it
over a wide range of oxygen separations, implying the two steps have similar prob-
abilities [36][37][38]. The proton is suggested to form transient H bonds with all
nearest neighbours, however momentarily forms a stronger, shorter bond as the
O-O separation closes [36][37][38].
It has been shown both computationally and experimentally that large lattice con-
stants are required for reorientation and H-bond breaking, and only when the proton
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Figure 1.5: Schematic representation of the Grotthus mechanism of proton transport derived
from computational and experimental studies on perovskite structured oxides.
is orientated in the correct way can it transfer to a neighbouring oxygen ion [34][38].
Proton diffusion is highly correlated with the dynamics of the oxygen ion sublattice.
Thermal vibrations momentarily reduce the O-M-O angle and corresponding energy
barrier, enabling H-bond breakage and transfer [39]. Proton transfer was shown
to be non-linear, instead it undergoes a curved trajectory facilitated by M-O bond
lengthening, which minimises repulsive forces between the cation [34][35][38][40].
This displacive distortion is suggested to contribute the most to the activation en-
ergy (0.4-0.6eV) and is the reason why migration barriers do not reflect tunnelling
mechanisms. Similarly to oxide ion conductors, protons can become trapped, spend-
ing extended amounts of time in the vicinity of dopants which raises this barrier
further [41]. The Grotthus mechanism has a number of advantages over oxide ion
migration. Firstly assuming reasonable lattice symmetry, the proton is completely
surrounded by suitable migration sites; such a high concentration of defects could
not be tolerated in oxide ion conducting materials. Due to the small nature of the
diffusing species lattice distortions can be easily compensated by hydrogen bonding;
the rotational and transference processes are of low energy and fast. The highest
proton mobilities are found for systems with low packing densities, and large vibra-
tional amplitudes [36][42]. Therefore a consideration of the bond length, strength
and cation polarisability is required. A number of other empirical relations such
as lattice distortions and chemical perturbations are suggested to influence proton
mobility [36].
1.3.3 Defect Equilibria
The dissolution of protonic defects (Eq. 1.32) is exothermic and can be defined with
the equilibrium expression (1.37) that is a function of the enthalpy and entropy of the
hydration reaction. In accordance with Le Chatelier’s principle the concentration
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of protons will increase with water vapour pressure, but the equilibrium constant
will decrease with temperature, favouring the reverse reaction and recombination
of protons and hydroxyl species. As a result there is competition between proton
mobility and concentration which is governed by the dehydration temperature.
H2O + Vo + O
×
o ↔ 2OHo (∆H = –ve) (1.37)
Khyd =
[OHo]
2
[Vo ][O
×
o ]pH2O
= exp(
∆So
R )exp(–
∆Ho
RT ) (1.38)
It is desirable to generate materials with high equilibrium constants over a useful
range of temperatures that correspond to fuel cell operational conditions. Therefore
negative hydration enthalpies are required, which empirically are related to oxide
basicity, and protonic defects are typically stabilised in materials with alkaline earth
cations. The entropy term results from the loss of one gas molecule, and should be
less negative, however no such correlation with materials properties has been found
[43][38].
Figure 1.6: Concentration of protonic defects as a function of temperature for several acceptor
doped alkaline earth perovskites. Adapted from [36].
For Eq. 1.32, the theoretical saturation level (S) corresponds to twice the vacancy
concentration. However the effective saturation level is conditions dependant and a
function of thermodynamic parameters (Khyd, p(H2O), T). Furthermore even if the
requirements of high p(H2O), Khyd and low temperature are met, full saturation
may not be achieved [37]. For example dopant site mixing resulting in donor be-
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haviour, or metal vacancies induced by volatilisation during thermal processing have
the effect of annihilating anion vacancies. Similarly structural distortions which re-
sult in site in-equivalence are suggested to affect proton interaction energies, leading
to preferential stabilisation of certain oxygen sites over others. At low temperatures
and high p(H2O) protons are considered the dominating defects, and the presence
of protonic charge carriers are evident by a p(H2O) dependence in the total con-
ductivity or D2O isotope effect [37][44]. However with increasing temperature or
decreasing p(H2O) a competition between oxide ion, proton or electronic defects in
accordance with Eq. 1.12 and 1.14 is evident. The concentration of each defect is
determined by the equilibrium constant for each reaction and the thermodynamic
parameters that govern it. Depending on the material properties, the total conduc-
tivity will therefore also show a p(O2) dependence under the appropriate conditions.
For HTPC-SOFC applications proton conducting oxides should stabilise a high con-
centration of hydrogen defects in wet atmospheres of typically p(H2O)=1atm, and
exhibit conductivities in the region of 0.01 S cm–1 to avoid the requirement for
impractically thin film electrolytes [44]. The hydration dynamics must be also be
favourable at the desired temperature range of operation (≈500-700 °C).
1.4 Materials for high temperature fuel cells
1.4.1 Materials requirements
In developing highly functional materials for intermediate temperature fuel cells and
related applications, a number of requirements must be met. The total area specific
resistivity (ASR) of the electrolyte should ideally be no more than 0.15 Ω cm2,
with ionic conductivities >10–2 S cm–1 at the desired operating temperature. Low
electronic conductivity and good sinterability is essential to reduce fuel cross over
and short circuiting. The electrodes must have high electronic conductivity and
be active to electro-oxidation or reduction whilst simultaneously be able to trans-
port ions and reactant gases. Common to all components is the requirement for
mechanical, chemical and thermodynamic stability over the temperature range and
conditions of operation. SOFC’s experience thermal and chemical potential gradi-
ents, particularly across the electrolyte, of which must therefore maintain a broad
electrolytic domain. Materials should therefore be engineered with high enthalpies
of formation with respect to their constituents or potential reaction products with
either fuel, oxidant or trace impurities (e.g. SO2). Furthermore chemical compati-
bility is needed between electrodes and electrolyte to prevent unwanted interfacial
reactions that might generate blocking phases. Thermally induced fracturing dur-
ing cycling can be reduced by ensuring the thermal expansion coefficients (TEC) of
each component match, and mechanical stability can be promoted by tailoring stack
design and selecting materials with high ceramic strength. Processing amenability
is therefore essential, for example thin film or porous structures should be fabricated
with ease and at low cost. Meeting these requirements begins with engineering oxide
structures with the appropriate transport properties, and which can accommodate
high levels of intrinsic or extrinsic disorder.
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1.4.2 Electrolyte Materials
Fluorite structured oxides were the first solid oxide membrane materials to be devel-
oped, and to this day constitute the electrolytes of choice for the testing of prototype
fuel cells. The most well studied is that of 8 mol% yttria stabilised zirconia (8%
YSZ), the properties of which remain the benchmark for continued research. The
cubic fluorite (AO2) structure consists of an fcc array of large 8 coordinate A site
cations with O2– in tetrahedral sites. The structure is stable when the cation-anion
ratio (R+/R–) is close to 0.7, and A is around ≈1A˚ which is typical of early lan-
thanides such as CeO2 (Ce
4+=0.97A˚) [45]. Zr4+ is too small to sustain the structure,
and ZrO2 forms 3 polymorphs with monoclinic (25-1170 °C), tetragonal (1170-2370
°C) and cubic symmetry (>2370 °C) [46]. Progressive doping with larger aliovalent
cations e.g. rare earths or alkaline earths, stabilises the tetragonal (≈2-2.5%) and
cubic forms (≈8-12%) to room temperature and generates extrinsic disorder, high
levels of which can be accommodated [47][48][49].
Numerous dopants have been incorporated into the structure of CeO2 and ZrO2,
the conductivity depends on both dopant concentration and A site radius, however
is wholly ionic (t ≈1) under oxidising conditions [47][48][49][50]. The conductivity
increases as the dopant radius approaches that of the host, the highest level was
recorded for 10% Sc3+ and Y3+ doped ZrO2 of 10
–1 S cm–1 and 3x10–2 S cm–1 at
800 °C respectively and 20% Gd3+ doped CeO2 (CGO) of 1.5x10
–1 S cm–1 at the
same temperature [50][51]. The conductivity of Ce0.8Sm0.2O3–δ is 5 times higher
than that of YSZ at the same substitutional level [52]. With increasing doping level
the conductivity reaches a maximum and tails off, attributable to the formation
of defect vacancy associates. As Figure 1.8 shows, the magnitude of the decline
reduces as the A site radius approaches that of the host, which in turn reduces the
association binding energy and activation energy [53][54].
Despite the higher conductivity of CGO, the transport number decreases steadily
at oxygen partial pressures below 10–5atm, eventually reaching t=0 at 10–20atm (at
800 °C); YSZ however has a wide electrolytic domain [55]. Under reducing conditions
Ce4+ readily reduces to Ce3+ to become an n-type electronic conductor, with small
polaron hopping between the cerium sites. Although the electronic contributions
are low below 700 °C, the redox flexibility of cerium causes cell volume expansion-
contraction and subsequent microcracking. Experimental and computational studies
have shown both YSZ and CGO to have high grain boundary resistance, and dopant
segregation, and so the interfacial regions are particularly susceptible [56][57]. At-
tempts to reduce this phenomenon were performed by adding a thin layer of YSZ
at the anode side of CGO electrolytes, however this resulted in reactivity between
the components [45].
One of the most ionically (O2–) conductive materials discovered is δ-Bi2O3, which
also belongs to the fluorite family. Bi2O3 is polymorphic forming a monoclinic α-
phase at room temperature which converts to the cubic δ- form at 729-824 °C and is
accompanied by a 3 order magnitude increase in conductivity to 1 S cm–1 and 2.3 S
cm–1 at 730 °C and 800 °C respectively [59][60]. On cooling Bi2O3 exhibits thermal
hysteresis, and either metastable tetragonal β- or cubic γ- phases result depending
on the cooling regime. δ-Bi2O3 has high intrinsic disorder, with a random distribu-
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Figure 1.7: A: Comparison of the ionic conductivity of several fluorite and perovskite structured
oxides. Adapted from [58].
tion of oxygen vacancies on 25% of sites, which results in displacement of half the
occupied tetrahedral interstices. The sharp increase in conductivity between the α-
and δ- forms results from disordering of vacancy clusters and is accompanied by a
large volume expansion [61]. Many cations can be substituted for Bi3+ to extend the
cubic domain to room temperature (e.g. 22-27 mol% WO3 or 25-43 mol% Y2O3)
[60][61]. However this is at a detriment to conductivity, which further declines with
additions beyond that required to stabilise cubic symmetry, and results in vacancy
ordering along the (111) plane below 600 °C [62]. The highest conductivity was re-
ported for Bi0.8Er0.2O1.5 of 0.23 S cm
–1 at 650 °C, however the substituted phases
gradually age and form a vacancy ordered rhombohedral phase with significantly
lower conductivity [61]. The use of Bi2O3 in devices is further hampered by elec-
tronic conductivity under low p(O2), low strength and Bi
3+ volatilisation [63].
From the early work of the fluorite system, a number of empirical relations were
identified that could be used as a predictor of fast ion transport [64][65][66][67].
To maximise the pre-exponential factor of the conductivity equation, the structure
must accommodate a high concentration of mobile charge carriers. This is deter-
mined by both the concentration of intrinsic or extrinsic defects and interactions
between defects and the host lattice, which effectively trap the charge carrier at low
temperature [67]. Many types of associations are possible which may be present at
both low and high dopant concentrations, but may become significant leading to
long or short range ordering, clustering and superstructure formation such as the
case of YSZ, CGO and particularly δ-Bi2O3 [68][69]. Such associations add an extra
term to the activation energy.
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Figure 1.8: Activation energy of Ce1–xAxO2–δ as a function of dopant concentration.
A number of studies have shown associate formation results from both electro-
static and elastic effects, and depends on both dopant concentration and type
[69][66][70][71]. In fluorite systems, there has been a lot of debate as to whether the
vacancy is associated with host or dopant, however a number of experimental and
computational studies have suggested the mechanism varies depending on whether
elastic or electrostatic terms dominate for a given composition [68][70][71][54]. For
example the activation minima that accompanies substitutional concentrations cor-
responding to the conductivity maxima was ascribed to the formation of dimers at
low concentrations via electrostatic interactions, and higher order clusters at high
dopant concentrations [71]. The activation energy minima observed as a function of
dopant radius for a given substitutional level was attributed to a minima in the asso-
ciation binding energy where a cross over from interactions involving first and second
nearest neighbours or dopants occurs as the radius increases [70][54][72]. Therefore
fast ion conduction is achieved with careful dopant selection and consideration of
the concentration which maximises charge carrier density and mobility.
Both 8 mol% YSZ and 20 mol% CGO offer a good compromise, although associa-
tions are still present requiring heating above 600 °C and 400 °C respectively [73].
Lattice symmetry has been advocated as being essential for maintaining energetic
equivalence of the oxygen sites that are important for oxygen ion mobility, and
new materials should adopt symmetry that is close to cubic [74]. The exceptionally
high conductivity of δ-Bi2O3 highlights the importance of lattice softness, larger
more polarisable cations particularly those with active lone pairs deform more eas-
ily reducing the migration barrier that the O2– ion has to overcome as it passes
the ’bottleneck’. This lead to the notion that candidates must have open structures
with weak bonding energies, and therefore free volume or specific free volume (SFV)
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which can also be considered a measure of softness, should be maximised. δ-Bi2O3
has a low melting point (804 °C) and a higher SFV of 0.5 compared to 20 mol%
CGO (0.38) and 20 mol% YSZ (0.31) [74]. The early work was not restricted to
fluorite structures; many SOFC cathodes were developed by manipulating oxides
with the perovskite structure (ABO3) which can accommodate numerous charge
and radii combinations on both the A and B site. The structure is composed of
large A cations in cubo-octahedral holes and smaller corner sharing BO6 octahedra.
When A is of similar radius to oxygen (1.4 A˚) and B ≈0.58 A˚ cubic symmetry is
typically adopted. As the radius of A decreases and B increases, octahedral tilt-
ing reduces the symmetry to orthorhombic or rhombohedral, whilst the opposite
generates hexagonal or tetragonal symmetry [75]. Distortions can be quantified
by a tolerance factor, for cubic perovskites t ≈1 [76]. To date only orthorhombic
LaGaO3 has been found to be suitable for electrolyte applications; the conductivity
of La0.9Sr0.1Ga0.8Mg0.2O3–δ (LSGM) approaches that of CGO (0.1 S cm
–1 750 °C)
whilst offering a wide ionic domain (1-10–20 atm) and low TEC [77][78][63]. LSGM
also shows proton conductivity of 5 x 10–2 S cm–1 at 600 °C [79]. A disadvantage of
the LaGaO3 system is both the cost and volatilisation of Ga2O3 and its reactivity
with electrodes particularly NiO anodes [63].
Further doping was shown to lead to defect association, and the optimum oxygen
deficiency was shown to be δ=0.2 [63][80]. It was noted that the conductivity de-
creased quite linearly with tolerance factor as the A site was substituted in the order
of A=Sr>Ba>Ca and A=Nd>Sm>Gd>Yb>Y [63][81]. However based on symme-
try alone, cubic La0.9Sr0.1Al0.9Mg0.1O2.9 (LSAM) should offer higher conductivity,
which it does not [82]. Studies have shown a generalised positive correlation between
conductivity (specifically activation energy) and SFV which should be between 30-35
A˚, and critical radius (rc), which is the saddle point formed by two A site cations and
one B site cation that the O2– must pass [83][84][83][85]. As such indium deriva-
tives of LSGM should offer the best transport properties. These parameters are
often competing however, for example SFV and rc often have an inverse relationship
to t, whilst oxygen vacancies increase the free volume but also offer higher charge
carrier concentrations [85][80]. A more extensive survey of various perovskite com-
positions showed that the conductivity was highest at t=0.96 which offers a good
trade-off between symmetry (t) and free volume, and might explain the properties
of LSGM (t=0.964) [80][74]. Other factors such as bond energy, cation polarisabil-
ity and charge were shown to correlate with conductivity, and in reality a complex
interplay between many factors determines the ionic transport in these structures
[83][80][74][64]. As a result of these early empirical findings, a number of other cubic
systems were investigated.
For example LAMOX, which belongs to the La2Mo2O9 family adopts a monoclinic
superstructure at room temperature and is structurally similar to β-SnWO4. On
heating above 580 °C, LAMOX undergoes an order-disorder transition resulting in
considerable volume expansion and affording cubic symmetry. This is accompa-
nied by a 2 order increase in ionic conductivity (0.03 S cm–1 at 720 °C) and high
oxygen diffusivity; 1.41 x 10–6 cm2 s–1 at 800 °C (La1.7Gd0.3Mo2O9) compared to
La0.8Sr0.2Ga0.8Mg0.2O3–δ (4.13 x10
–7 cm2 s–1) and Zr0.81Y0.19O2–δ (6.2x10
–8 cm2
s–1) [58][86]. However molybdenum is sensitive to reduction; a number of dopants
including bismuth have been incorporated to overcome this and depress the transi-
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tion [58]. Despite these investigations YSZ remains the best candidate due to its low
TEC, reasonable chemical and mechanical stability and large electrolytic domain.
1.4.3 Cathode electrode
Because the perovskite structure can tolerate extensive modifications, many ABO3
materials display semi-conducting or metallic behaviours desirable for electrode ap-
plications. These properties typically rely on the electronic compensation of accep-
tor dopants through the incorporation of transition metals (TM) with flexible redox
couples. The charge transfer mechanism which proceeds by polaron hopping along
TM-O-TM chains, depends on both the crystallographic and electronic structure,
and the nature of the dopant. However, the development of MIEC cathodes is desir-
able to enhance reduction kinetics and reduce polarisation losses by extending the
effective triple phase region; where the gas-MIEC interface enables the simultaneous
reduction and bulk diffusion of oxygen. Therefore it is desirable to enhance both
the oxygen surface exchange and diffusion coefficients, and the measurement of both
these parameters provides a tool for predicting high cathode performance.
Many simple perovskites have been extensively studied (LaCoO3, LaMnO3,
LaFeO3), however to obtain the best performance, these materials (and the other
components) in the fuel cell must operate at temperatures in excess of 800 °C [85][87].
Therefore attention has focussed on the development of cathodes with lower polari-
sation resistance at intermediate temperatures. LaMnO3 perovskites have remained
the state of the art cathode for many years, owing to their good intrinsic p-type con-
ductivity which is enhanced on acceptor doping with alkaline earth cations. Charge
compensation by Mn4+ affords conductivities in the region 2-300 S cm–1 at 900
°C for La1–xSrxMnO3–δ [88]. However its main limitation is the increase in TEC
with strontium doping and its reactivity with YSZ upon sintering to form insulating
pyrochlore phases [89][90]. The latter can be minimised by adding a layer of YSZ
between the cathode, and substitution of lanthanum with smaller cations Pr, Nd
and Sm were shown to enhance stability [91][89]. Due to the poor ionic conductivity
of LSM, YSZ composite formation is necessary [92].
Interest in MIEC cathodes initially focused on La1–xSrxCoO3 (LSC), which offers
good oxide ion conductivity and very high electronic conductivity of 1600 S cm–1 at
800 °C [93]. However it has many disadvantages that preclude device application.
Although stable with CeO2 electrolytes it is much more reactive with YSZ, has a
larger TEC and also undergoes both an oxygen vacancy order transition and metal
insulator transition at p(O2) >1x10
–3 atm [94][95]. Replacement of the A site with
Gd and Sm was shown to improve the stability of LSC, and doping the B site with
iron reduces thermal expansion [96]. La0.6Sr0.4Co0.8Fe0.2O3–δ (LSCF) in particular
has attracted attention owing to the materials reasonable electronic conductivity
(350 S cm–1) and increase in ionic conductivity due to the stability of iron to ox-
idation. Replacement of La for Nd increased the conductivity to 600 S cm–1 [93].
Both LSCF and the barium derivative Ba0.5Sr0.5Co0.8Fe0.2O3–δ (BSCF) are more
suited to intermediate temperature applications owing to their high conductivity
and good surface exchange properties [97]. The degree of orbital overlap is depen-
dent on both the electronic structure of the cation and degree of distortion from
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cubic symmetry [85]. Although comprehensive relations between charge transfer
and structural features in the context of cathode perovskites are not well reported,
deviation from cubic symmetry is shown to reduce the TM-O-TM angle from 180o
and increases the band gap. For example the transition to metallic behaviour of
LSC and the increase in Mn4+ content on strontium doping of LSM, both cause the
angle to approach 180o, and are accompanied by an increase in electronic transport
[85]. However unlike ionic transport in perovskites, models have not been devised
to predict structures which might meet these conditions. Investigation of other per-
ovskite structured cathodes has focused on triple doping the B site and derivatives
of LaAlO3 which offer little added benefit [87]. The conductivity of LaNi0.6Fe0.4O3
however is 3 times that of LSM and La0.6Sr0.4FeO3–δ was shown to offer very good
diffusion and surface exchange properties [85]. Attention has mostly been focussed
on optimisation and overcoming issues relating to Cr poisoning, dopant segregation
and electrolyte reactivity. More recently there has been growing interest in novel
layered or cation ordered non-perovskite structures (Section 1.5).
1.4.4 Anode electrode
Early anodes for high temperature fuel cells were based on porous metallic con-
structions e.g. Ni, Ru, Pt, Fe, Mn, Co of which Ni had the highest electrochemical
activity for H2 oxidation. Pure nickel has a high electronic conductivity (2 x 10
4 S
cm–1 at 1000 °C) however displays a large TEC and suffers from grain growth and
aggregation which greatly reduces the triple phase region [98][99]. Addition of YSZ
to form a composite ’cermet’ electrode supresses both these issues whilst extending
the surface area and reaction zone to 3 dimensions which enhances the reaction
kinetics [98].
To this day Ni/YSZ cermets are used as SOFC anodes, owing to their good elec-
trocatalytic properties, appropriate mechanical strength and low relative cost. A
number of methods have been used to prepare composites and precursor NiO-YSZ
powders including, dry pressing, co-precipitation and hot moulding, however con-
ventional ceramic processing of NiO-YSZ powders which are then reduced during
fuel cell operation is most common [100]. The electrical conductivity of Ni/YSZ
depends on a number of macro and microstructural features including the volume
fraction, spatial distribution, and size of each component in addition to porosity
and thickness of the electrodes [98][100]. This is further dependant on the starting
materials and processing conditions.
For example the percolation threshold for a random distribution of particulate
spheres in 3D space is 33% of the volume fraction, ideally the pore and Ni phases
should exceed this to ensure a continuous network for electrons and gas molecules
to reach electrolyte interfaces. The threshold can be reduced by manipulating the
distribution of phase by altering the shape and size of the particles of each phase
[98][100]. The highest conductivities are reported for fine NiO and coarse YSZ par-
ticles, the former of which cluster around the later to generate a continuous pathway
whilst also maintaining a good YSZ volume fraction [101]. Porosity is essential to
promote triple phase boundaries and can be promoted with pore formers (e.g. car-
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bon fibre), however sufficient connectivity must be maintained between each phase
[98][100].
A major advantage of solid oxide fuel cells is the potential for internal reforming
which greatly reduces the complexity, size and cost of external/pre-reforming con-
figurations and enables the integration of current energy carriers such as natural
gas. A number of catalytic routes are available for producing H2, however steam
reforming followed by the water-gas shift reaction is the most common, and can
be utilised directly over Ni/YSZ anodes. However, high steam-carbon ratios (S/C)
in excess of 2 are required to prevent carbon deposition which results from the ac-
tivity of nickel towards hydrocarbon cracking, which subsequently dilutes the fuel
[102][98][99]. Nickel also suffers from sulphur poisoning which is a common contam-
inant [102]. It is the desire of the research community to develop anodes which can
oxidise hydrocarbon fuels directly (in the absence of steam) and which have good car-
bon tolerance whilst simultaneously operating at intermediate temperatures [103].
Numerous studies have sought to lower Ni/YSZ cermet susceptibility to hydrocar-
bon cracking and sulphur poisoning. The focus has been towards replacing nickel
with copper due to its inactivity towards catalytic carbon formation, and YSZ with
CeO2 which is an effective oxidation catalyst and offers high resistance to carbon
deposition [104][99]. A number of MIEC perovskite and fluorite structured oxides
have been investigated as single phase anodes or components of composite anodes
[99]. Of interest is La1–xSrxCrO3, which has good electronic conductivity and sta-
bility in both reducing and oxidising atmospheres. Both A and B site substitutions
were shown to reduce polarisation resistance, the lowest of which was afforded on
10% Ni doping [105].
1.4.5 Proton conductors
The alkaline-earth cerates ACeO3 (A=Ba, Sr) were the first proton conductors to
be extensively studied [26]. To this date simple acceptor doped perovskites of the
form AB1–xMxO3–δ (A=Ba, Sr, Ca B= Ce, Zr, Ti, Sn, Nb and M=Y, Gd) display
transport properties unrivalled by any other structure or composition. Oxygen va-
cancies are introduced by aliovalent doping, enabling the incorporation of protonic
defects by the dissociative absorption of water. The highest proton conductivity is
observed for BaZrO3 and BaCeO3 doped with 10-20 mol% Y or Gd of ≈10–1 - 10–2
S cm–1 at 5-600 °C [26][36][106][107][108]. Although the literature is inconsistent
as to which composition is superior, the bulk conductivity of 20 mol% BaZrO3 is
reported to be as high as 0.11 S cm–1 at 500 °C [109].
From the early work on perovskite systems, several empirical relations have been
identified to develop new proton conductors [36]. The concentration of protonic de-
fects under equilibrium depends on both the enthalpy and entropy of the hydration
reaction at a given temperature, in addition to the dopant level, processing condi-
tions and crystallography. The hydration enthalpy is seen to become more negative
in order of the B cation Ti<Nb<Zr<Sn<Ce [35]. This was attributed to increasing
electropositivity of the cation which forms a more basic oxide, and subsequently a
stronger O-H interaction [35][37][36]. It was later shown that the hydration enthalpy
correlated linearly with the difference in electronegativity (∆XB-A), and that this
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difference should be minimised [43]. For the rare earth sesquoxides (RE2O3 with the
CaF2 structure) the hydration enthalpy was shown to be correlated with formation
enthalpy and packing density, which is the opposite of the perovskites. Due to their
average transport properties, for example Ca doped Gd2O3 has the highest con-
ductivity of 7.5 x 10–4 at 900 °C, further studies have not been performed [43][110].
However negative hydration enthalpies are not a guarantee of high dehydration tem-
perature, for example 2% Y doped BaCeO3 has a less negative enthalpy (-126.6 kJ
mol) relative to 10% Y doped BaCeO3 (-166.7 kJ mol
–1), yet a higher dehydration
temperature due to it also having a less negative hydration entropy [38]. The same
is true for Y:BaZrO3 which despite the low hydration enthalpy (-75.7 kJmol
–1), de-
hydrates at 4-500 °C which is higher than expected in relation to the cerates (600
°C) [38]. With continued heating the transport number decays to about ≈0.5 at 800
°C (Y:BaCeO3) as water desorbs and the conductivity is dominated by oxide ion
and p-type contributions [36]. The tolerance factor is suggested to be a significant
parameter in determining both proton mobility and concentration.
Cubic perovskites such as BaZrO3 were shown to have saturation levels (S) in excess
of 80% dopant concentration [26][36][38][109]. The orthorhombic distortion of the
cerates and SrZrO3 appears to reduce this significantly [109]. For example SrCeO3
which has a strong distortion, S can be as low as 30%. This is attributed to the
removal of oxygen site degeneracy affording two distinct sites, each with different
electron densities and basicities which create different proton binding energies [38].
This has consequences for the proton migration enthalpy. The O2 and O1 sites offer
the most basic oxygen sites in BaCeO3 and SrCeO3 respectively, but because the
O1/O2 sites have an occupation probability of 1/3 and 2/3, the activation energy
is higher for 10 mol% SrCeO3 (0.63eV) compared to BaCeO3 (0.5eV) because the
proton is forced to transfer between O1 and O2 [38][36]. Cubic BaZrO3 has the
lowest activation enthalpy (10% Y doped BaZrO3 0.42eV) and as a result offers
superior bulk conductivity relative to BaCeO3 [109].
Similarly to oxide ion conductors, the mobility was shown to depend strongly on lat-
tice volume; studies of both the rare earth sesquoxides and perovskites have shown
the activation energy decreases as the cell constant increases, which aids rotational
diffusion [36][38][42][111]. Similarly the proton transfer step is aided with large vi-
brational amplitudes of the oxygen sublattice, and the activation energy is lowest
for structures with covalency and small lattice energies (weak bonding) [43][37][44].
This is no surprise given that proton diffusion is correlated with the oxygen sub-
lattice. The high mobility of BaZrO3 was speculated to arise from Zr-O covalency
which aids lattice softening and favourable vibrations of the oxygen sublattice, whilst
reducing charge density on Zr4+ and repulsive interactions [38][34][109].
Barium perovskites can accommodate rare earth substitutions (RE=Y, Gd, Pr) in
reasonable concentrations up to 15-17 mol% (BaCeO3) and >20 mol% (BaZrO3)
with only mild perturbations of symmetry [26]. However unlike fluorite structured
oxide ion conductors the maximum conductivity is not attained with similar dopant
radii, instead the relation is more complicated. For example In3+ and Sc3+ match
the radius of Zr4+ better than Y3+, however both result in a lower proton mobility,
whilst the mobility and hydration enthalpy of Y:BaZrO3 is independent of dopant
concentrations up to ≈15-20 mol%. Similarly Y and Gd increase the conductivity
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Figure 1.9: Comparison of the protonic conductivity of simple alkaline earth doped perovskites
(p(H2O))=30 hPa), adapted from [36].
of BaCeO3 more than In
3+ even though their solubility is limited. Although the
activation enthalpy increases with doping BaCeO3, this is offset by the hydration
enthalpy becoming more negative thus the net effect is an increase in conductivity.
Y and Gd are deemed the best dopants for BaZrO3 and BaCeO3 respectively due to
the fact that they best match the host basicity [36][35][38]. However a symmetry cor-
relation was found; increasing dopant radius (M= Y, Gd, Sm, Nd,) led to a greater
orthorhombic distortion of BaCe0.9M0.1O3–δ and reduction in proton concentration
[112]. Recently it has been shown that proton conductors exhibit trapping effects,
but the specific relation to dopant type and concentration remains to be explored
[113][114].
BaCeO3 perovskites are precluded from device application due to their thermody-
namic instability with respect to carbonate and hydroxide formation below 1090 °C
and 900 °C respectively [115]. Their high reactivity under acidic and hydrolytic me-
dia has been attributed to both the highly basic nature of these oxides and their low
formation enthalpies (tolerance factors) [116]. The decomposition temperature was
found to decrease as the radius of the rare earth dopant decreased, however start-up
and shut-down cycles would degrade BaCeO3 over time. BaZrO3 perovskites are
stable, however they have poor sinterability and high grain boundary resistance [36].
For example the conductivity increases by an order of magnitude as the grain size
reduces from 500 µm to 1 , and then again six-fold for single crystal BaZrO3 [109].
The origin of the resistance is believed to be mobility suppression by structural
distortions, and a combination of barium deficiency and yttria surplus on the zirco-
nium site [117]. Numerous attempts have been made to increase the sinterability of
1.5. Next generation materials 57
BaZrO3, however only complex or expensive routes achieve sufficiently large grains
without degrading bulk properties [118][119][120][121].
In an attempt to obtain a compromise between the high conductivity, sinterabil-
ity and stability the solid solution series BaO-CeO2-ZrO2-Y2O3 have been investi-
gated. Of the series BaCe0.72Zr0.1Y0.2O3–δ (BCZY) offers a good compromise of
these properties, however enhancing one property is at the detriment of another
[26]. The development of electrodes for HTPC-FC’s follows many of the specifica-
tions placed on cathodes and anodes for SOFC’s, with the exception that mixed
proton-electronic conductivity (MPEC) is required. Unfortunately materials that
show both high electronic-protonic transport under oxidising conditions are very
limited, and no formal cathode candidates have been developed. Because BaCeO3
shows mixed protonic-electronic conductivity under humidified atmospheres at high
temperature and p(O2) (te ≈0.2 tH+ ≈ 0.5) most MPEC’s are based on this ma-
terial [122]. BaCe1–xMxO3 (M=Eu, Sm, Yb) in particular show MPEC behaviour
with the best conductivity observed for Yb=0.1 with σh=4.2 x 10–3 S cm–1 at 700
°C which is insufficient for fuel cell applications [123]. The derivatives BaPrO3 and
BaTbO3 are under consideration owing to their mixed valence B site cations, for ex-
ample BaZr0.8–xPrxY0.2O3–δ x=0.4 increases the proton conductivity to 4.5 x 10
–2
Scm–1 at 700 °C [124]. Sr2TiO4 was also recently shown to be a proton conductor
[125]. However the relatively high oxygen transport of BaCeO3 is an issue for de-
vices. Proton incorporation into purely electronic conductors such as LaMnO3 is an
alternative solution, however to date this has not been accomplished [125]. Anodes
for HTPC-FC’s are another challenge, Ni-BZCY cermets Ba(Zr0.1Ce0.7Y0.2)O3–δ
have been prepared and show good stability under reducing conditions and CO2,
however studies in this field are scarce [126].
1.5 Next generation materials
1.5.1 Low symmetry Structures
The notion that fast ion transport requires structures which offer high symmetry
developed from the earlier work on fluorite and perovskite systems. However, there
are a plethora of oxides that deviate substantially from cubic symmetry which have
gained growing attention amongst researchers. Diffusion in three dimensions is not a
pre-requisite for fast ion transport, and materials with atypical structural chemistry
offer properties competitive with traditional oxide ion conductors. As the following
discussion will show, many ’next generation’ materials were shown to be of low
dimensionality with anisotropic diffusion pathways. An extreme example is that of
triclinic structured oxides such as oxygen excess apatite’s, La10–x(GeO4)6O3–1.5x,
which despite excessive structural distortion offer channels for oxide ion diffusion
[127]. Much of the proceeding discussion will focus on structures that deviate from
cubic symmetry.
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Figure 1.10: Ionic conductivity of several low symmetry structures in comparison to 8 mol% YSZ
[58][128][129].
1.5.2 Layered structures
Many fast ion conductors have been developed based on layered structures, where ei-
ther (or both) the cation and anion sublattices take on layering in 1 or 2 dimensions.
One of the first be recognised is that of the Aurivillius phases with general formula
Bi2An–1BnO3n+3 which consist of n perovskite layers (n=1-5) between puckered
bismuth oxide (Bi2O2)2 sheets [130]. Intrinsic vacancies are common, although
numerous substitutions can be accommodated in both layers to generate extrinsic
deficiency [130]. Of the most well-known, is that of intrinsically deficient Bi2VO5.5
(n=1) which undergoes two structural transformations from α- (monoclinic) to β-
(orthorhombic) and γ- (tetragonal) forms at 450 °C and 570 °C respectively [131].
The high temperature phase is of particular interest for its low activation energy
(0.17eV) and high ionic conductivity of 1 x 10–1 S cm–1 at 600 °C (t ≈1). At low
temperature the vacancies are associated with vanadium and form alternating VO6
& VO4 polyhedra which disorder with increasing temperature [132]. Conductivity
measurements on single crystal Bi2VO5.5 showed a 1-2 order of magnitude enhance-
ment parallel to the ab plane consistent with conduction along the perovskite layers
[133].
A number of doping strategies have been implemented to stabilise the γ- form to
room temperature and form the BIMEVOX family (Bi2V1–xCuxO5.5–1.5x) [134].
One of the first and most conductive stabilisations, is that of copper doped
Bi2V0.9Cu0.1O5.35 (BICUVOX) with conductivity of ≈10–3 S cm–1 at 250 °C and
which is two orders of magnitude higher than the parent system [134]. Many other
substitutions including where M= Sb, Ni, Mo, Ge were attempted, however only
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Figure 1.11: Crystal structure of the layered Aurivillius and Brownmillerite structures oxide ion
conductors [130].
M=Ti, Nb afforded similar conductivities to BICUVOX [61]. Bismuth doping was
unsuccessful at stabilising the γ- form [135]. A problem for fuel cell implementation
is their low tolerance to p(O2) variations above 400 °C; electronic conductivity be-
comes a problem below p(O2)=10
–6atm [136]. Another derivative of the perovskite
family is that of the brownmillerite structure A2BB
′O5, derived from the mineral
Ca2FeAlO6. It is structurally similar to the parent mineral but with a high 16% in-
trinsic vacancy content, which instead of displaying a statistical distribution, order
along the (110) direction leaving a row of equatorial oxygen missing for every 2 rows
of BO6. This results in orthorhombic symmetry with alternating layers of distorted
BO6 octahedra and BO4 tetrahedra. B and B’ are often identical, such is the case of
Ba2In2O5, which shows significant oxygen mobility. The ionic conductivity is high
even under reducing conditions (p(O2)=10
–6 atm) and increases from ≈10–3 S cm–1
to ≈10–1 S cm–1 at 650 °C as the vacancies disorder [137]. The tetrahedral layer first
converts to an octahedral oxygen deficient layer, and with further heating the vacan-
cies completely disorder to afford cubic symmetry [138]. A number of dopants have
been incorporated to stabilise the high temperature phases. For example cerium
additions (Ba2In1.75Ce0.25O5.125) increase the conductivity and remove the formal
disorder transition, although vacancy association remains. The Brownmillerites,
particularly when substituted with Zr4+, show modest proton conductivities below
700 °C [45][139]. However electronic contributions at even modestly low or high
p(O2) are a problem for device application. Structures with tetrahedral moieties
have gained attention recently owing to their unusual transport mechanisms.
Melilite type structures with the general formula LaAGa3O7 (A=Ba, Sr) contain or-
dered alternating layers of 8-coordinate La and A cations, and 2D layers of distorted
gallium tetrahedra [140]. Taking La1–xAxGaO4– x2
off stoichiometry by increasing
the La:A ratio generates vacancies that are accommodated in the GaO4 layers by
relaxation and rotation of the neighbouring units which maintain 4-fold coordina-
tion by sharing anions. Long range diffusion proceeds by a cooperative cog-wheel
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process of breaking and reforming Ga2O7 units and is facilitated by easy rotation of
the GaO4 units. Molecular dynamics simulations show the lowest energy pathway
to be anisotropic along the gallium chains [128]. Under humidified atmospheres
protons are the dominating defects at temperatures below 700 °C, for example
La1–xBa1+xGaO4– x2
exhibits a conductivity of 1 x 10–4 S cm–1 at 500 °C [141][142].
Unusually the RDS was intra-tetrahedral diffusion, whilst inter-tetrahedral diffusion
is facilitated by H-bonding, although long range diffusion of the proton is isotropic.
Both oxide ion and proton diffusion mechanisms are unusual, and open the possibil-
ity for other structures with tetrahedral moieties. This shall be discussed further.
Oxides of lithium frequently adopt layered structures; LiMO2, and their applica-
tion as cathodes in lithium ion batteries, is well established (e.g. LiCoO2, LiFeO2,
LiNiO2). The trigonal LiMO2 structure consists of distorted MO6 octahedra sepa-
rated by channels containing octahedral holes that enable lithium intercalation [143].
Proton-lithium exchange has been recently documented, and the open channels of
this structural type offer facile transport of both these charge carriers [144]. This
was recently demonstrated in LixAl0.5Co0.5O2 where the replacement of cobalt with
redox stable aluminium was shown to supress electronic contributions, affording a
proton conductivity of 0.1 S cm–1 at 500 °C. This is the highest of any polycrystalline
oxide, attributable to open channels which provide a very different mechanism of
proton transport from octahedral or tetrahedral diffusion [144]. These encouraging
results are likely to pave the way for the development of similar structures.
1.5.3 Superstructures
Superstructure refers to secondary ordering on either the cation or anion sublattices
in 1, 2 or 3 dimensions, and may occur between inequivalent crystallographic sites,
or result from ordering between co-occupants on an equivalent site which would
otherwise take on a random distribution. The driving force behind the ordering
includes but is not limited to charge or radii differentials and defect interactions
and is often influenced by processing conditions, whilst the degree of ordering is
dependent on the stabilisation mechanism. Such phenomena present weak satellite
or superstructure reflections in addition to the fundamental reflections, the intensity
of which depends on the difference in form factors between the co-occupants or the
species involved in the ordering. Symmetry is usually retained, although there are
cases of symmetry lowering, however to describe the ordered arrangement the unit
cell dimensions must be extended, to afford a supercell.
A combination of electrostatic and elastic effects created vacancy ordering in the
highly defective layered Aurivillius, Brownmillerite and δ-Bi2O3 structures. These
interactions lower the free energy of the system but effectively render the vacancy
sites inaccessible so that only above the disorder transition temperature, where
sufficient energy is supplied to overcome the mechanisms that stabilise the ordering
or association, do they become mobile. Ordering on the anion sublattice is therefore
generally considered unfavourable for oxygen diffusion, especially for systems with
high temperature order-disorder transitions. For example pyrochlores, A2B2O7 (or
A2B2O6O
′
1–δ) where A=Gd, Y B=Zr, Ti are defective cubic fluorite structured
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oxides with long range ordering of both 25% oxygen vacancies and cation sublattices.
The oxygen site splits into two with six occupants on the 48f site and one on the
8a site, whilst vacancies occupy the 8b site. M3+/M4+ cations reside on the 16c
and 16d sites to form rows in the (110) direction [145][146]. On heating, pyrochlores
generally undergo an order-disorder transition at high temperature, for example
Ln2Zr2O7 (Ln=La, Gd) disorders at 1550 °C [147]. However the ordering stability
decreases as the ratio of rA/rB decreases and may also be accompanied by a reduction
in the disorder temperature [145][147].
Figure 1.12: Schematic of A-site layered (left) and rocksalt B-site ordered (right) perovskites
[148].
Substitution of the zirconium site with titanium (Gd2(Ti1–xZrx)2O7 x=0.35) re-
sults in a 2 order of magnitude enhancement in conductivity (≈10–4 S cm–1 at
1000 °C) which is attributed to both reducing the radii ratio and disordering of
both the cation and anion sublattices, and increased anion frenkel defects [147].
Doping on both sites with A=Ca and B=Al increases the conductivity (≈5x10–2 S
cm–1 at 1000 °C) [149]. Although vacancy ordering has extensively been shown to
be unfavourable, pyrochlore structured Gd2Zr1–xO2–δ shows a maximum oxide ion
conductivity on ordering at x=0.5, the structure of which is postulated to provide
favourable low energy migration pathways through cation tetrahedra around the 48f
site, not available in the disordered materials [146][150]. Proton conductivity has
also been observed in 20 mol% Ln2Zr2–xYxO7 of 7.5 x 10
–3 and 8 x 10–4 S cm–1
at 800 °C for Ln=La and Er respectively, however cation ordering effects have not
been investigated [151][152].
Perovskites exhibit a range of cation ordered arrangements upon co-doping on ei-
ther the A (AAB2O6) or B site (A2BB
′O6), although the latter is more frequent
[148][153]. Rock salt ordering (1:1) of BO6 is common when the charge differential
between B and B’ is >3, and can be rationalised by electrostatic repulsion between
higher valent cations. Such ordering often maintains oxygen site equivalence. Lay-
ered ordering of B cations is much less common and results in removal of any oxygen
site degeneracy creating bonding instabilities which can be alleviated by cation dis-
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placement. Such ordering is stabilised for perovskites with first order Jahn-Teller
distortions. Other types of ordering for example chain or columnar architectures
are very rare and are found only in charge ordered manganites [148][153]. Lower
ratios of co-occupants 1:2 A3B2B
′O9 or 1:3 A4B3B′O11 result in alternate layers of
octahedra that reflect these ratios (e.g. BBB’). Second order Jahn-Teller d0 cations
are common in complex perovskites and reduce the bonding instabilities of linking
oxygen ions between layers [154].
A site ordering in perovskites is less common, but when present occurs via a layered
arrangement and by different stabilisation mechanisms; typically a size differential
between A and A’. Layered ordering removes oxygen site degeneracy and can be
stabilised by Jahn-Teller B cations which adjust the O-A and O-A’ bond lengths
to prevent over or under bonding. It is also common for materials with oxygen
deficiency which work cooperatively to stabilise the layered arrangement [148]. For
example the double perovskites AA’B2O5.5 A=RE A’=Alkaline and B=Co, Mn
the A site forms alternating 001 layers in the c-direction, whilst oxygen vacancies
are mainly located along AO rare earth planes, forming channels along the a axis
adopting orthorhombic symmetry [155]. Early work on GdBaMn2O3+δ (GBMO)
where the ordering can be controlled synthetically, showed the oxygen diffusivity
increased significantly by many orders of magnitude upon A site ordering [155].
Which is the result of reduced oxygen bonding strength and channels for ion motion
[155][156].
The most well studied is that of GdBaCo2O5+δ δ=0-1 (GBCO) which has a higher
diffusion coefficient of 10–5 cm2 s–1 at 600 °C (σi ≈0.01 S cm–1 500 °C) and metallic-
like conductivity of ≈102 - 103 S cm–1 owing to the variable oxidation state of
cobalt [154]. These materials also offer favourable surface exchange coefficients [157].
Molecular dynamics simulations have shown anisotropic diffusion proceeds along Gd-
O and Co-O layers in the a-b plane [158]. These very encouraging results prompted
work into derivatives of GBCO, and PrBaCoO5+δ was found to offer competing
properties [159]. Although these phases undergo an order-disorder transition with
vacancy redistribution at high temperature, this was found not to be detrimental
to the transport properties. However a limitation of these phases is their instability
under low p(O2) and CO2 and reactivity with YSZ electrolytes [157].
Where ordering can be stabilised, it can enable the incorporation of a ratio of cations
that would otherwise adopt a disordered arrangement, which as a result can offer
better tailorisation of properties. Many different B site 1:1, 1:2 and 1:3 ordered ar-
rangements have been investigated for proton conductivity, however the relationship
between cation ordering and proton conductivity remains ambiguous. For example
the conductivity and activation energy for proton mobility were shown to be more
favourable in disordered Sr2NdNbO6 (SNN) compared to the 1:1 ordered structure,
which can be prepared with extended annealing [160]. Similarly the 1:1 ordered com-
positions of BaTiO3-SrTiO3-BaZrO3-SrZrO3 solid solutions had lower conductivity
than disordered phases . However a rigorous comparison was not feasible since other
factors such as symmetry were not controlled [161]. Disordered La2–xCaxMgTiO6
(LMTO) was also shown to have a lower proton activation energy compared to
ordered LMTO [162].
The 1:2 ordered perovskites Ba3Ca1+xNb2–xO9–δ (BCN) and Sr3Ca1+xNb2–xO9–δ
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(SCN) were compositionally adjusted from x=0.06 to x=0.3, as x increased the
ordering changed from 1:2 to a 1:1 arrangement with disordered nanodomains which
diminished further as x>0.3 [160]. This was accompanied by an increase in proton
mobility, which was speculated to arise from a reduction in the number of proton
trapping centres, although the 1:2 to 1:1 transformation was also accompanied by an
increase in symmetry from trigonal to cubic [160]. A study of the full compositional
range of Sr3(Sr1+xNb2–x)O9– 32x
x=0 to Sr3(Sr1.5Nb1.5)O11 x=5 (SSN) showed a
rapid increase in conductivity as x approaches x=5 and the ordering changes from
1:2 to 1:1. Although this is accompanied by an increase in the lattice parameter
and vacancy concentration, the mobility enhancement was attributed to a decrease
in the concentration of proton trapping centres (SrNb′′′). The 1:2 arrangement has
considerable Sr-O-Sr linkages, whilst strong rock-salt ordering has mostly equivalent
Sr-O-Nb linkages [163][164]. Although not experimentally documented, it is feasible
that low charge differentials have a low tendency for ordering but generate weak
trapping centres, whilst larger differentials have a higher tendency to order, but
any disorder if present would generate strong trapping centres and impede mobility.
This was demonstrated in SSN; improper annealing of Sr3(Sr1.5Nb1.5)O11 generated
disorder and the conductivity decreased by an order of magnitude [163]. The studies
presented in [160][161][162] lacked supporting structural data to confirm the degree
of ordering.
1.5.4 Oxygen excess
Diffusion by interstitial mechanisms in oxygen excess materials is rare, owing to
the requirement for open structures which can accommodate such defects. However
a number of materials have been identified with structures that offer favourable
sites for excess oxygen - often with tetrahedral moieties or open channels. One of
the most well-known is that of the apatite structure A10(MO4)6X2 where A=RE,
alkaline earth M=Si, Ge, P, X=O, OH, F. La10–x(GeO4)6O2 and La10–x(SiO4)6O2
in particular, were shown to have high oxide ion conductivity. The structure has
hexagonal symmetry and consists of isolated MO4 units with both 9- coordinate and
7- coordinate lanthanum ions occupying 1 dimensional channels that run through
the structure [165]. Numerous compositions based on the germanates and silicates
have been prepared, the former are more conductive at T>600 °C but suffer from
Ge volatilisation, although this can be reduced by Si co-doping [165].
The oxygen stoichiometric variants Ln9.33(MO4)6O2 M=Si contain significant
Frenkel disorder and conduct anisotropically along oxygen channels parallel to the
c axis [165]. The highest conductivity was recorded for Pr9.33(SiO4)6O2, σc=1.3
x 10–2 at 500 °C versus σab=1.2 x 10
–5 S cm–1 at 500 °C [166]. Dopants such
as strontium e.g. Ln9.33–xSr3
2x
(SiO4)6O2 decrease the conductivity by removal of
the oxygen disorder [165][167]. Conversely increasing the lanthanum content in-
creases the conductivity by an order of magnitude and reduces the activation en-
ergy by incorporating excess oxygen, the maximum stoichiometry was recorded for
Ln9.67(SiO4)6O2.5, with a conductivity of 1.3 x 10
–3 S cm–1 at 500 °C and Ea of
0.62eV (to ≈1). A combination of modelling and neutron diffraction studies identi-
fied the interstitial site to reside on the periphery of the oxygen channels, which is
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stabilised by displacement of adjacent silicate units [168][169]. Further simulation
work showed diffusion proceeds by an interstitial mechanism along the c axis and
is aided by the cooperative relaxation between flexible SiO4 units, essentially the
interstitial species passes between silicate and transient SiO5 units [170].
Figure 1.13: Crystal structure of several oxygen excess materials from left to right;
Ruddlesden-Popper, Apatite and Melilite [171][129].
Melilite structures can be tailored to accommodate oxygen excess by increasing the
La:A (A=Ba, Sr) ratio and therefore alternate between oxygen vacancy (or pro-
tonic) and interstitial diffusion mechanisms [172]. LaSrGa3O7, which is a byprod-
uct of LSGM synthesis can incorporate a maximum hyperstoichiometry of δ=0.27.
The best conductivity was reported for La1.54Sr0.46Ga3O7.27, of between 0.02-0.1
S cm–1 between 6-900 °C, which is intermediate between germanate and silicate
apatites. La1.54Sr0.46Ga3O7.27 was shown to have a wide ionic domain with neg-
ligible electronic contributions (to=0.9-0.95) between 6-800 °C and p(O2)=1-10
–27
atm [129]. The excess oxygen is accommodated in pentagonal channels between
La/Sr cations that reside in the tetrahedral layers. The interstitial is under bonded
causing the local structure surrounding it to relax. Structural flexibility is a result
of the presence of large electropositive cations (La, Sr and Ga) which can distort
and change their coordination to displace towards the interstitial. Like the oxygen
deficient analogues, diffusion is restricted to the gallium layers and proceeds via a
direct mechanism [129].
One class of materials that has received considerable attention is that of the Rud-
dlesden Popper (An+1NnO3+1) phases, which exhibit MIEC behaviour and can ac-
commodate both hyper- and hypo- oxygen stoichiometry [157][173].The structure is
based on the K2NiF4 mineral and consists of alternating (n)ABO3 perovskite blocks
between two rock salt (AO) layers, and adopts tetragonal or sometimes orthorhombic
symmetries. An extensive range of compositions can be tolerated (A=RE, Alkaline,
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B=TM), although the cuprates (La1–xAxCuO4±δ) and nickelates (La1–xSrxNiO4±δ)
are of technological interest for cathode applications [157][173]. Upon heating, the
transition metal oxidises to the trivalent state with simultaneous incorporation of
oxygen interstitials generating a hyperstoichiometry between δ=0.14-0.25 depend-
ing on the synthesis and annealing conditions[174][175]. Oxygen is incorporated into
the rock salt layers, becoming tetrahedrally coordinated by La and apical O which
causes this to split into two sites [176]. With increasing temperature above 330 °C
the conductivity increases from semi-conducting to metallic like 10100 S cm–1, and
which can be increased with strontium doping [177]. La2–xSrxNiO4±δ shows higher
oxygen diffusivities and subsequent conductivity than LSCF, 0.02 vs 0.003 S cm–1 at
700 °C , which coupled with good electronic conductivity prompted cathode testing
[178]. The Ruddlesden-Popper phases are advantageous over traditional cathodes
because of their superior transport properties at intermediate temperature [157]. A
combination of computational and thin film measurements have shown the oxygen
transport to be highly anisotropic, with the oxygen diffusivity being 1-2 orders of
magnitude greater parallel to the ab plane [179][176][180][181][182][179]. This is a
result of oxygen interstitial diffusion along rock-salt layers. Due to high Frenkel
disorder both vacancy and interstitial mechanisms occur, the latter has a higher ac-
tivation energy, however both mechanisms have lower migration enthalpies along the
ab plane. Despite the significantly higher diffusivity in the ab plane (≈10–9 cm2 s–1
at 500 °C) over the c direction (≈10–12 cm2 s–1 at 500 °C) polycrystalline samples
are only marginally less conductive than orientated films [183]. Unfortunately the
Ruddlesden-Popper phases age and form impurity phases; on-going work is seeking
to improve their long-term stability in air [173].
1.6 Summary
In developing new materials for SOFC and related applications, attention has re-
cently been focussed towards materials with atypical structural chemistry and dif-
fusion pathways. Whilst fast ion conduction is clearly demonstrated in oxides of
high symmetry, the literature indicates that this is not necessarily a pre-request for
fast ion transport. In fact low symmetry and seemingly complex structured oxides
can harbour favourable, often anisotropic diffusion pathways that are competitive
with more traditional isotropic conductors. Oxygen excess materials such as the
Ruddlesdon-Popper or Apatite structures have the potential for interstitial oxide
ion conduction, in some cases exhibiting lower activation barriers for ion migration
compared to the more common vacancy mechanism found in traditional SOFC ma-
terials. Changing the charge carrier from oxide ions to protons can significantly alter
the transport properties of metal oxides owing to the low migration barriers associ-
ated with the Grotthus mechanism. However a key challenge in developing HTPC is
the engineering of materials which have sufficiently high dehydration temperatures
and are also chemically stable.
Chapter 2
Fergusonite structured rare earth
niobates
2.1 Introduction
Scheelite structured oxides with the general formula ABO4 have drawn much at-
tention in the literature, owing to their numerous properties ranging from catalytic
activity [184] to microwave dielectrics [185] and photo luminescence [186]. PbWO4
and CaMoO4 based scheelites were found to have transport properties favourable for
SOFC applications, with high ionic transference numbers and conductivities that are
comparable to YSZ [187][188], showing once again, that high symmetry structures
are not necessarily a pre-requisite for fast ion transport. Recently however, interest
has intensified after the discovery of proton conduction in closely related, mono-
clinically distorted fergusonite structured rare earth niobate (RENbO4 RE=La, Nd,
Sm, Eu, Gd) phases, which transform to the scheelite polymorph above 500 °C.
Unlike traditional proton conductors, these materials retain protons to much higher
temperature and are more chemically stable [189]. There has also been interest in
the cerium analogue of the rare earth series, where through the oxidation of Ce3+
to Ce4+, unusual structural modulation is induced and is accompanied by the in-
corporation of oxygen excess upon heating [190]. Whilst the redox behaviour of
CeNbO4+δ is complex, mixed ionic-electronic conductivity is exhibited. The inter-
esting transport properties of this series of oxides had spurred work into related
structures [191][192][193][194] , therefore this chapter will examine in detail the cur-
rent research status of the RENbO4 series and provide the foundation behind this
body of work.
2.1.1 The fergusonite structure
Numerous structures are found for compounds with the general formula ABO4,
many of which are polymorphic with respect to temperature or pressure [195]. Un-
der ambient conditions, the structure of A1+B7+O4, A
2+B6+O4 and A
3+B5+O4
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(etc. . . ) is determined by the relative cation radii ratios [196][197]. For example,
the zircon (ZrSiO4) and mozanite (CePO4) type structures are generally formed
for B site cations within 0.12<rb/rx>0.3 (where rb and rx are the ionic radius of
the B site cation and anion respectively), larger cations such as Ge4+, Tc5+ and
W6+ form the scheelite (CaWO4) structure [198][195]. Generally there is less of
a dependence on A site radius for all but the smallest cations, which favour wol-
framite phases ((Mn, Fe)WO4) [199], whilst larger B site cations such as Nb
5+ and
Ta5+ form the fergusonite structure (YNbO4) [200][201]. All rare earth niobates
and tantalates crystallise with the monoclinic fergusonite structure (body centred
I21/a1 or c-centered C12/c1), except for (orthorhombic) LaTaO4, and (monoclinic)
wolframite structured ScTaO4 and ScNbO4 [202][200].
The fergusonite structure (Figure 2.1) can be regarded a monoclinic distortion of
the tetragonal scheelite polymorph, consisting of deformed polyhedra of 8-coordinate
rare earth cations and irregular B site tetrahedra. However the B5+ coordination is
often considered intermediate between tetrahedral and octahedral, with two long B-
O bonds [203][204][205]. The a and c parameters differ only marginally, and the beta
angle corresponds approximately to ≈94°. With decreasing radii of the rare earth
cation the cell volume linearly decreases, whilst the beta angle displays a sharper
decrease for lighter rare earth cations [206].
Figure 2.1: Schematic of the fergusonite and scheelite crystal structures.
2.1.2 Phase transformations
Upon heating RE(Ta, Nb)O4, thermal expansion removes the monoclinic distortion,
resulting in a reversible, displacive first order transition to a tetragonal scheelite
polymorph [200][207]. The a and c parameters of the monoclinic cell converge, whilst
the b parameter lengthens considerably, forming the long c axis of the tetragonal
phase (Figure 2.1). This is accompanied by a reduction of the beta angle, which
approaches 90°[208][209]. The effect is gradual with heating, but becomes more
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rapid as the transition temperature approaches, and is relatively easy by virtue of
larger displacements of the more mobile anion sublattice in the presence of the heavy
cation framework [210]. The scheelite polymorph can be regarded as a modification
of the fluorite structure, with an ordered face cantered cubic (FCC) array of cations,
and anions that are located in tetrahedrally coordinated interstitial sites, however
owing to the differential in cation size, the anion framework is distorted [211]. With
decreasing radius of the rare earth, the onset of the tetragonal transition increases
in temperature, from 510±15 °C (LaNbO4)[209] to ≈815±15 °C (HoNbO4) [208]. A
possible explanation being the lower lattice energy of earlier members, which contain
larger, less polarizing cations [208]. The rare earth tantalates similarly undergo
removal of the monoclinic distortion, however formally retain monoclinic symmetry
up to 1300 °C, which was speculated to arise from stronger interatomic Ta-O forces
[200]. It has also been suggested that tantalum has a greater preference towards
octahedral coordination, which facilitates divergence of the a and c parameters
[212].
2.1.3 Transport properties of scheelite structured oxides
Whilst the body of this chapter examines the transport properties of the rare earth
niobates, scheelite structured oxides have received considerable attention in the lit-
erature, and so a brief outline of preceding work is certainly applicable. Scheelite
structures are interesting candidates for oxide ion transport, owing to the relatively
open nature of the lattice and ability to conduct oxygen either via interstitial or
vacancy type mechanisms [213][211]. Pure CaWO4 and CaMoO4 are poor oxide
ion conductors (<10–5 S cm–1 at 900 °C) owing to low levels of frenkel disorder
[187][214]. However upon donor doping CaMoO4 with La
3+ and Sm3+, oxygen ex-
cess is incorporated [214][215]. The total conductivity increases by over 2 orders of
magnitude, gradually increasing further up to dopant concentrations of 20 mol%,
beyond which it declines. Ca0.8La0.2MoO4+δ showed the highest conductivity of
9.54 x 10–3 S cm–1 at 800 °C, with ionic transport numbers close to unity up to
800 °C [215]. However studies of other molybdates (A=Ba, Sr) were unsuccess-
ful in enhancing the conductivity further [216][217]. Solid solubility was shown to
increase with rare earth radius (B= La, Sm, Pr, Tb) in the system PbWO4, allow-
ing a maximum of 30 mol% La3+ on the A site. Again the conductivity increased
with increasing dopant level; where B=La, Pr, Sm, showed similar peak values
(≈10–2 S cm–1 at 800 °C) at the 20 mol%, 15 mol% and 10 mol% levels respectively
[218][219][187]. However, the highest conductivity was found for Pb0.8La0.2WO4+δ;
4.2 x 10–2 S cm–1 at 800 °C [220][187]. Even A=Pr, Tb had ionic transference num-
bers close to unity, however variable p(O2) measurements were not recorded, and so
the stability range of the electrolytic domain is unknown. Whilst the conductivity of
Pb0.8La0.2WO4+δ is competitive with YSZ, the toxicity of lead however, is a major
hindrance to application. The scheelite-structured tungstates and molybdates show
changes in activation energy at approximately 600 °C, possibly arising from con-
tributions from intrinsic disorder (Frenkel) or order-disorder transitions [214][220].
Certainly the decline in conductivity before the solubility limit in these systems
may arise from hole-interstitial defect association, which is supported by increasing
activation energies [220].
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Another well studied scheelite structure is that of BiVO4 which although it crys-
tallises with a monoclinic distortion, it forms the scheelite polymorph above 255 °C,
however a room temperature zircon polymorph has been reported [211][221][222].
The conductivity of undoped BiVO4 is one order of magnitude lower than that of
YSZ, with controversy over the nature of the charge carrier, some reporting oxygen
stoichiometry dependant p- or n-type mixed conductivity, others reporting p-type
above 350 °C [221]. Most recently Vinke et al found BiVO4 to be n-type above 600
°C, with transport numbers at 540 °C and 670 °C of 0.25 and 0.65 respectively [223].
In any case, the transport characteristics are inappropriate for fuel cell applications:
several dopants (A= Ca, Ce, Zr, Sr, Cd, Pb, Na and B=Ge, Mn, Mo) were investi-
gated to tailor the transport properties. At contents greater than 1 mol% Zr doping,
secondary phases were observed to form; even so the ionic conductivity was compa-
rable to YSZ, with electronic contributions making the total conductivity 2 orders of
magnitude higher than YSZ. A site dopants Ce, Mn and Mo could be accommodated
at levels of up to 5 mol%, leading to total conductivities that are comparable and
two orders of magnitude greater (B=Mn) than YSZ respectively. Despite this, the
contributions are almost entirely electronic [211][222]. Although the transport prop-
erties are potentially suitable for anode applications, further investigations were not
performed. Calcium (7 mol%) doping leads to an order of magnitude enhancement
relative to undoped BiVO4 (comparable to YSZ) and is dominated by vacancy ionic
conductivity at low temperature (t=0.9-1), although electronic contributions were
noted at higher temperatures [211][221]. More recently Uma et al were able to sta-
bilise up to 25 mol% Ca doped BiVO4, however without any notable improvement
in the conductivity [222].
2.2 Proton conductivity in ortho–RE(III)M(V)O4
2.2.1 1 mol% Calcium-doped RE(Nb, Ta)O4
A 2006 Nature paper by Norby et al demonstrated that upon acceptor doping with
calcium, the RE(Nb, Ta)O4 series exhibit proton conductivities that can be retained
to significantly higher temperatures compared to traditional perovskites, yet are
also chemically stable [189]. The electrical properties and hydration parameters of
1 mol% Ca-doped rare earth niobates (RE= La, Nd, Gd, Tb, Er, Y) and tantalates
(RE= La, Nd, Gd, Er) were investigated across the temperature range of 300-1200
°C[189]. Classic behaviour indicating proton conductivity is exhibited; the total
conductivity increases by approximately one order of magnitude under humidified
atmospheres at temperatures lower than 1000 °C, with a clear H+/D+ isotope effect
(Figure 2.2).
For both the niobate and tantalate series, the protonic conductivity decreases with
decreasing radii of the rare earth, which is mostly attributed to an increase in the
enthalpy of proton mobility (∆Hmob,H+) that accompanies decreasing cell volume
and cation polarizability. Previous studies of perovskite systems have shown these
factors to be important for both rotational diffusion and proton transfer respectively
[38]. Key hydration parameters similarly show a relationship with the A site occu-
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Figure 2.2: A: Total conductivity of 1 mol% Ca-doped LaNbO4 under various protonic
atmospheres. B: Partial protonic conductivities and total conductivity of 1 mol% Ca-doped
RENbO4 under humidified H2(g) (pH2O=0.025 atm. Adapted from [189].
pant, the hydration enthalpy for example, becomes more exothermic with decreasing
rare earth radius, possibly as a result of improved vacancy stabilisation, and leads
to increasing dehydration temperatures. As a consequence of this there is a trade-off
between proton concentration and mobility.
The ortho-niobates exhibit a clear change in slope upon passing the phase transition
from monoclinic to tetragonal symmetry, indicating a reduction in the enthalpy of
proton mobility e.g. from 75 kJmol–1 to 55 kJmol–1 for LaNbO4. As discussed
(Chapter 1), distortions from symmetry have been associated with reduced proton
mobility. The ortho-tantalates are monoclinic across the range of temperatures con-
ceivable for fuel operation, and lower in conductivity by half an order of magnitude
compared to their niobium analogues (LaTaO4 maximum of ≈3 x 10–4 S cm–1 at
1000 °C) [224]. Clearly this is associated with less favourable hydration and trans-
port parameters; specifically how this relates to the differing B site occupants is still
not understood, but may be a result of stiffer lattice dynamics.
1 mol% Ca-doped LaNbO4 LaTaO4
V(A3) 333.44 325.30
∆H°hyd(kJmol
–1) -115 ± 10 -100 ± 10
∆Hmob,H+(kJmol
–1) 55 ± 5 50 ± 5
µ0,H+(cm
2KV–1s–1) 35 ± 10 10 ± 5
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1 mol% Ca-doped NdNbO4 GdNbO4 TbNbO4 ErNbO4 YNbO4
V(A3) 313.28 303.88 294.40 290.98 293.18
∆H°hyd(kJmol
–1) -130 ± 10 -145 ± 10 -140 ± 10 -165 ± 10 -160 ± 10
∆Hmob,H+(kJmol
–1) 50 ± 5 63 ± 5 52 ± 5 57 ± 5 50 ± 5
µ0,H+(cm
2KV–1s–1) 10 ± 5 3 ± 2 5 ± 2 2.5 ± 2 2.5 ± 2
Table 2.1: Standard hydration parameters for tetragonal 1 mol% Ca-doped RENbO4 and 1 mol%
Ca-doped LaTaO4 [189][224][200][225][210][226][227][228][229].
2.2.2 Ortho-LaNbO4
Of the 1 mol% Ca-doped analogues investigated, the highest proton conductivity of
≈1 x 10–3 S cm–1 at 900-950 °C was demonstrated by LaNbO4 under wet atmo-
spheres (Figure 2.2) [189]. Aliovalent doping considerably improves the conductivity
compared to the undoped parent material, where intrinsic disorder was shown to
generate minimal proton transport (-5.5 x 10–5 S cm–1 900 °C p(H2O)=0.025 atm)
[230]. The total conductivity of 1 mol% Ca-doped LaNbO4 is equivalent under wet
air and hydrogen, and further work by Norby et al has shown the conductivity to be
effectively purely protonic below 800 °C under oxidising conditions, and below 1100
°C under reducing conditions (p(H2O)=0.025 atm) [110]. Above these temperatures
both oxygen ion and electronic conductivity compete with protonic defects. For ex-
ample, variable p(O2) measurements show p-type electronic contributions at high
oxygen partial pressures above 800 °C. However even at high temperature the pro-
ton conductivity is appreciable (Figure 2.3), and only above 1000 °C does electron
hole transport dominate. EMF measurements recorded under reducing conditions
showed no contributions from electron species below 1100 °C at oxygen partial pres-
sures down to p(O2)=10
–5-10–18 atm. Above this temperature, proton transport
numbers decay signifying dehydration, however even at 1200 °C a variable p(H2O)
dependence indicates remnant protonic defects [110].
Figure 2.3: A: 1 mol% Ca-doped LaNbO4 total conductivity as a function of oxygen partial
pressure. B: Total conductivity as a function of water partial pressure in H2/H2O gas mixtures.
C: 1 mol% Ca-doped total and partial conductivities under wet H2 (p(H2O)=0.0025 atm).
Adapted from [110].
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With increasing calcium doping (x= 0.5, 1, 1.5, 2 and 2.5 mol%) the total conduc-
tivity of LaNbO4 under humidified air (p(H2O)=0.025 atm) unexpectedly decreases
[231]. An order of magnitude enhancement was found between undoped LaNbO4
(2.22 x 10–5 S cm–1 at 850 °C) and 2 mol% Ca-LaNbO4 (2.25 x 10
–4 S cm–1 850
°C), however the highest conductivity was recorded for 0.5 mol% Ca-LaNbO4 (3.84
x 10–4 S cm–1 at 850 °C). Increasing the defect concentration of oxygen vacancies
and subsequent protonic defects is expected to raise the conductivity; instead it was
shown that the solubility limit of calcium within this structure is incredibly low.
X-ray diffraction showed Ca2Nb2O7 secondary phases at just the 2.5 mol% (and
5 mol%) dopant levels, the lattice volume decreased non-linearly >1.5 mol% Ca-
LaNbO4, displaying non-Vegard’s behaviour. Furthermore energy dispersive X-ray
spectroscopy (EDXS) indicated calcium enrichment at grain boundaries for just 1
mol% Ca-LaNbO4, implying that the solubility of CaO is within the range 0.5-1
mol%. Whilst sintering conditions were replicated for all compositions, the average
grain size increased with increasing calcium doping, possibly attributed to wetting
effects from Ca2Nb2O7 during grain growth. Bulk conductivities extracted from AC
impedance spectra showed no dependence with dopant concentration further sup-
porting a solubility limit of <1 mol%. The activation energy for both polymorphs
increased with calcium content >0.5 mol%, attributed to the higher grain boundary
resistance which similarly increased with dopant level [231].
Figure 2.4: Total conductivity of La0.98A0.02NbO4–δ A=Ca, Sr, Ba under wet H2
(p(H2O)=0.025 atm), adapted from [230].
The difference in total conductivity between alkaline earth substituted species where
A=Ca, Sr, Ba under humidified hydrogen (p(H2O)=0.025 atm) is negligible, however
2.2. Proton conductivity in ortho – RE(III)M(V)O4 73
2 mol% Sr-doped LaNbO4 showed a small enhancement at low temperature, whilst
2 mol% Ba-doped LaNbO4 had the lowest conductivity [230]. However, similarly to
the Ca-doped LaNbO4, secondary phases were evident at dopant levels above the
1 mol% level. Drastic grain growth was observed for 2 mol% Ba-doped LaNbO4,
attributed to more facile grain boundary wetting by the BaNb2O6 secondary phase.
More recently 0.5 mol% Sr-doped LaNbO4 was shown to have inherent grain bound-
ary resistance, unattributed to any secondary phase formation [232].
2.2.3 Mechanistic insights
First principle calculations have been used to investigate potential proton migra-
tion pathways in both monoclinic and tetragonal LaNbO4 with the results inferring
anisotropy between the in-plane ab and out of plane c axis[233]. For both poly-
morphs, the most stable proton sites were calculated to reside on diagonal vectors
between the vertices of niobium tetrahedral, the second most stable site being a pro-
traction of the first. Proton migration profiles were evaluated using the nudged elas-
tic band method, the lowest energy pathways in tetragonal LaNbO4 corresponded to
inter-tetrahedral transfer. In-plane transfer was found to be rate limiting (0.41 eV),
whilst out-of plane transport in which the proton transfers between niobium layers
had twice the energy barrier (0.74 eV), both barriers were double for monoclinic
LaNbO4 at 0.63 eV and 1.55 eV respectively. Calculation of the enthalpy of pro-
ton mobility (∆Hmob) from bulk conductivity data recorded on 0.5 mol% Sr-doped
LaNbO4 within the tetragonal domain is in good agreement with that obtained com-
putationally for in-plane inter-tetrahedral transfer (0.36 eV) [233]. The transition
between the two polymorphs has been shown to be displacive, resulting in gradual
alteration of the unit cell parameters where the beta angle gradually decreases as
the monoclinic to tetragonal transition is approached.
Calculation of∆Hmob as a function of decreasing temperature shows remarkable con-
currence with beta angle; ∆Hmob steadily increases with angle, the value approach-
ing 0.60 eV at 200 °C which is again comparable to the computational value (0.63
eV) for m-LaNbO4. The decline in ∆Hmob was rationalised by neutron diffraction,
which showed the oxygen separations gradually reduce as temperatures approaching
the transition, which may aid transient hydrogen bond formation [209]. The pro-
ton mobility and subsequent conductivity has notable symmetry dependence, one
that is not observed for similarly structured monazite analogues (LaPO4 LaAsO4,
LaVO4), where beta remains almost constant with temperature[233]. However inter-
tetrahedral transport has similarly been reported as rate limiting with lanthanum
orthophosphates (LaPO4), yet rapid between tetrahedra (GaO4) within LaBaGaO4,
which has been attributed to relatively short inter-tetrahedral O – O separations
and strong hydrogen bonding[128]. Certainly this work emphasises the notion that
higher enthalpies of proton mobility are associated with low symmetry materials.
74 Chapter 2. Fergusonite structured rare earth niobates
2.2.4 Fuel Cell Integration
To reach exploitable power outputs for applications such as hydrogen and hu-
midity sensors or HT-PCFC’s, LaNbO4 based electrolytes would require thin
film fabrication within the 1 µm range. At operating temperatures of 600 °C,
La0.98Sr0.02NbO4–δ, for example, would require a thickness of 50 nm to gener-
ate an ASR within 0.15 Ω cm2 [234]. However, issues relating to film density
and leakage, the influence of substrate microstructure, and the methods of depo-
sition themselves make this challenging. Despite the lower conductivity of LaNbO4
based ceramics relative to perovskites such as BaCeO3, the vastly improved chemi-
cal stability and essentially pure proton conductivity at intermediate temperatures
has motivated pursuing work. A number of studies have sought to prepare thin
film LaNbO4; good sintering properties were achieved with spray pyrolysis, pulsed
laser deposition (PLD) and screen printing, however the microstructural and elec-
trical properties are highly sensitive to cation stoichiometry and control can be
challenging [235][236][237]. LaNbO4 shows good phase stability with NiO, and
NiO – La0.995Ca0.005NbO4 cermets have been prepared via a number of routes,
with conductivities of 2-4600 S cm–1 for 40-60 vol mol% Ni at 800 °C[238][239].
More recently an investigation of high vol% Ni-La0.99Ca0.01NbO4 anodes showed
the lowest ASR of 1.1 Ω cm2 for 40 mol% Ni-La0.99Ca0.01NbO4 at 800 °C in wet
H2 [240].
As discussed in Chapter 1, an understanding of electrode kinetics in HT-PCFCs is in
its infancy, and the pool of mixed proton-electron conducing materials is incredibly
small. LaNbO4 was shown to form secondary phases with LaCoO3 and La2NiO4+δ,
however chemical compatibility is good with LaFeO3 and La0.8Sr0.2MnO3 (LSM)
[241]. A recent investigation of LSM and LSCM (La0.8Sr0.2(Co0.5Mn0.5)O3) com-
posite electrodes showed the lowest ASR of ≈10 Ω cm2 at 800 °C for 50 vol mol%
La0.99Ca0.01NbO4/LSM [242]. However the performance of thick film cells based on
NiO-LaNbO4 - LaNbO4 - LSM has been poor, most likely due to the modest conduc-
tivity of LaNbO4, poor cathode kinetics and potential microcracking [243][242][244].
Similar thin film cells did not give any evidence of delamination or cracking, however
the presence of pinholes prevented fuel cell testing [238]. Further work is needed
to optimise preparation techniques, film composition and microstructure. A major
issue for bulk and particularly thin film LaNbO4, is the large anisotropic thermal
expansion that accompanies the transition to tetragonal symmetry. Whilst the tran-
sition itself is second order and continuous, it results in a discontinuous change in
TEC; from 15 x 10–6 K–1 to 8 x 10–6 K–1 above ≈520 °C. This leads to microfrac-
turing and relatively low reported fracture strength, and such thermal mismatching
between other components could lead to mechanical degradation upon long term
thermal cycling [245].
The monoclinic to tetragonal phase transition encompasses the intermediate tem-
perature region, and being continuous, is difficult to bypass. Substitution of niobium
with tantalum has been performed by a number of groups to raise the transition
temperature and extend the monoclinic region. With increasing tantalum doping,
the a and c parameters of LaNb1–xTaxO4 diverge, raising the transition tempera-
ture for x=0.2 and x=0.4 to 670±10 °C and 800±10 °C respectively [212]. At dopant
levels between x=0.5-0.7 a phase mixture of monoclinic and orthorhombic LaTaO4
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(A21am) exists, and further doping results in a single monoclinic phase (P21/c),
which undergoes a transition to the orthorhombic polymorph at low temperatures.
For 1 mol% Ca-doped and 2 mol% Sr-doped-LaNb1–xTaxO4, the strategy was effec-
tive at raising the transition temperature and reducing the TEC of both polymorphs,
for example, the TEC of monoclinic La0.98Sr0.02Nb0.8Ta0.2O4–δ reduced to 4.65 x
10–6 K–1 [246][234]. However with increasing Ta doping the conductivity decreases,
reflecting the poorer protonic transport properties of LaTaO4 (≈3 x 10–4 S cm–1 at
1000 °C) [224].
Figure 2.5: Total conductivity of La0.98Sr0.02Nb0.7V0.3O4–δ versus 2 mol% Sr-doped LaNbO4
under wet and dry oxygen and nitrogen (p(H2O)=0.026 atm [247].
The tetragonal transition temperature of RENbO4 is inversely proportional to rare
earth radii, however lattice contraction causes declining proton mobility across the
series, and so later members would be ineffective at overcoming this issue. Instead
substitution of the B site with smaller pentavalent cations was performed. With
increasing B=Sb5+ and V5+ substitution, the a and c parameters of LaNb1–xMxO4
converge, and at dopant levels ≈x=0.3, the scheelite phase could be stabilised to
room temperature[248]. La0.98Sr0.02Nb0.7V0.3O4–δ had a single TEC of 8 x 10
–6 K–1
up to 1000 °C, comparable to tetragonal 2 mol% Sr-doped LaNbO4 and YSZ, and
also had higher conductivity below 450 °C. The conductivity was shown to be entirely
protonic up to 1000 °C under reducing conditions, however p-type contributions were
dominant above 600 °C under oxidising conditions. At low oxygen partial pressures
above 800 °C, n-type contributions were present, and above 950 °C at p(O2)<10
–15
atm phase segregation of LaVO3 occurred [247].
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2.2.5 Other dopant strategies
Increasing the protonic defect concentration is likely to be an important strategy for
improving the conductivity of LaNbO4 and reducing film thickness. However dopant
levels above 2 mol% lead to secondary phase formation that is detrimental to proton
transport [231]. B site substitutions have been performed in an attempt to generate
a more defective structure with higher theoretical saturation limits. Brandao et al
examined the solubility of a range of B site dopants (Ga, Ge, Si, Al, B, P, Zr, Ti),
and found the limit within LaNbO4 to again be poor [249]. Secondary phases were
found for all dopants at the 5 mol% level, even at low concentrations and firing
temperatures, B=B, Zr, P, Al were impure. Phase purity was obtained within the
detection limits of x-ray diffraction for 2 mol% and 3 mol% B= Ti, Ge, Ga, Si, doped
LaNbO4, however the cell volume between the two dopant levels is comparable,
indicating the limit is closer to 2 mol%, which is further supported by their similar
total conductivities. The authors reported p(O2) independent ionic conductivities
up to 950 °C under humidified atmospheres, however further investigations of 1 mol%
Ti doped LaNbO4 by Huse et al showed atmosphere dependant mixed electronic n-
type and p-type behaviour above 750 °C, whilst remaining partially hydrated above
1000 °C[250]. Only at 900 °C does conductivity approach that of A site equivalent
2 mol% Sr-doped LaNbO4 [249].
Co-doping the A site with 1 mol% calcium was performed to enhance the de-
fect concentration in 1 mol% Ti LaNbO4 [250]. The conductivity under oxidis-
ing conditions was similar to that of LaNb1–xTixO4–δ, however a marked increase
in n-type contributions was attributed to LaNb3O9 secondary phases. Whilst
La0.99Ca0.01Nb1–xTixO4–δ has higher total conductivity compared to singularly Ca
or Ti doped LaNbO4 at high temperature, ionic conductivity nevertheless prevails
in 1 mol% Ca-doped LaNbO4. Further co-doping was performed by Ivanova et al
on a range of compositions consisting of 1 mol% A=Ca, Sr, Ba, and 1 mol% B=Ga,
In, Ge [251] however the solid solubility was poor for compositions containing gal-
lium or barium. The conductivity was found to be generally higher for indium
doped compositions having larger cell volumes, however the highest was reported
for La0.99Ca0.01Nb0.99Ga0.01O4–δ at 4.1 x 10
–4 S cm–1 at 900 °C under wet 9%
H2/N2 (p(H2O)=0.015 atm) . Increased dopant levels on both the A and B sites
were ineffective at increasing the conductivity, for example the conductivity drops
for La0.95Ca0.05Nb0.95Sn0.05O4–δ; 2.96 x 10
–4 at 800 °C in wet H2 [251].
Common to all the co-doping studies are the higher enthalpies of proton mobility
and hydration accompanying the reduced conductivity relative to 1 mol% Ca-doped
LaNbO4. Because protons have a net positive charge relative to the host lattice,
they may associate with subvalent dopants in an analogous way to dopant-vacancy
association, resulting in a decrease in proton mobility (Chapter 1). Cluster bind-
ing energies calculated by Mather et al showed such clusters could be expected
in LaNbO4 systems [252]. Of the potential B site dopants calculated, they found
significantly higher binding energies (M′Nb OH M=Sn<Zr<Ti) relative to A site
dopants (M′La OH M=Ca<Sr). Furthermore the most favourable dopant solution
energies were for A site dopants and correlated directly with the ionic radius of La
and Nb; A=Sr<Ca<Fe<Ba<Mg and B=Ti<Sn<Zr<Pb<Ge [252]. Experimentally
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Figure 2.6: Total conductivity of selected B site and co-doped LaNbO4 under wet and dry
atmospheres . LN indicates 1 mol% B site doped, LCN indicates simultaneous 1 mol% calcium A
site doping [249][251].
there appear to be exceptions, for example Zr4+ was shown to have low solubility,
whilst Ge4+ could be prepared single phase [231][251]. Ivano et al also reported
the highest conductivity for Ga3+ doping that could simply be attributed to bet-
ter solubility and more charge defects. However the valence difference of 2 would
be expected to generate a higher association enthalpy and impact the conductivity
relative to B site dopants with only one unit valence difference [251].
2.3 CeNbO4+δ mixed ionic-electronic conductors
2.3.1 Structural Modulation
The cerium analogue of the fergusonite rare earth niobate series exhibits quite differ-
ent behaviour to that of its counterparts. Upon heating, CeNbO4+δ can incorporate
a range of oxygen excess stoichiometries via the oxidation of Ce3+ to Ce4+. The oxi-
dation process generates long range ordering of the oxygen (and cerium) sublattices,
and as a result, four commensurate or incommensurately modulated superstructures
of the monoclinic parent cell are possible, represented by δ=0.08, 0.25 and 0.33,
each crystallographically distinct [253]. Example x-ray diffraction patterns are pro-
vided in Appendix A. Above 750 °C, CeNbO4+δ undergoes the displacive transition
to a tetragonal scheelite polymorph accompanied by Ce4+ reduction and subse-
quent removal of the oxygen excess [254]. The exact nature of these polymorphs
is highly dependent on temperature and thermal history; however competitive fast
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ion conduction has been reported in both the high and low temperature regimes of
CeNbO4+δ and of its derivatives [191].
Ce(III)NbO4 + x
1
2
O2 → Ce(III)1–2xCe
(IV)
2x NbO4+δ (2.1)
Modulation, put simply, refers to the displacement of atoms within a basis or aver-
age structure from their mean positions. However the perturbation may arise from
many variables such as site occupation, charge density, polarisation or magnetisa-
tion in 1, 2 or 3 dimensions [255][256]. Such fluctuations can be described by a
modulation function (q), the period of which can be either commensurate or incom-
mensurate with the periodicity of the basis structure. The period and amplitude
of the modulation function defines the directions and extent of displacements. The
ratio of the period of the commensurate and original structures can be expressed as
a rational number. In principle translational symmetry is not violated, periodicity
can be restored by selecting a supercell and the structure can be indexed by three
integer indices. The monoclinic δ=0.25 and triclinic δ=0.33 stoichiometries of the
CeNbO4+δ system are commensurately modulated in 3-dimensions [253].
When the modulation function has a period that equals an irrational number of
periods of the parent lattice, incommensurate modulation is described. Incommen-
surate phases are believed to arise from conflict between competing forces, and are
often described as intermediate between periodic and aperiodic, that is the modula-
tion is regular, but translational symmetry is lost. The position of a reflection from
such a crystal involves additional dimensions and are characterised by two periodic-
ities. CeNbO4.08 is such a system (2D), and to date its structure is unsolved [253].
Thompson et al attempted characterisation of the modulated CeNbO4+δ phases
[253][257][258]. The structures of the oxidised phases are closely related, owing to
the dominant scattering of the cation sublattice. As a result the relative reflec-
tion intensities are similar, and each phase can be indexed to the parent monoclinic
(CeNbO4) unit cell. Although variations of the cell dimensions are slight, satellite
reflections and variation of peak positions are associated with structural relaxation
arising from the arrangement of additional oxygen atoms and potential Ce4+ order-
ing. It was found that the modulation vectors vary continuously in magnitude and
direction with increasing oxidation.
Thompson et al speculated that the interstitial oxygen atoms may reside in vacant
(4b) octahedrally coordinated sites, derived from the fluorite structure. In the fergu-
sonite structure, this position would generate the shortest O–O separation; however
a small displacement of the oxygen ion and Ce4+ in particular, could be sufficient
to optimise both bonding and non-bonding interactions, and may account for the
small distortion of the parent cell [253].
Recent structure solution work on single crystal CeNbO4.25 showed the supercell
of this phase to be large, containing 12 formula units and with unexpected coordi-
nation behaviour [259]. Tetravalent cerium was found to retain 8-fold coordination
(Ce4+O8), however the other half of these sites adopting the trivalent state, exhib-
ited reduced coordination to Ce3+O7, one site of which reduced further to Ce
3+O6.
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Figure 2.7: Schematic of the CeNbO4.25 supercell highlighting helical-like arrangement of Ce
4+
valence parallel to the c-axis, interstitial oxygen is shown in light green [259].
The structure was shown to consist of helical chains of Ce4+ polyhedra parallel to the
c-axis, an indication perhaps, of interstitial migration pathways. Since interstitial
oxygen is likely to coordinate to at least one Ce4+ cation (Figure 2.7), CeNbO4.25
was suggested to potentially conduct anisotropically, however evidence of this re-
mains unreported. All niobium ions retained 6-fold coordination, again except for
one isolated NbO8 polyhedron. Intriguingly bond-valence sum calculations (BVS)
indicated the structure was significantly less strained than CeNbO4 suggesting this
could be a driving force behind the modulation.
2.3.2 Redox behaviour of CeNbO4+δ
CeNbO4 can be prepared by solid state reaction with rapid quenching to room
temperature, however partial cerium oxidation results in minor portions of a δ=0.08
secondary phase [260]. Upon heating under oxidising conditions, CeNbO4 (and
CeNbO4.08) transform to the modulated phases outlined in 3.3.1. However the
exact stoichiometry is complex, and depends on many different variables such as
thermal history, heating rate and atmosphere. The work of Skinner et al has sought
to resolve the redox behaviour of CeNbO4+δ, of which there has been debate in
the literature [260][261][253][262]. The findings indicate CeNbO4+δ oxidises to a
stable stoichiometry of δ=0.25, the process is kinetically hindered, forming transient
phases.
Table 2.2 summarises the key redox processes of as-prepared CeNbO4+δ, interpreted
from simultaneous DSC-TGA recorded with dynamic heating and cooling [263].
The redox behaviour of CeNbO4+δ was shown to be irreversible between heating
and cooling, both the onset temperature and hyperstoichiometry of the oxidation
processes are dissimilar, and are further dependent upon the heating rate applied.
For example rapid ramping at 20 °C min–1 led to the formation of δ=0.11 and
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δ=0.04 phases, however the oxygen content increased to δ=0.25 and δ=0.08 at 10
°C min–1. On passing the phase transition, the oxygen excess was removed forming
tetragonal CeNbO4.00 which is evident by an exotherm at 700 °C and plateau in
the TG curve from 750 °C. Upon cooling, transformation to the monoclinic phase
began from 700 °C, indicating asymmetry. The onset temperature of the oxidation
process increased to 400 °C upon heating for a second cycle, which was attributed
to the sample being partially oxidised. With further cycling the hyperstoichiometry
and all other processes were replicable [263].
T(°C) Range Process Oxygen Stoichiometry
0-130 Stable (As-prepared) δ=0 + δ=0.08
130-300 Reduction δ=0
3-600 Oxidation δ=0.11 or δ=0.25
600-750 Reduction δ=0
>750 Stable (Tetragonal) δ=0
700-500 Oxidation δ=0.04 or δ=0.08
500- Stable δ=0.04 or δ=0.08
Table 2.2: Redox processes of as-prepared CeNbO4+δ with dynamic heating, 10 °C min
–1 and 20
°C min–1. Transition and oxygen stoichiometry calculated from thermogravimetric analysis.
The hyperstoichiometric phases are easily distinguishable by powder diffraction
methods; in-situ measurements performed every 50 °C under static air (60 °C min–1,
isothermal duration of 1 hour) showed quite different behaviour [260]. No reduc-
tion step was observed; instead the biphasic mixture was stable at temperatures of
up to 200 °C, followed by evolution of the δ=0.25 phase up to 300 °C, and finally
the δ=0.33 prior to reduction leading to the tetragonal transition, which was again
asymmetric between heating (650 °C) and cooling (550 °C). Upon cooling the sample
initially re-oxidised to a phase mixture of δ=0.33-type and δ=0.25, the latter was
then stable between 400 °C and room temperature. Repeated cycling showed no
further oxidation (δ=0.25 being stable), with the transition again occurring at 650
°C. TGA-DSC measurements under replicated conditions were in agreement [260].
Data collection with a longer dwell time of 2 hours (first cycle) showed direct oxida-
tion to the δ=0.25 phase from 350 °C, upon cooling CeNbO4+δ initially formed the
δ=0.08 stoichiometry followed by δ=0.25 phase which was stable to room tempera-
ture [263]. This work again showed the tetragonal transition to be asymmetric; now
700-730 °C and 600 °C upon heating and cooling respectively. Whilst the behaviour
is complex, the difference between the dynamic and isothermal temperature profiles
is clear: preferential oxidation to the δ=0.25 stoichiometry.
2.3.3 Redox behaviours of CeNbO4.08 and CeNbO4.25
Slow cooling during the synthesis of CeNbO4+δ leads to the formation of a δ=0.08
and δ=0.25 phase mixture, as Section 2.3.2 has shown; formation of the stable
δ=0.25 phase appears kinetically hindered and requires several hours of isothermal
treatment to reach stability [263]. The hyperstoichiometric phases can be isolated
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individually by prolonged synthetic annealing or quenching from the appropriate
temperature [253]. The δ=0.08 phase being meta-stable, undergoes further oxidation
as predicted, however the δ=0.25 phase exhibits unexpected dynamic behaviour.
X-ray absorption spectroscopy has been used to probe the cerium valence in the
δ=0.08 and δ=0.25 phases [259]. The results obtained by dynamically heating these
phases at 5, 10 and 20 °C min–1 under static air, reflect behaviours exhibited by
the as prepared material. With progressively slower ramp rates, the δ=0.08 phase
exhibited a greater degree of reduction (δ=0.05 - δ=0.03) tending towards oxygen
stoichiometry up to 300 °C. The temperature at the peak of oxidation (and onset of
reduction), decreased from≈700 °C to≈680 °C with longer exposure to the oxidative
regime, and as expected was accompanied by increasing hyperstoichiometry (δ=0.08,
δ=0.14 and δ=0.20) [263]. In-situ x-ray diffraction (1 hour data collection, every
50 °C) confirmed oxidation to the δ=0.25 composition with prolonged heating, the
δ=0.08 phase only transiently formed upon cooling. However neutron diffraction
data collected over 2 hours showed this phase also transiently formed prior to the
transition to tetragonal symmetry [263]. No evidence of reduction (<300 °C) was
apparent, similar to CeNbO4+δ, and so it appears that this process is only observed
with dynamic heating.
Figure 2.8: Cerium valence as a function of temperature for CeNbO4.25: showing unexpected
dynamic behaviour upon heating [259].
Only with a ramp rate of 20 °C min–1 does the δ=0.25 phase exhibit reduction
(<5 mol%) upon heating to 300 °C [259]. The XANES work showed intriguing
behaviour (Figure 2.8); at all ramp rates, this phase underwent significant reduction
between 300-450 °C to a stoichiometry ranging from δ=0.16 - δ=0.20 which then
remained stable with further heating up to ≈520 °C. At the slower heating rate of 5
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°C min–1 this reduction step completed at a lower temperature of 400 °C, the region
of stability being wider (to 620 °C) and the degree of reduction less (δ=0.20). With
further heating these phases then re-oxidised to a stoichiometry of between δ=0.17 -
δ=0.25 up to 680-700 °C. Again, heating at 5 °C min–1 generated the δ=0.25 phase
at the lower temperature.
The formation of a new metastable phase with a stoichiometry of approximately
δ=0.16 was inferred by calculation of delta (δ) from ∆(Ce3+/Ce4+), which min-
imises the effect of errors (approximately ±5 mol%) in the starting stoichiometry.
Formation of the δ=0.16 phase was suggested to occur upon the first reduction
step at 5 °C min–1, 20 °C min–1, and upon oxidation at 10 °C min–1 [253]. The
magnitude of the reduction-re-oxidation processes evident from the XANES work
appears to stabilise with slower heating rates, for example at 5 °C min–1 the oxy-
gen stoichiometry only fluctuates between δ=0.20 and δ=0.25. Furthermore in-situ
neutron and x-ray diffraction of the δ=0.25 phase over many hours showed stability
upon heating and cooling, the δ=0.08 phase was shown to form transiently at the
transition boundary, suggesting such dynamic behaviour only presents itself with
rapid heating [263]. Calculated redox rates were shown to generally increase with
heating rate [259]. Even so the δ=0.25 phase was not expected to undergo further
changes, showing that this system is particularly unusual. Further analysis of the
redox behaviour of the CeNbO4+δ system is presented in Chapter 5.
2.3.4 Transport Properties
Interest in the transport properties of CeNbO4+δ stemmed from previous work on
the tantalum analogue. CeTaO4+δ is also monoclinic (P21/c), and also undergoes
structural modulation to incorporate oxygen excess with cerium oxidation, forming
three regimes: δ=0.5-0.48 (350-600 °C), δ=0.17-0.06 (600-950 °C) and δ=0.4-0.34
(950 °C to 25 °C) [264][265]. Within each series, δ was found to vary continuously
and reversibly as a function of temperature, and like CeNbO4+δ these phases are
suggested to be structurally similar [265][266]. Upon heating to 900 °C CeTaO4+δ
transforms to a non-standard orthorhombic phase with deficiency on both the Ce
and O sites (A21am) and with simultaneous decomposition to CeO2 [267][257]. The
conductivity of CeTaO4+δ (δ=0.1) at low temperatures was found to be reason-
able (1.49 x 10–4 S cm–1 at 350 °C), but most probably electronic with increasing
temperature [268]. CeNbO4+δ was therefore investigated in an attempt to find a
new conductor with better phase stability and good transport properties in the
intermediate temperature range.
Conductivity measurements of CeNbO4+δ were traditionally focussed towards the
high temperature polymorph, based on the assumption that higher crystal symmetry
would lead to better transport properties. The scheelite phase has a conductivity
of 0.03 S cm–1 at 850 °C under air, and whilst the ionic conductivity is reason-
able (0.012 S cm–1 at 850 °C) the ionic transport numbers are low ranging from
ti=0.39-0.43 between 800-950 °C [269]. Variable p(O2) measurements showed the
total conductivity of t-CeNbO4 to decrease between p(O2)=10
–4 - 10–3 atm, in-
dicating mixed ionic - electronic p-type conduction [269][191]. The mechanism is
intercalation of oxygen interstitials and formation of electron holes according to Eq.
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2.2. The conductivity decreases as excess oxygen is removed and cerium reduces to
the trivalent state, resulting in stoichiometric CeNbO4.
1
2
O2 ↔ O
′′
i + 2h (2.2)
The ionic conductivity was found to decay more rapidly with reducing oxygen partial
pressure, indicating more complex defect behaviour than Eq. 2.2 suggests. Tsipis
et al attributed the plateau between p(O2) = 10
–4 -10–9 Figure 2.9, to intrinsic dis-
order and/or defects with concentrations governed by impurity content [269]. The
changing oxygen chemical potential may be compensated by cerium vacancy for-
mation while the partial ionic and p-type remain essentially unchanged [269]. At
p(O2)<10
–9 atm the total conductivity dropped substantially, which was associated
with decomposition of the tetragonal phase, similar processes have been observed
for CeVO4±δ (Section 3.3.4). However XRD of CeNbO4 annealed under 5 mol%
H2/N2(g) at 850 °C for 30 hours showed the monoclinic phase only, suggesting any
such event must have been reversible [269]. Vullum et al extended p(O2) measure-
ments to higher temperature, and obtained agreeable results .
Figure 2.9: Oxygen partial pressure dependencies on the total conductivity of CeNbO4+δ [263].
The total conductivity deconvoluted from AC impedance spectroscopy Figure 2.10
showed, as expected, a drop in activation energy as CeNbO4+δ passes the phase
transition [263]. The effects of oxygen hyperstoichiometry within the monoclinic
phase however, were initially absent, even with equilibration of approximately ≈1
hour. Van der Pauw DC conductivity measurements which are surface sensitive
and therefore sensitive to surface oxidation, showed that the conductivity of the
84 Chapter 2. Fergusonite structured rare earth niobates
monoclinic phase is in fact higher, and correlates directly with the oxidation pro-
cess (Figure 2.10) [263]. Whilst transport numbers for the low temperature phase
have not been recorded, the increase in total conductivity can be rationalised by
an increase in charge carrier concentration (Eq. 2.2). An attempt to examine the
conductivity of CeNbO4.25 was performed by Li et al, however to date the transport
properties of the isolated δ=0.08, δ=0.25 and δ=0.33 phases are unknown [270].
The difference in conductivity between oxygen stoichiometric and hyperstoichio-
metric CeNbO4 was apparent in recent measurements performed on polycrystalline
CeNbO4+δ and single crystal CeNbO4 (grown under argon). Despite the resistive
grain boundaries of CeNbO4+δ, the conductivity was half an order of magnitude
higher for polycrystalline CeNbO4 under air compared to the single crystal heated
under argon, without equilibration [271].
Figure 2.10: Total conductivity of CeNbO4+δ heated under static air determined from AC
impedance spectra with ≈1 hour isothermal duration, and Van de Pauw DC conductivity with
longer equilibration.
The role of the oxygen excess was further demonstrated by obtaining oxygen tracer
diffusion coefficients (D*) for CeNbO4+δ. Unexpectedly D* was found to increase
with decreasing temperature in the high temperature polymorph, from 8.6 x 10–8
cm2 s–1 at 900 °C to 3.6 x 10–7 cm2 s–1 at 800 °C (Figure 2.11) [191]. Diffusion
coefficients in the range of ≈10–8 cm2s–1 do not compete with materials discussed
previously (Chapter 1) however D* was found to increase further with decreasing
temperature in monoclinic CeNbO4+δ, with a maximum of 6.8 x 10
–7 cm2 s–1 at
700 °C [272]. The monoclinic CeNbO4+δ was shown to have oxygen diffusivity
greater than some of the better know electrolyte materials e.g. Ce0.8Gd0.1O2–δ
and La2NiO4+δ, reflecting modulation of the low temperature phase [263]. How-
ever electronic contributions are problematic for electrolyte applications, and are
furthermore insufficient for electrode applications [273][274].
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Figure 2.11: Oxygen tracer diffusion coefficients D* for CeNbO4+δ [272].
2.3.5 Doping Strategies
The ratio of the ionic and electronic contributions to the total conductivity of
CeNbO4+δ are such that SOFC applications are excluded; the electronic conductiv-
ity is insufficient for electrode materials particularly the cathode, yet too high for
use as an electrolyte. Both A and B site substitutions have been performed in an
attempt to optimise the transference numbers. For example, Packer et al prepared
the solid solution series Ce1–xLaxNbO4+δ (x=0, 0.2, 0.4, 0.6, 0.8, 1), in an attempt
to quash electronic contributions, by replacing cerium with redox stable lanthanum
[275]. With progressive substitution, the total conductivity decreased as the con-
centration of electron hole defects reduced, however this was also accompanied by
a reduction in the ionic conductivity as interstitial oxygen was removed. Between
CeNbO4+δ and Ce0.8La0.2NbO4+δ this effect was found to be negligible, but be-
came more pronounced with additional doping; for Ce0.2La0.8NbO4+δ, oxide ions
were the dominant charge carriers, however the ionic contribution was found to be
over an order of magnitude lower than Ce0.8La0.2NbO4+δ and CeNbO4+δ.
Neutron diffraction studies have shown, that like the parent material,
Ce0.8La0.2NbO4+δ oxidises to a maximum stoichiometry of δ=0.25, whilst
Ce0.2La0.8NbO4+δ shows no such behaviour, instead undergoing the phase tran-
sition at lower temperature (≈530 °C) [275]. With decreasing p(O2) the conduc-
tivity decreased, and from p(O2) <10
–5 atm plateaus, consistent with the loss of
interstitial oxygen and electron holes, towards intrinsic disorder. Whilst lanthanum
doping minimised electronic contributions, this was at the expense of interstitial
oxygen content, which is clearly advantageous for promoting ionic conductivity. For
example ≈10–3 S cm–1 at 900 °C is still not competitive enough for intermediate
temperature electrolyte applications.
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Figure 2.12: Arhenius plot of the total conductivity of W-doped ReNbO4 [276].
Donor doping the B site with tungsten, was performed on a selection of rare earth
niobates (RE=La, Pr, Nd) to induce oxygen hyperstoichiometry whilst eliminating
electronic contributions from cerium [277]. RENb0.92W0.08O4.04 show considerable
enhancements in total conductivity of at least 1.5 orders of magnitude compared
to their un-doped analogues. Whilst the total conductivity is comparable between
RE=La, Pr, Nd, LaNb0.92W0.08O4.04 displays the highest conductivity of 3 x 10
–3 S
cm–1 at 800 °C. X-ray diffraction shows an increase in cell volume (La>Pr>Nd) upon
tungsten doping, however only RE=La exhibits evidence of modulation, adopting a
superstructure similar to that of the CeNbO4.08 phase with unidentified reflections
not attributable to secondary phases, as confirmed by EDXS.
A characteristic reduction in the activation energy was observed on passing the
phase transition, suggesting a change in charge carrier nature, possibly to electronic
p-type as seen for RENbO4. This in turn decreased with increasing rare earth radius
at high temperatures, whilst at low temperature, the ordering followed Pr<Nd=La.
Certainly the larger cell volume of the lanthanum analogue may account for higher
conductivity, possibly creating a broader framework that facilitates ion migration.
The larger radii of La and Ce over Pr and Nd, has been speculated to somehow
account for this modulation. Cava et al previously examined the binary system
LaNbO4-LaWO4+δ and found that a two-phase region existed between W=0.02-
0.11, and higher substitution levels generated modulated phases [278]. Possibly a
minimum defect concentration is necessary for structural modulation, the level of
which depends on rare earth radius.
Further tungsten substitution to form the modulated LaNb0.84W0.16O4.08 phase did
not provide any real benefit in total conductivity [259]. The activation energy in
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the high and low temperature regimes is higher, and lower respectively compared
with LaNb0.92W0.08O4.04, and both materials have greater activation barriers to
LaNbO4, the reason remains unclear [277]. Variable p(O2) measurements at 800
°C show this composition to be stable to electronic contributions at low oxygen
partial pressures. Furthermore the ionic conductivity calculated from the oxygen
tracer diffusion coefficient at 600 °C (3 x 10–8 cm2 s–1) was in agreement with that
obtained by impedance spectroscopy, showing that the behaviour is wholly ionic.
Initial cell testing showed stability with 1:1 NiO/YSZ and 1:1 LSM/YSZ electrodes
[276].
Rare earth vanadates REVO4, such as CeVO4 crystallises with the tetragonal zir-
con structure (I41/amd), which is described as a mixture of edge, and corner linked
VO4 and CeO8 polyhedra, with channels running along the c-axis [279]. CeVO4 is
predominantly a p-type electronic conductor, with very low ionic transference num-
bers. However limited Ce4+ has been demonstrated, which generates oxygen excess
and an increasing ionic contribution with temperature [280][281]. The mechanism is
suggested to be that of polaron hopping between Ce3+ and Ce4+, which can be en-
hanced by acceptor doping with Ca, Sr and Pb on the A site [282][280][283][284]. The
conductivity was shown to increase with acceptor dopant up to the solubility limit,
which has been traditionally reported to be Ca=0.41 and Sr=0.21, however Adijanto
et al recently showed the best solubility with RE=Ce, with limits of Ca=0.57 and
Sr=0.37 [285].
The behaviour of Ce1–xAxVO4±δ under reducing conditions has been the subject of
much debate; with decreasing p(O2) decomposition to orthorhombic Ce1–xAxVO3–δ
perovskite phases is accompanied by a steep increase in conductivity and metallic-
like behaviour, the highest conductivity of 50 S cm–1 and 13 S cm–1 at room tem-
perature and 700 °C respectively was reported for Ce0.7A0.3VO3–δ [282]. The de-
composition has traditionally been regarded as a one step process and proceeds via
V5+ to V3+ reduction [285]. Kharton et al showed phase stability under air up to
1100 °C, however Ce1–xAxVO4±δ decomposed into A site deficient Ce1–xAxVO4–δ
and CeO2–y with increasing temperature and decreasing oxygen partial pressure.
Further p(O2) reduction results in the formation of the perovskite phase, suggesting
the decomposition was not a simple one step process [281]. Adijanto et al found the
transition to be well defined for undoped REVO4, yet for Ce1–xAxVO4±δ it occurred
in stages over a much broader p(O2) range; reducing to oxygen stoichiometries of
O=3.85 and then O=3.38 with the V4+ intermediate oxidation state [285]. Whilst
at low dopant levels CeVO4 and its derivatives are redox irreversible, increasing the
A site dopant concentration led to reversibility above 900 °C which prompted an-
ode testing. However Ce0.7Ca0.3VO3–δ and Ce0.7Sr0.3VO3–δ exhibited low catalytic
activity and only modest performance [282][280][285].
Vanadium substitution was performed on the B site to enhance the electronic con-
ductivity of CeNbO4+δ [286]. Three distinct structures were identified; fergusonite
(I2/a, x= 0.2), scheelite (I41/a, x=0.4) and biphasic zircon (I41/amd) and scheel-
ite (x=0.6-0.8). As expected the thermal expansion characteristics of x=0.4 were
favourable, with no discontinuities (TEC 9.27 x 10–6 K–1). With increasing vana-
dium substitution the total conductivity under air increased, the only exception
was x=0.4 and x=0.2, highlighting the potentially better transport properties of
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Figure 2.13: Total conductivity of CeNb1–xVxO4+δ under static air [286].
the modulated oxygen excess phase. Since no oxygen uptake was found for x=0.4,
the authors attributed the enhancement to electronic contributions via vanadium
mixed valence, however no transport numbers were obtained to support this. The
bulk and grain boundary conductivities were found to decrease and increase respec-
tively with vanadium substitution. Whilst EDXS analysis did not give evidence of
compositional inhomogeneity, vanadium segregation to the grain boundaries might
account for this observation, and the decreasing cell volume with dopant concentra-
tion could reduce the incorporation and mobility of excess oxygen, reducing bulk
transport. Overall this strategy was ineffective at raising the electronic contributions
to levels competitive enough for anode testing.
2.4 Summary
ABO4 oxides offer both rich structural chemistry and transport properties; alternat-
ing between electronic, protonic and interstitial or vacancy oxygen ion conductivity.
Scheelite structures have been suggested to offer superior properties relative to fer-
gusonite or similar structures, particularly for proton transport. Acceptor doped
LaNbO4 as a next generation proton conductor has been particularly encouraging,
having many advantages over BaCeO3. However a major drawback is low dopant
solubility, which prevents higher defect concentrations needed to enhance the con-
ductivity and prevent the requirement for ultra-thin films which are susceptible to
mechanical failures. This is especially important in the RENbO4 systems, which
undergo a large change in thermal expansion upon passing the phase transition to
tetragonal symmetry. Many dopant strategies have been implemented to overcome
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both issues, however without any real success. Assuming these issues are control-
lable in the future, the understanding and development of mixed protonic-electronic
materials is still essential. Conversely, the cerium analogue is suggested to have
better transport properties (oxygen diffusion) in the low temperature polymorph,
and offers both mixed ionic-electronic conductivity and more unusual structural be-
haviours. To date, the transport properties from acceptor doping this system have
not been exploited.
Chapter 3
Research Methods
3.1 Ceramic Processing
3.1.1 Solid state synthesis
The simplest and most common method of preparing metal oxides is by direct calci-
nation of their constituent oxides or carbonates at high temperature. Stoichiometric
quantities of reagents are ground, mixed together and annealed for several hours.
The reaction is diffusion limited owing to the structural reorganisation and lattice
energy that must be overcome, therefore the reaction kinetics increase with temper-
ature, and are governed by the slowest diffusing species. Tamman’s rule states that
extensive reaction will not occur at temperatures below two thirds of the melting
point of one of the reactants, and provides a guideline for conducting such reac-
tions [287]. Nucleation of the product may proceed at the surface between reagent
particles, or by the diffusion of reagents to reaction zones, the kinetics of which
are governed by the rate of nucleation, the diffusion rates of both reactants and
products, and the availability of reaction sites. Therefore the rate increases with
the number of reactant interfaces, which can be achieved with small particle sizes,
homogenous mixing and pelletising to increase contact. As the reaction proceeds,
product interfaces form between particles, increasing the diffusion length and reduc-
ing the reaction rate.
Therefore successive grinding-calcination steps are required. Basic pestle and mor-
tar techniques or mechanical ball milling may be used to ensure intimate mixing and
particle size reduction. For the latter, a mixing bottle containing the powder speci-
men, liquid grinding media and either WC or YSZ balls is horizontally rotated on its
axis for a set amount of time. The powder is subject to high energy collisions with
the balls resulting in impaction and fracturing. Alkaline earth doped CeNbO4 was
prepared via solid state reaction by mixing CeO2 (99.9% Sigma-Aldrich), Nb2O5
(99.9% Sigma-Aldrich) and ACO3 (A=Ba
2+, Sr2+, Ca2+) (99.9% Sigma-Aldrich)
in a pestle and mortar with acetone for 30 minutes before annealing at 1000 °C in
an alumina crucible in a box furnace [253]. The samples were then ball milled for
48 hours in ethanol and annealed a second time at 1400 °C for 18 hours followed
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by rapid quenching to room temperature. The reaction afforded a black crystalline
solid which on re-grinding became dark green, notably darker than CeNbO4 which
indicates greater levels of oxidation. Samples were then ball milled for a further 48
hours prior to sintering (Section 3.2) or further annealing under controlled atmo-
spheres (CO2(g), Ar2(g) and 5% H2/N2(g)) which were performed in a tube furnace
after gas purging for 45 minutes. Humidified atmospheres were introduced with the
addition of a water bubbler to the gas stream.
3.1.2 Densification and Sintering
Dense microstructures are essential for electrical measurements such as AC
impedance spectroscopy (Section 3.7) or electro-motive force (EMF) (Section 3.8.2),
it is also a requirement for many applications particularly electrolytes. Sintering is
the process of transformation from a consolidated powder (green body) to a rigid
dense ceramic. Sintering methods may be reactive, liquid phase, solid state or pres-
sure induced, and are also diffusion limited requiring thermal treatment close to the
material melting point. In the absence of a chemical reaction or applied pressure,
the driving force behind densification is the reduction in free energy of the powder
system associated with solid-solid (grain boundary) and solid-vapour (or liquid) in-
terfaces. The surface energy of the former is generally lower, however in each case,
is dependant on the type and density of unsatisfied bonds and surface termination.
The shape or curvature of the interface is also important; since this alters the chem-
ical potential of the diffusing species. Mass will transport from convex surfaces
to concave surfaces, and overall the sintering process will act to remove curvature
gradients and reduce the interfacial area.
Figure 3.1: The 6 principle mechanisms of mass transport during sintering. 1: Surface diffusion
2: Lattice diffusion from the surface 3: Evaporation-condensation 4: Grain-boundary diffusion 5:
Lattice diffusion 6: Plastic flow.
As a result, there is a competition between densification and coarsening (cf. Ostwald
ripening) of the microstructure, where particles or grains grow at the expense of
smaller ones reducing the free energy of the system without reducing pore size. For
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densification, the rate of solid-vapour interfacial reduction must exceed that of grain
boundary reduction. Densifying transport mechanisms in ceramics include, grain
boundary and lattice (volume) diffusion, whilst non-densifying mechanisms include
evaporation-condensation, surface and lattice diffusion from the surface shown in
Figure 3.1.
Microstructural development is complex, but can be distinguished by three idealised
stages. After sufficient atomic mobility is achieved, rapid formation of necks pro-
ceeds to remove sharply concave inter-particle curvatures, achieving 3-5% relative
density. Most densification and microstructure development occurs during the in-
termediate stage; necks grow and the surface energy reduces leaving a channel like
pore network. In the final stage; pores pinch off becoming isolated, grain growth
becomes significant and kinetics are slower as the driving force reduces. The rate
of densification generally increases with temperature and pressure but also varies
between the stage of sintering and sintering mechanism(s) which may also change
with temperature. Although there are many variables that influence sintering and
the densification curve, particle surface energy and mass transport increase as the
surface to bulk ratio increases, leading to faster kinetics. Therefore small, irregular
shaped particles are beneficial, although this can influence packing density which
depends on particle size and shape distribution. It is essential however that the
particles are well compacted; higher green body density affords improved and more
rapid densification.
There are many ceramic forming techniques which simultaneously shape and com-
pact the green body prior to sintering, such as injection moulding and various casting
methods. The simplest is that of cold or hot pressing, the latter induces concurrent
sintering. Powders are loaded into cylindrical or rectangular steel dies between two
rigid punches, and then placed in a hydraulic uniaxial press which forces the punches
together according to Figure 3.2. Isostatic pressing offers better compaction; the
pre-pressed green body is placed in a protective rubber cast and placed in a fluid
which is compressed, the hydrostatic pressure subsequently compresses the sample
uniformly.
The density of sintered compacts can be calculated by the Archimedes method ac-
cording to Eq. 3.1, where MAir and MFluid are the mass of the sample in air and a
fluid (usually water), and ρFluid is the density of the fluid at current room tempera-
ture. The weight of an object immersed in a liquid decreases by an amount equal to
the weight of the liquid that it displaces. The volume of 1 g of water approximates to
1 mL which enables determination of the sample volume and hence the density. The
percentage theoretical density is simply the ratio of the experimental and crystallo-
graphic density, calculated by Rietveld refinement of the crystal structure according
to Eq. 3.2, where NC is the number of atoms in the unit cell, A is the atomic mass
(kg mol–1), VC is the unit cell volume (m
3) and NA is Avogadro’s number (atoms
mol–1).
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Figure 3.2: Schematic of uniaxial (left) and isostatic (right) cold presses.
ρexp =
MAir · ρFluid
MAir – MFluid
(3.1)
ρtheo =
NCA
VCNA
(3.2)
Ce1–xAxNbO4±δ powders (≈0.5g) prepared according to Section 3.1.1, were loaded
into a 13 mm cylindrical die and uniaxially compressed with a Specac press at 3-
4 tons pressure for approximately 5 minutes until the pressure was stable. The
compressed disks were then loaded into purple nitrile gloves and evacuated before
isostatically pressing to 300 MPa for another 5 minutes using a Stansted Fluid Power
Ltd cold press. The green compacts were then sintered for 18 hours in a box furnace
at 1500 °C with a ramp rate of 10 °C min–1 and cool down rate of 5 °C min–1.
Reductive sintering was performed in a tube furnace with flowing argon gas using
the same temperature programme. Densities were measured with an Archimedes
balance, and compared to theoretical densities obtained from crystallographic data
(Chapter 4).
3.2 Thermal Analysis
3.2.1 Simultaneous TG-DSC
Thermogravimetric analysis (TGA) measures the mass of a specimen as a function
of time and (or) temperature which result from a range of chemical or physical
processes including adsorption-desorption, decomposition or redox reactions. Both
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qualitative and quantitative analysis can be performed; theoretical mass changes
for a process can be calculated from the molar mass of the specimens constituents
and compared to the mass change observed. TG may be performed as a standalone
measurement using a high precision balance under a controlled atmosphere and
temperature programme, or more frequently is coupled with differential scanning
calorimetry (DSC) (Figure 3.3).
Figure 3.3: Schematic representation of simultaneous TG-DSC with heat flux operation.
Differential scanning calorimetry (DSC) is a thermal analysis technique that exam-
ines how a materials heat capacity changes as a function of controlled conditions
including; temperature, heating rate and atmosphere. This enables detection of en-
thalpy changes accompanying phase transitions or chemical reactions. Sample and
empty reference pans are heated at the same rate, where a computerised system
carefully adjusts the power supply to maintain equal temperature. DSC measures
the difference in output between the two heaters as a function of temperature. The
difference is equivalent to the heat flow that is absorbed or released during an en-
dothermic or exothermic event respectively. Under constant pressure the heat flow
is equivalent to the enthalpy change for the process according to Eq. 3.3.
(
dq
dt
)p =
dH
dt
(3.3)
∆dH
dt
= (
dH
dt
)sample – (
dH
dt
)reference (3.4)
There are principally two configurations for performing DSC measurements. The
power compensation method houses sample and reference pans in separate yet iden-
tical furnaces which independently adjust the power supply to maintain the temper-
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ature at the program value. In heat flux DSC (Figure 3.3) both sample and reference
pans are held on a low resistance metallic disc contained in a single furnace chamber.
A temperature differential will be generated, as the sample undergoes an enthalpy
change and the heat flow between the metallic disk is calculated.
Simultaneous TG-DSC measurements were performed with a NETZSCH STA 449C
Jupiter heat flux instrument by first loading 20-50 mg of sample powder into Pt
crucibles followed by gas system purging for 30 minutes where appropriate. Ex-
periments were conducted in several atmospheres including static air, flowing air
and CO2 (50 mL min
–1) at different heating rates. In each case a correction was
performed first by running the program without sample. TG measurements under
humidified atmosphere were performed in collaboration with Dr Vladislav Kharton,
University of Averio, Portugal, using SetSys 16/18 and SetSys EVO16 instruments
(Setaram, France). Samples were first equilibrated in atmospheric air at 1100 °C for
2 hours and cooled to room temperature at 2 °C min–1. Air and argon gases were
pre-dried or humidified and the p(H2O) controlled to ≈0.035 atm, measurements
were conducted with a flow rate of 2-3 L hour–1.
3.2.2 Dilatometry
Dilatometric measurements record the change in specimen dimensions as a function
of temperature and (or) time, which may result from physical or chemical processes
including reactions, thermal expansion, densification, or phase transitions. There are
numerous configurations based on the dimensions measured e.g. linear, volumetric;
the method of recording dimensional changes e.g. capacitor, optical, laser; and the
physical layout e.g. vertical, horizontal. The most common is that of the linear,
horizontal push-rod configuration shown in Figure 3.4. The sample is placed between
two small alumina rods, which separate a supporting rod and the push rod. The
total deflection (∆d) of the sample and alumina rods is measured with a linear
variable displacement transducer (LVDT), which is corrected for and converted into
the change in length (∆l) of the sample.
α =
1
l0
· dl
dT
(3.5)
The (linear) thermal expansion coefficient (TEC) can be calculated according to Eq.
3.5. Where l0 is the starting length of the sample, dl is the change in sample length
resulting from the temperature change dT. Linear shrinkage (∆l/ ∆l0) can also be
determined.
Green bodies were prepared by loading ≈0.5 g Ce1–xAxNbO4±δ powder into a rect-
angular bar die (approx. 25 mm x 4 mm x 4 mm) and uniaxially pressing at 1.5
tons pressure for 5 minutes. The bars were then isostatically pressed at 300 MPa for
another 5 minutes. Sintering and redox behaviours were investigated using a NET-
ZSCH DIL 402 E push rod dilatometer operated under static air with a heating rate
of 10 °C min–1.
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Figure 3.4: Schematic of a horizontal, linear push-rod dilatometer.
3.3 Electron Microscopy
3.3.1 Scanning electron microscopy (SEM)
Electron microscopy enables the investigation of microstructural and compositional
features of materials, and offers superior resolution to optical imaging. A schematic
representation of a scanning electron microscope is shown in Figure 3.5. Thermionic
electrons are generated typically by a tungsten filament and are both drawn away,
guided and accelerated by a cathode-anode pair. The potential between the pair
controls the accelerating voltage and subsequent kinetic energy of the electron beam
passing the column, whilst the initial emission current is controlled by the filament.
A series of electromagnetic lenses repel and condense the electron beam as it trans-
verses the column. The beam is initially divergent after passing the anode, however
the condenser lens may be adjusted to converge the beam to an appropriate focal
point as shown schematically. The initial spot diameter and current is controlled by
this and an adjacent aperture, which prevents electrons that are off-axis or energy
from reaching the sample and further narrows the beam. The objective lens then
focuses the beam onto the sample surface, under or over focus increases the spot size
and decreases resolution. High resolution imaging requires a small probe size, which
is controlled by reducing the working distance of the sample stage, increasing the
accelerating voltage and adjusting the aperture and condenser lens. However a con-
sequence of the latter is a reduction in the beam current which reduces the signal
to noise ratio, therefore a compromise between probe diameter and current must
be made. The resolution can be further enhanced by correcting for astigmatism.
Both secondary and backscattered electron detector signals are then translated into
a series of pixels.
The primary electron beam may interact elastically or inelastically with the sample.
The shape and penetration depth of the interaction volume shown in Figure 3.6,
varies with beam current, spot size, accelerating voltage as well as atomic num-
ber Z and specimen tilt angle. For example the beam may be elastically scattered
to generate backscattered electrons (BSE). The near equivalent kinetic energy of
BSE to the incident beam enables bulk compositional investigations. The fraction
of backscattered incident electrons is given the BSE coefficient η, which increases
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Figure 3.5: Schematic of a scanning electron microscope.
monotonically with atomic number Z, therefore contrasting results from composi-
tional variations. Alternatively the primary beam may collide with core or valence
electrons ejecting slow or fast secondary electrons with reflecting kinetic energies.
Secondary electrons (SE) may be re-absorbed within the bulk, whilst shallow SE
from the sample surface escape to the detector and are used for imaging. Image
contrasting results from variation of the SE coefficient δ with sample topography
shown in Figure 3.6. The ’edge effect’ increases emission, therefore for BSE detec-
tion samples must be polished. Secondary electrons generated by BSE (SE2) show
a weak correlation with composition but can provide contrast. However both BSE
and SE emissions increase with tilt angle due to shallowing of the interaction volume
(Figure 3.6).
Figure 3.6: Schematic representation of the incident beams interaction volume A: With specimen
topography B: Variation with tilt angle C: Variation with atomic number and accelerating
voltage.
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3.3.2 Energy dispersive x-ray spectroscopy (EDXS)
The generation of secondary electrons by the incident beam is accompanied by the
formation of a core shell hole which is stabilised by the drop-down of an electron from
higher principle quantum number. A requirement of core level spectroscopies is that
the incident beam energy must exceed or equal the critical excitation energy of the
core state, and the transitions which are denoted by Siegbahn notation are governed
by dipole selection rules. The difference in binding energy between the two states
results in the emission of a characteristic x-ray, the wavelength of which reflects the
nature of transition and electronic structure of the target atom. This enables both
quantitative and qualitative elemental analysis in conjunction to imaging through
the incorporation of a separate lithium drifted silicon detector as per Figure 3.5.
X-ray counts are recorded as a function of incident energy and background counts
from Bremsstrahlung radiation are removed prior to integration of each peak. The
concentration of the element in the sample (CSample) is determined by the product of
the K ratio (ISample/IStandard), and the concentration of the element in a standard.
A correction (A) for absorption, and x-ray fluorescence is applied which in addition
to auger ejection are secondary processes which accompany EDXS and are described
further in Section 3.5. Standardised quantitative analysis is performed by measuring
the spectra of both sample and relevant standards under the same microscope and
corresponding conditions after calibration of the EDXS system, alternatively semi
quantitative analysis by the use of default spectra can be used however this limits
accuracy.
CSample = K · CStandard · A (3.6)
Sample imaging was performed with either a LEO 1550 or JEOL 6400 SEM config-
ured with Noran energy dispersive x-ray analyser. Samples were taped onto metallic
mounting stubs and, where appropriate, sputter coated with chromium for 5 min-
utes and a conductive connection between sample and holder made with silver paint.
The samples were then loaded on the microscope carousel and the sample chamber
evacuated. Measurements were performed with incident beam energy of 25 keV
and all other parameters were adjusted accordingly. For electron backscatter de-
tection (EB) samples were polished to a 14µm finish using diamond abrasive and
automated polisher. The EDXS system was first calibrated by recording the spec-
trum of a chromium standard, and the weight percentage of constituents compared
to default spectra. The average grain size was estimated using the linear grain in-
tercept method (AGI) according to Eq. 3.7, where L is the random line length on
the micrograph, N is the number of intercepting grains and M is the magnification
of the micrograph.
d =
1.56L
MN
(3.7)
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3.4 Infrared Spectroscopy
3.4.1 Overview
Infrared spectroscopy is an absorption technique which probes the vibrational en-
ergy levels of bonds within matter. It falls between rotational and electronic spec-
troscopies which are concerned with the absorption of electromagnetic radiation in
the microwave (1.24 µeV -1.24 meV) and UV (3.3 eV - 124 eV) or higher energy
ranges. Mostly the study of organic or inorganic compounds is concerned with the
mid-IR region of the spectrum. The absorption of quantised energy corresponding
to the stretching and bending modes of bonds, promotes the molecule by one vibra-
tional energy level (∆v=+1), however the mode is only IR active if accompanied
by a change in dipole moment. Weaker forbidden transitions, including overtones
and combination bands, may be found at higher frequencies. The infrared spectrum
can be understood qualitatively by considering a physical model relating to Hooke’s
law, which supposes a simple diatomic molecule is composed of atoms of mass 1
and mass 2 connected by a massless spring. As per Eq. 3.6 the frequency of the
vibration and radiation removed from the spectrum ν, increases with force constant
k and decreases with reduced mass µ.
ν =
1
2pi
√
(
k
µ
) (3.8)
µ =
m1 ·m2
m1 + m2
(3.9)
Therefore bands corresponding to single bonds to hydrogen are found between 2500-
4000 cm–1, triple bonds between 2000-2500 cm–1, double bonds between 1500-1750
cm–1 and single bonds or bending modes between 500-1500 cm–1, in what is known
as the fingerprint region. The intensity of a band correlates with the change in
dipole moment on absorption, and the concentration of absorbing species according
to the Beer Lambert law (Eq. 3.13). Therefore IR spectroscopy can be used as a
diagnostic tool to determine a compound or specific functional groups.
3.4.2 ATR of Inorganic compounds
Infra-red spectroscopy of inorganic crystals usually presents fewer, broader bands
at lower wavelength due to what might be predominantly ionic bonding between
heavy elements. Free rotation is not feasible in solids without discrete molecular
groups due to strong ionic bonding, instead quantised lattice waves are presented.
Coupled displacements between atoms give rise to phonons which propagate in all
dimensions of the solid, and may be elementarily described by Hooke’s law. How-
ever IR spectroscopy is useful for the study of inorganic compounds with absorbed
molecular species. Attenuated total reflectance IR spectroscopy (FT-IR ATR) re-
duces challenges with respect to sample preparation and reproducibility compared
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to traditional transmission methods. The IR beam is directed to an optically dense
crystal with high refractive index at a certain angle, which is in intimate contact
with the sample. The beam is internally reflected creating an evanescent wave that
extends beyond the surface into the sample with a penetration depth of ≈0.5-5 µm.
At energies corresponding to absorption the beam is attenuated and passes back to
the IR beam to the detector.
Figure 3.7: Schematic representation of an FT-IR spectrometer under ATR mode.
Measurements were performed with a Nicolet iS 5 Fourier transform (FT-IR) spec-
trometer operating in attenuated total reflectance (ATR) mode using a Specac single
reflection ATR accessory. Powder samples (≈50 mg) were placed between the ATR
crystal platform and a monolithic diamond element, the height of which was ad-
justed to ensure optical contact. A background spectrum was recorded prior to the
sample, and an ATR correction and collection parameters were adjusted using the
OMNIC program by Thermo Scientific; 32-64 scans with a resolution of 2 (1 cm–1).
3.5 X-ray absorption spectroscopy
3.5.1 Theoretical description
X-rays may be absorbed as opposed to diffracted by matter, affording transitions
between electronic states or inducing the photoelectric effect synonymously to Sec-
tion 3.3.2. X-ray absorption spectroscopy (XAS) is element specific and may be
used to probe the local electronic and geometrical structure of matter in a variety
of states and conditions. The probability of x-ray absorption by an atom is given by
the absorption cross section (Eq. 3.8), where A is the atomic mass; Z is the atomic
number and E is the incident photon energy, the probability increases with Z and
wavelength. The absorption coefficient µ (cm–1), is the product of the cross section
and atomic density, the fraction of photons absorbed by a sample of thickness x
(cm2) is given by Eq. 3.10. Integration of this equation affords the Beer-Lambert
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law, which shows empirically, that the incident photon intensity decays exponen-
tially with sample thickness.
Absorption cross section: σ =
Z4
AE3
(3.10)
µ = σρ (3.11)
– dI(x) = I(x)µdx (3.12)
I = I0e
–µx (3.13)
The absorption probability rises sharply at incident photon energies corresponding
to the absorption edge of a core shell electron (K, L, M), the energy of which
increases with atomic number and decreases in the order of K>L>M. When the
incident x-ray energy is equal to or greater than the binding energy of a core electron
energy will be absorbed, promoting it to a bound unoccupied state in the conduction
band (LUMO) or unbound state beyond the vacuum level as a photoelectron with
a kinetic energy equal to the promotional energy minus the binding energy. XAS
therefore probes µt as a function of photon energy, affording a spectrum comparable
to Figure 3.9. Theoretical approaches consider the band structure and localised
molecular orbital or crystal field theory to interpret local bonding and density of
states (DOS) of the target the atom. Formation of a core electron hole leaves the
target atom in a highly excited and unstable state, which can relax by radiative
and non-radiative mechanisms. The drop down of an electron from a lower energy
state releases energy by x-ray fluorescence, with a wavelength characteristic of the
atom and corresponding electron state. This is often a dominating process at higher
incident x-ray energies. Alternatively at low incident energies corresponding to light
elements or L and M edges, the hole may relax by drop down of a valence electron
followed by ejection of a second core ’auger’ electron.
Figure 3.8: Schematic representation of transmission and fluorescence geometries for recording
µ(E).
Synchrotron sources offer high x-ray energies and broad spectral ranges needed for
generating photoelectrons, in addition to the appropriate optics and sample envi-
ronment for a variety of measurements. To obtain µ(E) the incident photon energy
is scanned, and two geometries may be employed to record the absorbed intensity
(Figure 3.8). Transmission mode records the incident and transmitted photon flux
using identical detectors before and after the sample environment. The coefficient
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µ(E)x is calculated from Eq. 3.13 taking the logarithmic ratio of incident and trans-
mitted intensities. Transmission geometries are suited to concentrated samples with
>10% absorbing species, however the sample requires careful preparation and the
thickness must be adjusted to ensure good signal to noise ratio. Transmission mode
in principle measures the total attenuation coefficient, since scattering cannot be
corrected. For thick or dilute samples fluoresence geometry is preferable, which
measures the total fluorescence yield as a function of photon energy. The detector
is placed at 90° to supress scattering detection and an energy discriminating filter
may be implemented physically or electronically.
3.5.2 Interpretation
The XAS spectrum consists of four regions classified by the final state of the pro-
moted electron and each provides distinct information. At incident beam energies
below the true absorption edge (vacuum level) the electron may be promoted to
bound states near the fermi level which corresponds to the pre-edge, edge and near
edge region (XANES). Such transitions are governed by dipole selection rules, al-
lowed transitions (∆L±1, ∆J±1, ∆S=0) can afford particularly intense peaks known
as white lines. Forbidden or partially allowed transitions that result from orbital
mixing are usually weak. The near edge fine structure (NEXAFS) and extended fine
structure (EXAFS) regions correspond to photoelectrons with low and high kinetic
energy respectively. Multiple scattering from nearest or next-nearest neighbouring
atoms, results from constructive or destructive interference and produces an oscil-
latory spectrum. Such regions can be used to construct distribution functions and
to determine local structure and geometry.
Figure 3.9: Example XAS spectrum of µ(E) as a function of E(keV), highlighting the different
spectral regions.
Symmetry reduction leads to intense pre-edge features, and determination of the
local coordination number. The intensity of which is also sensitive to bond lengths,
shorter bonds give stronger pre-edge. The edge position varies with oxidation state,
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since the binding energy of the core electrons increases which can be rationalised by
a simple electrostatic model; the nucleus carries a greater effective nuclear charge.
3.5.3 Quantitative Analysis
To obtain (semi) quantitative information on the relative valence ratios of the target
element, linear combinations of the spectra of two or more standards with known
valences can be performed according to Eq. 3.14, to model the unknown spectrum
(MS). Linear combination analysis (LCA) is combined with least squares fitting and
requires prior data processing. The spectrum of a reference material with known
absorption edge, usually a metal foil, is collected simultaneously with the sample and
used for energy alignment to compensate for monochromator drift or jumps during
the course of the measurement. Normalisation is the process of regularising the data
with respect to variations in absorber concentration and sample thickness according
to Eq. 3.15, where µ0(E) is a background function and µ0(E0) is the normalisation
constant. The latter is obtained by fitting a pre-edge line and post edge spline-
polynomial, and subtracting an extrapolation of the former to the absorption edge
(E0) from the same extrapolation of the post edge.
x[a] + y[b] = MS (3.14)
χ(E) =
(µ(E) – µ0(E))
µ0(E0)
(3.15)
X-ray absorption (XAS) was performed on Ce0.9Sr0.1NbO4±δ by targeting the
cerium LIII edge. Simultaneous diffraction data were collected on beamline B18 at
the Diamond Light Source, Rutherford Appleton Laboratories, Oxford, UK [288].
Samples were diluted by mixing the sample with boron nitride and pressed into
13 mm discs. The incident beam energy was scanned between 5.4-9.8 keV, data
were collected in transmission mode using a Si(111) monochromator and Ge solid
state detector. Simultaneous in-situ diffraction measurements were recorded at 9.8
keV, data collection totalled 3 minutes and was performed with dynamic heating.
CeO2 and fully reduced CeNbO4 (2 hours at 800 °C in 5% H2/N2(g)) were used
as standards for the Ce4+ and Ce3+ LIII absorption edges respectively. Energy
calibration was conducted with a Cr reference foil (K edge 5.989 keV) by selecting
the zero crossing of the second derivative, and all spectra were normalised and
background subtracted prior to linear combination fitting using the Athena GUI
[289] for IFEFFIT program [290].
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3.6 Powder Diffraction Techniques
3.6.1 Diffraction Principles
Crystals are characterised as having periodic structures in which the atoms or
molecules in real space form a motif with translational symmetry in 3 dimensions.
Mathematically the structure can be represented as an array of repeating, identical
lattice points constructed by a set of symmetry elements including combinations of
rotational, inversion, and mirror symmetries. This set of symmetry operations when
combined together generate 32 point groups that may be further classified according
to 7 crystal systems. Each system defines the symmetry of a unit cell, the simplest
repeating unit of the lattice in 3 dimensions and which is described by 3 vectors (a,
b, c) and angles (α, β, γ). Crystal systems can be further divided into 14 Bravais
lattices where the lattice points may be arranged to afford centering (primitive P,
body I, face F, base C). The structure can therefore be described by one of the 230
space groups, which are a combination of the 32 point groups, Bravais lattices and
glide or screw symmetry operations that translate the basic unit cell in all dimen-
sions. The work reported here has exclusively dealt with structures of monoclinic
and tetragonal symmetry shown in Figure 3.10.
Figure 3.10: Schematic of the monoclinic and tetragonal crystal systems.
The periodic arrangement of atoms in a crystal leads to the phenomenon of diffrac-
tion upon irradiation of electromagnetic radiation with wavelengths comparable to
interatomic spacing’s. Three parameters need to be synchronised for a diffraction
event to occur, as defined by Braggs law (Eq. 3.16), where λ is the wavelength of
the incident beam, the crystal orientation is defined by the angle theta and d is
the interatomic spacing of crystallographic planes which intersect the unit cell at
integer fractions defined by miller indices hkl. With monochromatic radiation the
relationship between d-spacing and angle is inverse. Braggs law is satisfied when
the radiation is scattered from atoms that lie on successive planes and interferes
constructively, traveling distances that differ by exactly an integer number of wave-
lengths (n=,1,2 etc. . . ) denoted by the sum of the lengths ABC. The orientation of
the crystal may be continuously varied until another diffraction event corresponding
to a new set of planes hkl satisfies Braggs’ law.
nλ = 2dsinΘ (3.16)
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The path difference between radiation scattered from different planes is directly
proportional to the difference in phase angle between the planes. The amplitude and
phase of a diffracted wave from a set of Bragg planes is described by the structure
factor F(hkl) (Eq. 3.17), which is a summation of the waves scattered by all atoms
in the unit cell multiplied by the number of unit cells in the crystal. The wave
scattered by atom j will have an amplitude equivalent to the scattering power fj
of that element and a phase (φ) relative to a reference plane that is dependent
on the interplanar position of the atom and therefore its position in the unit cell
(xyz), denoted by Eq. 3.18. From the measured intensity of the diffraction spot the
amplitude can be determined, however there are currently no methods of directly
deducing the phase which prevents calculation of the structure, known as the phase
problem.
F(hkl) =
n∑
j=1
fj ·Θeiφj (3.17)
φj = 2pi(hxj + kyj + lzj) (3.18)
A number of methods exist for estimating the phase of reflections and subsequently
obtaining structural information. The intensity of a reflection is dependent on the
structure factor of the atoms within the unit cell and their atomic displacement but
also on preferred orientation effects, reflection multiplicity and Lorentz-polarisation
parameters, whilst the positions of the reflections give information on the size and
shape of the unit cell. The pattern is often presented as a plot of I vs 2Θ, and the
peak width and shape provides information on crystallite size and strain. Single crys-
tal methods give detailed and precise structural information, however 3-dimensional
information is condensed into 1-dimension and therefore lost with powder methods
in which millions of randomly orientated crystallites statistically satisfy Braggs law.
This results in superposition of reflections with similar d-spacing’s and subsequently
overlapping reflections which complicates the extraction of diffraction intensities.
However such methods offer convenience and do have the advantage of providing
information on phase mixtures and crystallite imperfections.
3.6.2 X-ray diffraction
X-rays induce electron oscillations in atoms and as a result are scattered from all
directions. The scattering amplitude therefore increases with atomic number as
the electron density increases. As a consequence x-ray diffraction methods are not
suitable for distinguishing light atoms, or contrasting between neighbouring elements
in the periodic table. However only at a scattering angle of Θ=0 is the scattering
amplitude proportional to the atomic number of a given atom. With increasing angle
destructive interference among waves scattered by individual electrons reduces the
intensity with increasing angle. The atomic form factor describes the scattering
power of an atom relative to a free electron as a function of scattering angle and
shows that there is a decrease in the scattering amplitude and intensity of diffraction
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peaks as the angle increases.
X-rays are generated when matter is irradiated with a beam of high energy charged
particles. Laboratory sources rely on a heated filament to produce electrons which
are accelerated in a sealed tube under vacuum by an electric field dissipating heat
onto a target. This generates both characteristic and Brehmsstrahlung radiation
which are the result of ejection of a core electron and collisions with the valence
electrons of the target respectively. The emission of characteristic Kα1 X-rays from
Cu and Mo targets provide suitable wavelengths for general studies that are initially
filtered from undesirable radiation and the wavelength distribution further narrowed
by Si or Ge single crystal monochromators aligned so as to selectively diffract the
beam. There are two principle optics geometries; reflection (Figure 3.11) and trans-
mission modes. In the former the sample stage and detector rotate by Θ and 2Θ
respectively via a goniometer, alternatively the sample stage may be fixed and the
source and detector moved by -Θ and Θ. The beam is divergent and irradiated onto
a flat plate which may be spun for improved powder averages. The diffracted beam
then converges at a fixed radius from the sample. With transmission geometry the
beam is focussed beyond the sample to the detector, which is contained in a small
capillary reducing preferential orientation. The optics system also includes mirrors,
slits and collimators to bend and control the divergence and collimation of the beam.
Typically scintillation, solid state and gas-filled detectors record photon counts.
Figure 3.11: Schematic representation of an x-ray diffractometer in reflection geometry.
Alternatively synchrotron sources offer high brightness and brilliance, collimation,
and low divergence, therefore providing superior counting statistics and rapid data
collection. When charged particles (e–) are accelerated near the speed of light (≈2
GeV) they emit a wide spectral range of radiation; from infrared to hard x-rays.
A schematic of a particle accelerator is provided in Figure 3.12. An electron gun
produces electrons in discrete pulses which are then accelerated by a linear accel-
erator (LINAC) constructed of electromagnets and injected into a storage ring or
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synchrotron. The ring synchronously energises the e– bunches that decay over time
as radiation is released or as current reduces from collisions. It is constructed from
various dipole magnets to guide and accelerate the beam, and electromagnetic inser-
tion devices that provide specially tailored radiation characteristics to the beamline.
For example the magnetic field of ’wigglers’ and ’undulators’ is tailored to increase
the curvature of the beam to produce high intensity hard-x-rays. Some facilities
incorporate a booster ring between the LINAC and synchrotron during start up
injection to bridge the energy gap between LINAC output and main ring. Various
beam conditioners including mirrors, monochromators and slits direct and fine tune
the radiation depending on the experimental hutch in question. There are many
optics geometries not dissimilar from transmission and reflection modes, but also
includes energy dispersive configurations uncommon to laboratory sources.
Figure 3.12: Schematic representation of a synchrotron particle accelerator.
Room temperature laboratory data were collected on a PANalytical X’Pert Pro
MPD or Brucker D2 Phaser diffractometer operating under reflection geometry
with Cu Kα1 radiation (λ=1.540562 A˚). As-prepared samples were ball milled for
48 hours prior to data collection, and the diffractometer parameters (2Θ range,
step size, count rate) were varied accordingly. Laboratory in-situ measurements
were conducted on a PANalytical Xpert MPD diffractometer with Buehler HDK
2.4 temperature stage. Samples were prepared by grinding the powders for an
additional 15 minutes in a pestle and mortar before dispersing a fine layer on a
platinum foil with acetone. X-ray diffraction data were also collected at three syn-
chrotron facilities. Simultaneous in-situ XAS (see Section 3.5.3)with x-ray diffrac-
tion of Ce0.9Sr0.1NbO4±δ was performed at B18, Diamond Light Source, Oxford,
UK [288]. Room temperature supporting data for T.O.F Neutron diffraction mea-
surements (see Section 3.6.3) of Ce0.9Sr0.1NbO4±δ (x=0.1, 0.2) were collected for
1 hour on BM-11 at the Advanced Photon Source, Argonne National Laboratory,
Chicago, USA [291]. Both room temperature and in-situ measurements were per-
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formed on BL04 (MSPD) at the Alba Synchrotron, Barcelona, Spain [292][293].
Samples were sealed in quartz capillaries and measurements conducted at 20 keV.
The temperature was controlled with an FBM Oxford hot air blower (25-900 °C).
Further technical details of the instrumental parameters, sample environment and
data reduction can be found in the corresponding literature [288][291][292][293].
3.6.3 Time-of-Flight Neutron Diffraction
Because neutron scattering is dependent on the structure of the nucleus, the scatter-
ing length (b) is independent of atomic number, nor does it tail off with scattering
angle as per the x-ray scattering factor. This enables the study of light and heavy
elements, neighbours in the periodic table, and isotopes, particularly of hydrogen.
Whilst neutrons offer poorer peak resolution and are not easily attenuated therefore
requiring large sample volumes for good counting statistics, combined neutron and
x-ray diffraction studies can offer greater structural insight than either technique
alone. Neutrons cannot be generated within laboratory settings therefore experi-
ments require either reactor or spallation sources. Steady-state research reactors
which produce a continuous neutron flux rely on the process of nuclear fission of
highly enriched uranium. The reactor consists of a fission core with reflectors, mod-
erators and a coolant system. Beamlines typically offer monochromised radiation
with higher time averaged flux. There has however been a movement towards spal-
lation sources (synonymous to synchrotron particle accelerators, Figure 3.12) which
not only remove proliferation security but can offer high brightness and time aver-
aged structure by producing neutrons in short pulses. A particle source generates H–
ions in short bursts which are then accelerated by electromagnets through a LINAC.
The particles are then charge exchanged by a stripper foil to produce protons which
are injected into an accumulator-compressor ring. Many turns of injected particles
are collected and then bombarded in a single bunch to a metal target causing neu-
trons to be ’spalled’. Neutrons of various wavelengths are produced, but the time
distribution of the neutron bunch is determined by that of the incident proton pulse
and therefore the accelerator system. Typically the pulse width varies between≈1 µs
and ≈1 ms. Spallation sources offer two accelerator configurations; the LINAC can
be tailored to accelerate the H– beam to full energy (≈1 GeV) or alternatively lower
energies (≈100 MeV) with the accumulator-compressor ring offering synchrotron ca-
pabilities by accelerating H+ to full energy. Spallation beamlines typically provide
moderated white radiation and energy dispersive measurements.
A beam of pulsed neutrons with variable energies and wavelengths is directed along
the primary flight path of a spallation beamline, the time of the bunch is determined
by the fastest and slowest neutrons. The wavelengths of the neutrons (Eq. 3.19) are
obtained by measurement of their flight times between source and detector using the
de-Broglie relation, where h is Planks constant, t is the time of flight (µs), L is the
total flight path (m) and mn is the neutron mass. Combining Eq. 3.19 with Braggs
law affords an expression relating the time-of-flight (ms) with inter-planar spacing.
Detection of the scattered beam relies on the large absorption cross section of He3
and B10. A complete diffraction pattern is measured using a single fixed detector, to
reduce counting times TOF detectors typically contain a large number of detectors
3.6. Powder Diffraction Techniques 109
Figure 3.13: Schematic of a spallation neutron source.
arranged into banks according to characteristic resolution, d-spacing and counting
rate. Data across the desired d-spacing range is collected over many neutron pulses
until the desired statistics are obtained.
λ =
ht
mnL
(3.19)
t = 505.56 · Ldsin(Θ) (3.20)
T.O.F neutron diffraction data of Ce1–xSrxNbO4±δ (x=0.1) were collected on the
Polaris instrument, ISIS facility, Rutherford Appleton Laboratories, Oxford, UK
[294]. Approximately 5-8g samples were loaded into vanadium cans and evacu-
ated, measurements were collected under vacuum over 6 hours at room temper-
ature, for in-situ measurements quartz ampoules were used. Data from bank 4
(90° ZnS scintillator detector, d-range 0.3-4.1 A˚) were normalised and corrected
prior to subsequent refinement. Data for all other compositions were collected on
the Powgen instrument, Spallation Neutron Source, Oakridge National Laboratory,
Tennessee, USA [295]. Data from bank 2 (d-range 0.276-4.6 A˚) and bank 3 (d-
range 0.414-5.38 A˚) were used for structural refinement of Ce1–xSrxNbO4±δ (x=0.2.
x=0.3, x=0.35, x=0.4) and Ce1–xCaxNbO4±δ (x=0.1, x=0.2, x=0.3, x=0.4) respec-
tively. Both room temperature and in-situ data were collected under vacuum for
90 minutes. X-ray diffraction data for both as-prepared and 4% H2/He(g) reduced
Ce1–xCaxNbO4±δ (x=0.1, x=0.2) were collected for 1 hour (λ=0.41372 A˚) on BM-
11 at the Advanced Photon Source, Chicago, USA [291]. Further technical details of
the instrumental parameters, sample environment and data reduction can be found
in the literature [294][295][291].
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3.6.4 Structural refinement
Because phase information is lost during a diffraction measurement, direct calcu-
lation of electron density is not feasible, instead structure solution methods rely
on generating approximate phases of the reflections to develop a structural model.
Comparison of the calculated amplitudes obtained by the modelled structure fac-
tors may be compared to observed amplitudes and refined further by the process of
structural refinement. Due to the peak overlap problem however, individual peak
fitting of powder data is complicated by inaccurate measurement of the individual
reflection intensities. Alternatively the whole pattern may be fitted by the Rietveld
method, according to Eq. 3.21. The total intensity of individual reflections con-
tributing to each point i in the pattern is calculated (Icalci ) and compared to the
observed intensity (Iobsi ) that contribute to the same point. The algorithm con-
tains terms relating powder characteristics and both structural and instrumental
parameters to the modelled intensity. Where n is the number of phases, Ibi is the
background intensity, G the normalised peak profile function, Ikj is the intensity of
the kth Bragg reflection for jth phase and k1 and k2 are the reflections contributing
to the intensity of the ith point in the pattern. Further terms include the scale
factor S, the multiplicity of the kth reflection Mk, the Lorentz-polarisation factor
Lpk, the preferred orientation Pk and |Fk|calc the structure factor. Alternatively
whole pattern fitting may be performed in the absence of a structural model by the
Le-Bail method to obtain cell parameters.
Icalci = I
b
i +
n∑
j=1
k2∑
k=k1
GijkIjk (3.21)
Ik = SMkLpkPk|Fk|2calc (3.22)
The model is continuously refined using least squares methods until the best agree-
ment with the experimental pattern is obtained. Several agreement indices monitor
the quality of the profile (Rp) and weighted profile (Rwp).
Rp =
∑
yo – yc∑
yo
(3.23)
Rwp =
√∑
w1
(yo – yc)
2∑
w1
y2o
(3.24)
The goodness of fit factor χ which provides an indication of the agreement between
the model and experimental data, is the ratio of the Rwp factor to the expected
R-factor Rexp attainable given the quality of the experimental data, where N and P
are the number of profile points and refined parameters respectively. It is therefore
desirable that the refined Rwp value should approach that of Rexp and χ
2 take a
value close to 1.
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χ =
√
Rwp
Rexp
(3.25)
Rexp =
√
N – P∑
wi
y2i
(3.26)
Le Bail extraction and Rietveld refinement were performed using the FULLPROF
and GSAS programs respectively [296][297]. Starting unit cell and positional param-
eters were taken from single crystal x-ray diffraction data recorded on CeNbO4 using
space group C12/c1 (15) [271]. Data were fit with the pseudo-Voigt peak shape and
reciprocal interpolation background functions. Site occupancies were initially fixed
to the target stoichiometry and later refined.
3.7 AC Impedance Spectroscopy
3.7.1 Theoretical Description
Electrochemical Impedance Spectroscopy (EIS) is a technique that uses an alternat-
ing potential to identify different electroactive regions of materials and their resistive,
capacitive and inductive properties. For example behaviours arising from interfaces,
space charge regions, diffusion or compositional gradients may be deconvoluted, an
understanding of which is necessary for materials optimisation and otherwise lim-
ited by single frequency measurements. The application of EIS is valuable in the
analysis of fuel cell materials and offers high precision measurements with the opti-
misation of a variety of parameters that replicate typical operating conditions. The
impedance of a circuit is the frequency dependant proportionality factor between
an applied sinusoidal potential and response current signal given by Eqs. 3.27 and
3.28 respectively, expressed in the time domain, where Vt and It are the voltage
and current at time t, V0 and I0 are the maximum amplitudes, ω is the angular
frequency (ω = 2pif rad s–1), and φ is the phase shift (rad).
Vt = V0sin(ωt) (3.27)
It = I0sin(ωt + φ) (3.28)
Z = Z0
sin(ωt)
sin(ωt + φ)
(3.29)
Being vector quantities, the ratio of current to voltage may be expressed in both
polar and rectangular forms according to Eqs. 3.30 and 3.31. The impedance is
analogous to the concept of resistance in a DC circuit given by Ohms Law, however
real circuit elements exhibit complex behaviour and therefore the impedance con-
tains both a real (Z′) and imaginary (Z′′) component which represent the magnitude
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and phase shift between the voltage and current respectively.
Polar Form: Z =
Vme
jωt
Imejωt
= |Z|e–eφ (3.30)
Rectangular Form: Z = Z′ + iZ′′ (3.31)
Z′ = |Z| cosφ (3.32)
Z′′ = |Z| sinφ (3.33)
The current voltage waveforms of a purely resistive circuit will be in phase with each
other at all periods in time, the impedance therefore contains a real component
only equal to the equivalent DC resistance (Eq. 3.34). However capacitive and
inductive circuit elements exhibit frequency dependant impedances given by Eqs.
3.35 and 3.36, where XC and XL are the imaginary quantities of capacitive and
inductive reactance, and C and L are the capacitance and inductance respectively.
In a pseudo-linear system the current response of a capacitor and inductor will be
of the same frequency but shifted in phase by +90° and -90° respectively relative to
the voltage.
Z = R (3.34)
XC =
–1
jωC
(3.35)
XL = jωL (3.36)
τ = RC (3.37)
The phase shift and impedances of RC or RL based combination circuits are de-
pendent on the frequency of the applied potential and the time constant (τ) of the
charge or discharge process before steady state is achieved, which is dependent on
resistive elements. Expressions for the impedances of such circuits can be derived
through vector manipulations according to Kirschoff’s law. Impedance is a rich sub-
ject area extending beyond this basic introduction, and further descriptions of the
technique can be found elsewhere [298][299].
3.7.2 Interpretation
Because different components of an electrochemical system have different relaxation
times in response to an alternating potential, their resistive, capacitive and inductive
behaviours may be resolved. A plot of the real versus imaginary components of the
impedance as a function of frequency yields a Nyquist plot as per Figure 3.14 in
which three time constants are measured. The impedance may be represented by a
vector of length |Z| where the angle between the real axis represents the phase angle.
Whilst this is a common representation, frequency information is not specified and
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alternatively the impedance may be represented by a Bode plot of log |Z| – logω
versus Θ – logω.
Figure 3.14: Nyquist plot of a polycrystalline conductor with representative equivalent circuit.
Equivalent circuits constructed by a combination of resistances, capacitances and
inductances or more specialised elements such as Warburg diffusion or Gerischer
elements may be used to model the experimental data and represent the physical
underlying electrochemical properties of the system. Polycrystalline materials may
be classically described by parallel RC elements distributed in series according to
Figure 3.14. Where the grain interior, grain boundary and electrode-sample interface
have an associated resistance and capacitance, obtained respectively by the low
frequency intersections of the semi-circle arcs on the real axis and the peak of the
semicircle in which the condition given by Eq. 3.38 is obtained, and the capacitance
calculated according to Eq. 3.39.
ωmaxRC = 1 (3.38)
C =
1
2pifmaxR
(3.39)
The capacitance associated with the bulk, grain boundary and sample-electrode
interface present characteristic values which may be used to identify their presence
in the Nyquist plot, such values are presented in Table 3.1. Modelling techniques
are however complicated by processes having similar time constants, and therefore
resolving different arcs may be ambiguous.
Commonly electrochemical systems show non-ideal capacitive behaviour in which
the arc is depressed below the real axis, suggested to arise from sample inhomo-
geneity. The capacitive behaviour can alternatively be modelled with a constant
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C (F) Phenomenon
10–12 Bulk
10–11 Minor, second phase
10–11 – 10–8 Grain boundary
10–10 – 10–9 Bulk Ferroelectric
10–9 – 10–7 Surface Layers
10–7 – 10–5 Sample-electrode interface
10–4 Electrochemical reactions
Table 3.1: Capacitance values and their typical origin [299].
phase element (CPE) given by Eq. 3.40, where Q0 is a pseudo capacitance and
the exponent n takes a value between 0-1 representing ideal resistive and capacitive
behaviours respectively.
Z =
1
Q0(iω)
n (3.40)
C = (R1–nQ0)
1
n (3.41)
3.7.3 Data collection
Impedance measurements are conducted according to the schematic presented in
Figure 3.15. Dense samples are first coated with a conductive metallic paste and
then fired at high temperature to ensure good adherence. A frequency response
analyser (FRA) generates a sinusoidal excitation frequency and records the response
potential and current on two channels and calculates both the real and imaginary
components of the impedance Z. The frequency may then be adjusted to user defined
values and the response characteristics modelled by equivalent circuit modelling.
Figure 3.15: Schematic of an impedance rig with gas and temperature control.
Two methods were employed for depositing electrodes. The first required painting
either Ag or Pt paste on both faces of the sintered discs and sintering under air at
750 °C and 900 °C respectively for 2 hours. To prevent re-oxidation of pre-annealed
or argon sintered specimens, Ag and Pt electrodes were sputter coated using a
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Q300R rotary-pumped sputter coater with deposition control to give a thickness of
≈250 nm. The average dimensions of sintered disks were determined with a digital
calliper. Impedance spectra were collected according to the schematic presented in
Figure 3.15; prior to data collection the system was gas purged for 30 minutes, flow
rates were monitored with a gas flow meter and wet measurements were performed
with a water bubbler and relative humidity sensor. Data were recorded using a
Solartron 1260 FRA, and scan parameters adjusted using Smart v3.2.1 software by
Solartron Analytical, with a frequency range of 13 MHz - 10 mHz, integration time
of 1s and applied potential of 1 V. Equivalent circuit modelling was performed with
the ZView v.3.3 program available from Scribner Associates.
3.8 Other Electrical Techniques
3.8.1 Controlled atmosphere DC conductivity
The oxygen partial pressure dependence on the total conductivity can be determined
by 4-probe or 4-point DC techniques incorporated into a gas tight electrochemical
cell according to Figure 3.16. The total electrical conductivity is recorded by passing
current through outer probes placed on dense sintered bars. The potential drop is
then measured across equally spaced internal probes and the resistance and conduc-
tivity calculated by Ohms law and Eq. 3.42. The cell is constructed by stacking
alumina and pyrex glass rings between two identical Pt coated YSZ-8 discs. The up-
per disc acts as an oxygen sensor to record the oxygen partial pressure, the lower disc
pumps and controls oxygen flux into the chamber. Pt wire probes are fed through
the pyrex rings, and the cell is pre-heat treated at 8-900 °C to seal the chamber.
To control the partial pressure inside the cell, a current is applied across the pump-
ing disc initiating oxygen flux in the direction opposite to the applied current and
causing O2(g) to be pumped in or out of the cell. The YSZ sensor separates the
chamber and an air reference gas. Above ≈400 °C as the p(O2) varies, an equi-
librium is established, generating a measurable EMF across the electrodes which
depends on the partial pressure difference. The oxygen partial pressure within the
chamber can be calculated according to the Nernst equation (Eq. 3.43). The cell
can be configured to control the partial pressure of other gases such as hydrogen or
steam.
σ =
RL
A
(3.42)
EMF =
RT
4F
ln
p′(O2)
p′′(O2)
(3.43)
The total electrical conductivity of Ce1–xAxNbO4±δ under variable p(O2) atmo-
sphere was recorded by Dr Vladislav Kharton, University of Averio, Portugal. Sin-
tered discs were cut into 12 mm x 3 mm x 3 mm bars and 4-point Pt wire electrodes
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Figure 3.16: Schematic of a YSZ electrochemical cell.
were contacted with Pt paste and sintered . The DC conductivity was recorded at
850 °C and 950 °C by equilibrating as a function of controlled oxygen partial pres-
sure p(O2)=1 atm - 10
–13 atm using dry O2 – CO2 and CO– CO2 atmospheres. The
total conductivity of Ce1–xAxNbO4±δ was further recorded under controlled atmo-
spheres of dry synthetic air, dry N2(g), wet N2(g), and 10% H2/N2(g) as a function of
temperature between 945-575 °C. Data were collected in a cooling regime and equi-
librated for 2-30 hours after each change in either atmosphere or temperature. The
criterion for equilibration after a change in external conditions included relaxation
of the sample resistance less than 0.5% during 30 minutes. High-purity gases were
mixed by Broonkhorst mass-flow controllers, and then dried by passing through a
silica gel column or humidified by bubbling through water at room temperature.
The water vapor partial pressures in the dry and wet gases measured by a Jumo
humidity transducer at room temperature were ≈10–5 and 0.035 atm, respectively.
For all electrical measurements, the oxygen partial pressure in the gas flows was
continuously monitored using yttria-stabilized zirconia (YSZ) sensors. Electrical
parameters were measured with a high precision Solatron 7081 voltmeter.
3.8.2 Electromotive force measurements (EMF)
A number of methods are available for transport number determination; the EMF
technique relies on the measurement of the OCV of a concentration cell analogously
to the principle of sensor operation described in 3.81. The principle experimental
set-up is shown in Figure 3.17. The EMF is measured across sealed, dense sample
discs coated with Pt reversible electrodes and separated by a chemical potential
gradient generated by feeding gasses either side of the disc. For oxide ion transference
determination the p(O2) is varied either side of the cell, but the composition can be
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altered to record tH.
Figure 3.17: Schematic of an oxygen potential gradient cell for measuring EMF.
The observed EMF of the cell can be calculated by the Wagner equation (Eq. 3.44),
where EObs is the OCV, σo and σe are the partial ionic and electronic conductivities,
p(O2) is the oxygen partial pressure and P1 and P2 are the partial pressures at the
electrodes. The average ionic transference number within the given oxygen partial
pressure range is calculated according to Eq. 3.46 and obtained by dividing Eq.
3.44 (Wagner) by Eq. 3.43 (Nernst). A number of experimental artefacts relating to
the cell configuration, temperature, p(O2) uniformity and gas leakage control add
errors to transference number determination.
EObs =
RT
nF
∫ P2
P1
(
σo
σo + σe
)
d ln p(O2) (3.44)
EObs =
RT
4F
to ln
(
p′(O2)
p′′(O2)
)
(3.45)
toavg =
EObs
ETheo
(3.46)
However the electrodes are not completely reversible and the largest source of un-
certainty is caused by electrode polarisation resistance which Wagner’s equation
assumes to be negligible. This leads to under-representation of the calculated trans-
ference. Corrections given by Gorlov and Liu proposed the study of the EMF as
a function of an external variable resistor and combined impedance measurements
respectively to determine the polarisation resistance. Derivations of these modifica-
tions can be found in [300] [301].
3.8.3 Modified Faradaic Efficiency Method (FE)
Discrete values for transport numbers can alternatively be determined by the modi-
fied Faradaic efficiency method, according to the schematic presented in Figure 3.18.
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A YSZ cell consisting of an oxygen pump, oxygen sensor and sample separates in-
ternal and external volumes with equivalent oxygen partial pressures, which may be
chosen to be atmospheric p(O2)=0.21 atm. Oxygen is initially pumped through the
chamber prior to sealing, and the p(O2) is monitored until the EMF of the sensor
is zero. A current is then passed through the sample, pumping oxygen to the inte-
rior of the cell, and at the same time oxygen is removed by the pump generating a
current.
Figure 3.18: Schematic of the Faradaic method.
The oxygen flux entering and leaving the cell are equivalent and given by Eqs. 3.47
and 3.48, where Jin and Jout are the oxygen flux and Iin and Iout are the current
across the sample and pump respectively, to is the transference number and F is
Faradays constant. The transference number is then simply the ratio of current out
to current in, by division of Eqs. 3.47 and 3.48.
Jin = toIin(4F)
–1 (3.47)
Jout = toIout(4F)
–1 (3.48)
to =
Iout
Iin
(3.49)
Ion transference number measurements were conducted in collaboration with Dr
Vladislav Kharton, University of Averio, Portugal. Average transport numbers of
Ce0.9Sr0.1NbO4±δ were obtained by the modified EMF technique accounting for the
electrode polarization resistance [300][301]. Measurements were performed every 50
°C between 950-800 °C under a p(O2) gradient of 1.0-0.21 atm using dry O2(g)
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and air. Faradaic efficiency measurements were performed under an oxygen partial
pressure of p(O2)=0.21 atm with zero oxygen chemical potential gradient, combined
with impedance spectroscopy in order to take into account electrode polarisation.
Chapter 4
Structural characterisation and
charge compensation mechanisms
of acceptor doped cerium niobates
4.1 Introduction
CeNbO4+δ is structurally analogous to the proton conducting ortho rare earth nio-
bate and tantalate series (RE1–xAxNbO4, A=Ca
2+, Sr2+, Ba2+) investigated by
Norby et al (Chapter 2), with the exception that the redox flexibility of cerium
results in the incorporation of excess oxygen, resulting in either commensurate or
incommensurately modulated superstructures of the monoclinic parent cell repre-
sented by δ=0.08, δ=0.25 and δ=0.33 [253]. The transport properties of cerium nio-
bate have been previously investigated for solid oxide fuel cell applications (Chapter
2). Both the low and high temperature phases exhibit mixed ionic-electronic be-
haviour with rapid oxygen diffusion that is suggested to result from favourable diffu-
sion pathways that are generated upon modulation of the oxygen excess [272]. How-
ever, to date, there have been no reports on the incorporation of acceptor dopants or
the application of CeNbO4+δ as a proton conductor. The RE1–xAxNbO4 systems
are encouraging, owing to their excellent reported chemical stability with respect
to decomposition in hydrolytic or acidic media, and proton conductivities that are
retained to significantly higher temperatures compared to traditional perovskite con-
ductors [189]. However, issues concerning these materials include; enhancing overall
proton conductivity and increasing the onset temperature of the fergusonite-scheelite
transition, of which the large change in thermal expansion hinders serious applica-
tion. Alkaline earth doped cerium analogues (Ce1–xAxNbO4±δ, A=Ca2+, Sr2+,
Ba2+) have been prepared with the intention of generating a novel prototype mixed
electronic-protonic or oxide-protonic conductor. The aim of this chapter is to inves-
tigate the charge compensation mechanisms that arise through the incorporation of
acceptor dopants into this inherently oxygen excess material. Complex, yet inter-
esting defect chemistry is likely to arise, speculated reactions include 4.1 and 4.2,
noting their likely dominance under reducing and oxidising conditions respectively.
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2SrO + Nb2O5
[CeNbO4]
2Sr′Ce + 2Nb×Nb + 7O×o + Vo (4.1)
1
2
O2(g) + 2SrO + Nb2O5
[CeNbO4]
2Sr′Ce + 2Nb×Nb + 8O×o + 2h (4.2)
4.1.1 Rationale
Interstitial oxide ion conductors are not precluded as candidates for proton con-
duction, since Grotthuss diffusion describes proton transfer between neighbouring
lattice oxygen ions, the mechanism is potentially indiscriminate between intersti-
tial and host oxygen species. In fact, the modulation within cerium niobates may
also harbour preferential bonding sites or diffusion pathways for protons. The two
principle mechanisms of proton incorporation into an oxide lattice; catalytic H2(g)
oxidation and dissociative absorption of water (Chapter 1) are feasible owing to re-
ducible Ce4+ cations in the oxidised phases of CeNbO4+δ and potential stabilisation
of oxide ion vacancies, even in low concentrations upon aliovalent doping. However
owing to the ability of CeNbO4+δ to accommodate interstitial oxygen, more exotic
defect reactions may be feasible, such as the incorporation of OH– into interstitial
sites or via the annihilation of Ce4+ holes. LaNbO4 is hindered by poor alkaline
earth dopant solubility, the decaying ionic radii across the rare earth series means
latter members are not expected to display enhanced solubility, and thus have not
been probed further in the literature.
δ β (°) Vol (A˚)
0 94.6 324.43
0.08 91.32 319.7
0.25 93.3 320.9
Table 4.1: The beta angle and cell volume of the monoclinic phases (I12/a1) of CeNbO4+δ at
room temperature [253], on transformation to the tetragonal phase beta reduces to 90°.
However the redox flexibility of cerium and its unique structural behaviour could
provide the appropriate lattice distortions required to accommodate higher dopant
solubility. With cerium being adjacent to lanthanum in the periodic table,
Ce1–xAxNbO4±δ would be expected to have similar properties to the most pro-
tonically conductive member of the ortho niobate series, La1–xAxNbO4 [189]. That
is, high proton mobility owing to the larger cell volume over the later members of the
series with smaller rare earth radii, yet less negative hydration enthalpy and lower
dehydration temperature. Modulation of the CeNbO4+δ structure has the effect of
reducing the beta angle (Table 4.1) whilst increasing the coordination of cerium,
effectively shortening the Ce – O bond, and pulling in the structure relative to sto-
ichiometric CeNbO4 at room temperature. This is not expected to be detrimental
to transport properties, perhaps instead, counteracted by increasing cell volume at
high temperature and the formation of channels that are suggested to aid oxygen
122 Chapter 4. Structural characterisation and charge compensation. . .
diffusion. Reduction of the proton activation energy as RE1–xAxNbO4 passes the
transition to tetragonal symmetry, reported by Norby et al, has been attributed to
increasing symmetry as the beta angle decreases, therefore the δ=0.08 and δ=0.25
phases are of particular interest [189][209]. Cerium niobate completes the phase
transition to the scheelite polymorph by 750 °C, which is considerably higher than
LaNbO4 at 520 °C [191][245].
Similarly to that of oxides with the highest reported proton conductivities
(BaCe0.8Y0.2O3–δ, BaZr0.9Gd0.1O3–δ), higher dopant concentrations in excess of
≥10% will be targeted, in an attempt to improve upon the conductivity of the best
member of the ortho niobate series; 0.5-1% calcium doped LaNbO4 [36][110]. In
particular, this work will place greater emphasis on 10% Sr2+ doped CeNbO4, the
dopant strategy of which is a good compromise between radii amenability (A site)
and cation basicity (dopant) which is shown to be an important factor in developing
new proton conductors. Furthermore, the larger radius of strontium over calcium
is expected to reduce crystallographic packing density which facilitates rotational
diffusion enhancing the mobility of protonic defects [34].
4.2 Structural characterisation of
Ce0.9Sr0.1NbO4±δ
4.2.1 X-ray diffraction of as-prepared Ce0.9Sr0.1NbO4±δ
The room temperature x-ray diffraction pattern of Ce0.9Sr0.1NbO4±δ (Figure 4.1)
shows the pattern that corresponds structurally to the δ=0 phase found for CeNbO4
(monoclinic C12/c1). Similarly to the parent material, weak peaks corresponding to
the (121) and (-121) reflections of the δ=0.08 phase are present, indicating a minor
portion of unavoidable secondary oxidised phase that results from partial cerium
oxidation on cooling after rapid quenching (Chapter 3, Section 3.1.1).
a (A˚) b (A˚) c (A˚) β (°) V (A˚3)
CeNbO4+δ 7.2611(9) 11.4046(9) 5.1627(6) 130.53(1) 325.00(5)
Ce1–xSrxNbO4±δ 7.250(2) 11.38(2) 5.157(3) 130.56(2) 323.3(2)
Table 4.2: Unit cell parameters of as-prepared Ce0.9Sr0.1NbO4±δ and CeNbO4+δ extracted by
Le-Bail refinement, standard deviations were calculated from refinements across different samples.
Comparison between the lattice parameters of as-prepared Ce1–xSrxNbO4±δ and the
parent material (Table 4.2) show slight contraction of the cell upon Sr2+ doping.
This is unexpected given the larger radius of Sr2+ (1.26 A˚) compared to Ce3+
(1.143 A˚) [302]. The oxidised phases of CeNbO4+δ (δ=0.08, δ=0.25 and δ=0.33)
however, show a reduction in lattice volume compared to as prepared CeNbO4 (δ=0),
which is the result of contraction of the cerium radii from Ce3+ to Ce4+ (0.97 A˚)
despite the incorporation of excess oxygen (Appendix A). The shift to smaller d-
spacing is indicative of a greater concentration of Ce4+ within the δ=0 structure as
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Figure 4.1: Room temperature X-ray diffraction patterns of as-prepared Ce0.9Sr0.1NbO4±δ and
CeNbO4+δ, inset highlights the weak (121) and (-121) reflections of ≈2% δ=0.08 phase.
opposed to the crystallographically distinguishable δ=0.08 phase which results from
simultaneous incorporation of excess oxygen and cerium oxidation. This is further
supported by the darker appearance of Ce1–xSrxNbO4±δ, the oxidised phases of
CeNbO4+δ also being dark green.
4.2.2 Neutron diffraction studies
To investigate the applicability of defect reaction 4.2; cerium oxidation with the
filling of oxygen on regular lattice sites, time-of-flight neutron powder diffraction
was employed to examine the oxygen stoichiometry of Ce1–xSrxNbO4±δ. Removal
of the excess δ=0.08 phase was performed by reduction under flowing Ar2(g) (800
°C 12 hours) [271]. Table 4.3 provides refined structural parameters obtained by
the Rietveld method (GSAS) using space group C12/c1 (15), starting unit cell and
positional parameters were taken from single crystal x-ray diffraction data recorded
on CeNbO4 grown under Ar2(g) (Appendix A, Table A.1) [271]. Data collected on
bank 4 at the Polaris instrument, ISIS, Rutherford Appleton Laboratories, UK were
fitted with the pseudo-Voigt peak shape and reciprocal interpolation background
functions. Site occupancies were initially fixed to Ce0.9Sr0.1NbO4.00, and then al-
lowed to refine, however the oxygen occupancies had a tendency to exceed unity and
were subsequently constrained to afford the best fit presented in Figure 4.2.
Full occupancy constraint (Ce0.9Sr0.1NbO4.00) (χ
2: 2.791 Rp: 2.63% Rwp: 1.39%)
and partial constraint of the A site only (Ce0.9:Sr0.1) (χ
2: 2.788 Rp: 2.63% Rwp:
1.39%), afforded similar goodness of fit (GOF) factors and so the exact ratio of
cerium and strontium remains ambiguous, but does appear to be close to that of the
target composition. Whilst cerium and strontium have different neutron scattering
cross sections of 6.26 barn and 2.94 barn respectively, that of niobium (6.26 barn) is
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Figure 4.2: Difference plot between observed and calculated intensities obtained by Rietveld
refinement of argon reduced Ce0.9Sr0.1NbO4±δ, Rwp:1.38%, Rp:2.63%, χ2:2.783.. D-spacing’s are
quoted in units of A˚.
Ce0.92Sr0.08NbO4.00
Space group C12/c1 (15)
Crystal System Monoclinic
Z 4
a (A˚) 7.2448(1)
b (A˚) 11.3685(2)
c (A˚) 5.1515(2)
β (°) 130.543(1)
ρ (g cm–) 6.033
V (A˚3) 322.429(7)
Mr 1171.387
χ 2.783
Rwp 0.0138
Rp 0.0263
Site Wyckoff Occ Uiso x y z
Ce 4e 0.920(8) 0.0055(3) 0 0.6297(1) 0.25
Sr 4e 0.080(8) 0.0055(3) 0 0.6297(1) 0.25
Nb 8f 1.0 0.0050(2) 0 0.1029(1) 0.25
O(1) 8f 1.0 0.0112(2) 0.2632(1) 0.4671(1) 0.3082(1)
O(2) 8f 1.0 0.0096(2) 0.1500(1) 0.2054(1) 0.1603(1)
Site U11 U22 U33 U12 U13 U23
Ce 0.0051(4) 0.0057(5) 0.0049(4) 0 0.0031(3) 0
Sr 0.0051(4) 0.0057(5) 0.0049(4) 0 0.0031(3) 0
Nb 0.0042(3) 0.0049(3) 0.0036(2) 0 0.0023(2) 0
O(1) 0.0125(3) 0.0090(3) 0.0067(3) 0.0025(2) 0.0047(2) 0.0009(2)
O(2) 0.0096(3) 0.0093(3) 0.0112(3) 0 0.0078(2) 0.0017(2)
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Ce/Sr Polyhedron (A˚) Nb Polyhedron (A˚)
Ce-O(1) 2.5291(9) Nb-O(1) 2.4662(6)
Ce-O(1) 2.4468(6) Nb-O(1) 1.9186(5)
Ce-O(2) 2.4858(8) Nb-O(2) 1.8457(6)
Ce-O(2) 2.4205(6)
Average 2.4706 Average 2.0768
Table 4.3: Calculated structural parameters obtained by Rietveld refinement of
Ce0.9Sr0.1NbO4±δ reduced under Ar2(g) (12 hours at 800 °C). Values for CeNbO4+δ are provided
in Appendix A, Table A.1 for comparison.
virtually identical to the dopant [303]. This could influence calculation of both the
strontium and niobium contents. For example evaporative losses during the high
temperature annealing process may reduce the dopant concentration. No secondary
phases such as Sr2Nb2O7 or SrNb2O6, were identified within the detection limits of
the experiment, however identifying small A or B site deficiencies whilst simultane-
ously refining occupation factors of different species is limited by the GSAS Rietveld
program. Allowing the niobium site to refine afforded a slight deficiency (Nb0.998)
and comparable GOF factors (χ2: 2.784 Rp: 2.63% Rwp: 1.38%). The results of the
refinement indicate that oxygen vacancy formation is not the favoured compensation
mechanism, suggesting instead, that cerium oxidation compensates for the addition
of Sr2+ leading to the observed lattice contraction. This is unsurprising given the
flexibility of the Ce3+- Ce4+ redox couple in the parent material CeNbO4+δ.
Ce0.92Sr0.08NbO4–δ
a (A˚) 7.3180(1)
b (A˚) 11.4839(2)
c (A˚) 5.2036(1)
β (°) 130.525(1)
ρ (g cm–) 5.848
V (A˚) 332.409(6)
Mr 1170.707
χ 4.035
Rwp 0.0164
Rp 0.0326
Site Occ x y z
Ce 0.92 0 0.6296(1) 0.25
Sr 0.08 0 0.6296(1) 0.25
Nb 1.0 0 0.10278(1) 0.25
O(1) 0.995(2) 0.2635(1) 0.4671(1) 0.3083(1)
O(2) 1.0 0.1500(1) 0.2053(1) 0.1603(1)
Table 4.4: Selected structural parameters obtained by Rietveld of Ce0.9Sr0.1NbO4±δ reduced
under 5% H2/N2(g) (1 hour at 800 °C). Full details can be found in Appendix A.
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Table 4.4 presents selected parameters from refinement of the same
Ce0.9Sr0.1NbO4±δ sample annealed in 5% H2/N2(g) at 800 °C for 1 hour.
The refinement was conducted using the procedure described previously and full
details can be found in Appendix A. A-site occupancies were constrained to the
ratio 0.92:0.08, similarly the O2 site occupancy tended to greater than unity and
was again constrained. A slight deficiency on the O1 site was refined, this in
conjunction with the large lattice expansion is consistent with the reduction of
compensatory Ce4+ and a change to defect reaction 4.1. The uptake of protonic
defects would be expected to raise the background, due to the large incoherent
scattering cross section of hydrogen, and is not suggested to contribute significantly
to the large cell expansion. Refinement of the A site afforded Ce:Sr occupancies
of 0.925:0.075 (χ2: 4.036 Rp: 3.26% Rwp: 1.64%) which is within the e.s.d’s
quoted in Table 4.3, however these were subsequently constrained for consistency.
Again, refining the niobium site afforded similar GOF factors and slightly lower
oxygen stoichiometry; Ce0.92Sr0.08Nb0.99O3.98 (χ
2: 4.018 Rp: 3.31% Rwp: 1.63%).
Reduction of all the refined compensatory Ce4+ is expected to afford an oxygen
deficiency of δ ≈-0.0375; however the sample was only annealed for 1 hour which
may be insufficient to completely reduce the valence of cerium.
Figure 4.3: The structure of Ce0.9Sr0.1NbO4±δ reduced under Ar2(g) obtained by Rietveld
refinement (Ce: blue, Nb: red, O1: light grey, O2: dark grey). Bonds between Nb-O1 highlighted
in orange show the greatest distortion upon strontium doping and subsequent reduction under
5% H2/N2(g).
Comparison of the bond lengths between CeNbO4 prepared under Ar2(g) and
Ce0.9Sr0.1NbO4±δ reduced under 5% H2/N2(g) (Appendix A) shows that upon
strontium doping, all bonds between cerium and oxygen contract, whilst two of
those to niobium are of similar length to the refined values of the parent material.
However one of the bonds between the O1 and B sites highlighted in Figure 4.3
show a more significant contraction. Upon reduction of Ce0.9Sr0.1NbO4±δ all bonds
to cerium expand uniformly, whilst the same Nb-O1 bond length expands more
significantly compared to the others.
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4.3 X-ray absorption spectroscopy (XAS) of
Ce0.9Sr0.1NbO4±δ
4.3.1 X-ray absorption near edge spectroscopy (XANES) at
the cerium L3 edge
X-ray absorption spectroscopy (XAS) (Chapter 3, Section 3.5) is a technique which
probes both the electronic structure and coordination environment of specific ele-
ments within matter. Near edge (XANES) features are sensitive to the oxidation
state of redox active elements enabling quantitative analysis of valence state ratios
and in-situ monitoring of redox processes. To investigate the cerium valence and
expected oxygen stoichiometry in both as-prepared and reduced Ce0.9Sr0.1NbO4±δ,
the cerium L3 edge was targeted by scanning over the energy range of 5.4 to 6.7 keV.
The energy range of the L3 edge is absent of secondary white line features from other
species. The normalized spectra for two Ce3+ (CeNbO4) and Ce
4+ (fluorite CeO2)
standards are shown in Figure 4.4, the tabulated transition energies are in excellent
agreement with the literature [304]. CeNbO4 was reduced under 5% H2/N2(g) for
1 hour at 800 °C, the absorption spectra of reduced and tetragonal CeNbO4 were
comparable suggesting complete reduction.
Figure 4.4: Normalised spectra of the cerium L3 edge for Ce
3+ and Ce4+ standards. All spectra
were energy calibrated and aligned using a Cr reference foil prior to normalization and
background removal.
Peaks A-D in Figure 4.4 indicate electronic transitions from the 2p3/2 core state that
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Peak E(eV) Final State
E(Ce
+) 5723.84 Absorption Edge
E(Ce
+) 5725.94 Absorption Edge
A1 (Ce+) 5726.28 2p3/2 - (4f
1)5d
A2 (Ce+) 5737.31 2p3/2 - (4f
0)5d
B 5730.80 2p3/2 - (4f
1L)5d
C 5726.58 5d eg t2g splitting
D 5720.12 2p3/2 - 4f
Table 4.5: Cerium L3 edge assigned excited states, resulting from electronic transition between
the 2p3/2 core. E0 was calculated from the zero crossing of the second derivative of the rising
absorption edge, A1-D determined from the peak maxima.
accompany the absorption of x-rays (L3 edge). There has been much controversy
over the nature of the photo absorption and emission spectra of cerium compounds.
The spectra of Ce(III) species can largely be rationalized by one electron theory; A1
corresponds to a Ce 2p3/2 to 5d transition of pure nf-1 configuration [305]. The
spectra of Ce(IV) containing compounds, particularly CeO2, exhibit more complex
features which require more advanced modelling. A2 corresponds to a 2p3/2–(4f
0)5d
transition, where the 4f state is empty and mostly localized [306]. Two different
theories have been proposed for peak B, based on many-body calculations in the
Anderson impurity framework. It is widely accepted that the low energy white line
is the result of hybridization between the 4f state and the oxygen 2p valence band
in the ground state of CeO2. Slight covalency results in charge transfer to the 4f
state, with electron occupation suggested ranging between nf=0.5-1 (4f1-4f2), the
result of which is mixed valency in the final state [307][308][309][310]. Contrary
work has suggested that the ground state of CeO2 is mainly tetravalent, instead
the core hole generated post photoemission results in lowering of the 4f states and
hybridization between the O2p valence band [311]. Peak C although unresolved,
has been assigned as a low energy edge-shoulder suggested to result from either
Ce3+ impurity [312][313], or a two electron transfer from the O2p valence band
2p3/2 – (4f
2L)5d (O2p4) (with peak B arising from single electron transfer only
2p3/2 –(4f
1L)5d (O2p5))10,11 [312][313]. Other work has suggested peak C to result
from cubic crystal field splitting of the 5d orbitals of the 2p3/2 – (4f
1L)5d transition
into 5d(eg) (peak C) and 5d(t2g) (peak B)12,13 [314][315][316][317]. It has further
been suggested that extrinsic effects such as oxygen disorder disrupts the cubic
cerium environment, explaining the shoulders variable or intermittent observation
[305][306]. The weak pre-edge feature D, is a dipole forbidden 2p3/2 to 4f transition
that results from delocalization and mixing of 4f and 5d states [306][316][318]. There
is a notable shift of the absorption edge (E0) between the Ce
3+ and Ce4+ standards
to higher energy, resulting from the increased core ionization potential.
Figure 4.5 compares the white line intensities of the Ce3+ (CeNbO4) standard with
that of Ce0.9Sr0.1NbO4±δ, CeNbO4.08 and CeNbO4.25 at room temperature. In
agreement with previous measurements of the δ=0, δ=0.08 and δ=0.25 phases [263],
the data shows a gradual decline in the white line intensity with increasing Ce4+
content, attributed to the evolution from peak A1 to B and growth of peak A2. The
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Figure 4.5: Normalised spectra of Ce0.9Sr0.1NbO4±δ versus CeNbO4 (Ce3+ standard),
CeNbO4.08 and CeNbO4.25 at ambient temperature.
present work indicates the Ce0.9Sr0.1NbO4±δ white line intensity is greater than the
Ce3+ standard, which is unexpected even if all cerium sites in Ce0.9Sr0.1NbO4±δ
are trivalent. Furthermore the spectra of CeNbO4, is absent of the A2 shoulder
suggesting the Ce3+ standard used was suitably reduced. The white line (A2)
corresponds to promotion of an electron to an empty 5d state, which formally is
insensitive to oxidation state. However the final density of states may be perturbed
by local coordination or bonding differences. Alternatively ’thickness’ or ’pinhole’
effects arising from absorber inhomogeneities in the sample matrix that arise during
preparation can distort both white line intensity and the oscillatory structure in the
EXAFS region.
4.3.2 XANES of as-prepared Ce0.9Sr0.1NbO4±δ
The spectrum of as-prepared Ce0.9Sr0.1NbO4±δ (Figure 4.4) indicates the presence
of a high energy shoulder attributed to transition A2 found in CeO2, indicating
mixed cerium valence that was anticipated from refinement of neutron diffraction
data. Linear combination fitting (Chapter 3, Section 3.5) of the spectra of the two
standards was performed to quantitatively model the ratios. White line features of-
ten dominate XANES spectra and so, have the most influence over the fit, indicated
by Figures 4.6 A-E where the results of the fit are poor with respect to white line
intensity. It is clear that the high energy shoulder corresponding to peak A2, unique
to Ce4+ systems, has been poorly modelled by least squares minimization across a
wide energy range of -20 eV to 100 eV from the absorption edge E0 (Figure. 4.6.A).
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The fit was repeated over a range of specified energies corresponding to different
spectral regions. Sole fitting of the white line (Figure 4.6.C) ignores contributions
from Ce4+ altogether. A higher calculated Ce4+ content and improved fit was ob-
tained by modelling the absorption edge and high energy shoulder regions (Figure
4.6.B and 4.6.D), however this is with the consequence of a reduction in the cal-
culated white line intensity and subsequently a slightly poorer fit in this region.
Manual fitting (without LS minimization) was performed at the peak of the A2
shoulder yielding a higher Ce4+ content still (Figure 4.6.E), visually the fit is rea-
sonable when the Ce3+% is altered by ± 1%. Minor quantities of secondary δ=0.08
phase (1-2%) would contribute an additional <0.2% to the calculated Ce4+ content.
Across the three spectral regions the average calculated Ce3+ content is 95.3±4.4%,
which is broadly in agreement with that predicted from Rietveld refinement of neu-
tron diffraction data (92 ± 0.08%) considering the calculated e.ds.d’s. Modelling
the region corresponding to the peak A2 is expected to be relatively unaffected by
the white line intensity and perhaps more representative of the actual valence ratio
(8.6% Ce4+). Averaging across all fits, which has the effect of weighting the average
in favour of the region corresponding to peak A2 improves concordance between the
two techniques; 94.46± 4.3 Ce3+%. Replication of the measurements on two more
samples of as-prepared Ce0.9Sr0.1NbO4±δ afforded 94.92 ± 4.3% and 94.82 ± 4.8%
Ce3+.
Fitting derivative spectra can shift emphasis towards peaks and shoulders in the
spectrum. However such spectra are prone to noise and can introduce systematic
errors to the fitting, furthermore, smoothing reduces energy resolution unless mul-
tiple measurements are made. Fitting to the discrete value of the absorption edge
energy was instead performed to verify the results of linear combination fitting across
different spectral regions. Selection of E0 by first and second derivative methods is
also sensitive to noise, and as for CeO2, unresolved transitions superimposed on
the edge can add additional ambiguity. Figure 4.7 compares the derivative spectra
of Ce0.9Sr0.1NbO4±δ with that of the standards, which has two maxima in its first
derivative, one at 5723.952 eV and another at 5724.703 eV and as a result the second
derivative has multiple zero crossings at the edge. Whilst no tangible explanation
can be provided, the splitting occurs at energies closely related to E0 of the stan-
dards, and if not an artefact is suggested to arise from two components; an inflection
point corresponding to Ce3+, and contributions from peak C (Ce4+) superimposed
on the edge, the nature of which has been speculated in literature.
This feature is observed in other experiments on CeNbO4 systems [263], however,
it may arise from noise which would distort the edge and which is compounded by
the coarse nature of the derivative spectrum of the Ce3+ standard (Figure 4.7).
Unresolved transitions in the XANES spectra of traditional Ce3+ standards (e.g.
Ce2O3, CeNO3) have not been reported in the literature, due to the mainly localized
nature of the 4f orbitals. Fitting the first maxima of the first derivative of the
spectrum of Ce0.9Sr0.1NbO4±δ however afforded 94.75% Ce3+ which is in agreement
with least squares fitting.
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Figure 4.6: Modelled Ce3+ content (%) in as-prepared Ce0.9Sr0.1NbO4±δ by linear combination
fitting spectra of standards. A: Least squares minimization (LS) between -20 eV and 100 eV
beyond E0 (constrained at 5723.95 eV). B: LS fit to E0 region (-1.72-2.09 eV) selected either side
of the peak of the first derivative. C: LS fit to white line maxima (-1.55-6.17 eV). D: LS fit to
peak A2 (E0<10.30-20.87 eV). E: Manual fit of peak A2 (-20-100 eV).
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Figure 4.7: Comparison of the first and second derivatives of the normalized absorption spectra
for the Ce3+ and Ce4+ standards with that of as-prepared oxygen stoichiometric
Ce0.9Sr0.1NbO4±δ at room temperature. Red lines indicate the value of E0 taken from the zero
crossing of the second derivative.
4.3.3 XANES with in-situ reduction
Simultaneous XANES and x-ray diffraction data were collected on
Ce0.9Sr0.1NbO4±δ reduced in-situ under flowing 5% H2/N2(g) at 10 °C min–1 with
one heating and cooling cycle to 800 °C. By 373 °C, structurally there is no evidence
of the secondary δ=0.08 phase. With further heating the XANES spectra show an
increase in the intensity of the white line, evolving from peak B to A1, and loss of
peak A2 which is complete after brief isothermal heating at 800 °C, thus confirming
reduction. Linear combination analysis of all regions of the room temperature,
post reduction spectrum, confirmed the absence of Ce4+ in Ce0.9Sr0.1NbO4±δ.
Incomplete reduction cannot be excluded given the estimated systematic error of
±1% Ce3+ associated with energy alignment of the XAS data. It can be seen
from Figure 4.8, that the white line intensity of Ce0.9Sr0.1NbO4±δ relative to the
standard, pre-reduction is greater than that of the previous sample (Figure 4.4)
used for the LC fitting of as-prepared Ce0.9Sr0.1NbO4±δ, and could indicate sample
preparation is responsible for greater white line intensity of Ce0.9Sr0.1NbO4±δ
compared to CeNbO4.
The error associated with linear combination fitting of XANES data is frequently
referred to fall within the ±5% range [319][320][321], similarly to this work. As this
analysis shows, the Ce4+ content lies between 5-10%, which is somewhat concurrent
with the calculated strontium content of 8% obtained by refinement of TOF neutron
diffraction data. Whilst quantitative analysis of XANES data is subject to a degree
of ambiguity, these results combined with refinement, show charge compensation
of strontium occurs primarily via cerium oxidation. Under sufficiently reductive
atmospheres Ce4+ to Ce3+ reduction is accompanied by the loss of oxygen to retain
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Figure 4.8: A: XANES spectra with in-situ reduction of Ce0.9Sr0.1NbO4±δ under 5% H2/N2(g)
at 10 °C min–1 between 800 °C and ambient temperature. Data collection was performed
approximately every 30 °C. Arrows highlight the shift of E0, white line intensity and the A2
shoulder. B: Room temperature XANES spectra prior and post reduction. C: Cerium valence
calculated by LCF as a function of temperature.
charge neutrality, perhaps entirely or as the XANES data suggests. The results of
the refinement post 5% H2/N2(g) reduction however suggest only partial reduction
of Ce4+ to Ce3+, and a residual Ce4+ content of 6% is expected. Discrepancies
between the refined oxygen hypostoichiometry and calculated Ce4+ content from the
two techniques (post reduction) may be a result of the different sample environments.
For example, the transit time between reductive annealing and collection of TOF
data may have resulted in re-oxidation.
4.4 Solid Solubility
4.4.1 Higher strontium doping Ce1–xSrxNbO4±δ
Successive addition of strontium was performed to investigate both the solubility
limit of strontium and phase stability of the monoclinic fergusonite structure. At
the x=0.33 dopant level, an equal ratio of trivalent and tetravalent cerium sites is
expected, if defect reaction 4.2 holds true. Further doping up to x=0.5 would in
principle render all cerium sites with the 4+ state, with the potential for the stabili-
sation of oxide ion vacancies under oxidising conditions. In accordance with Bastile’s
diagram of the structural dependence of ABO4 compounds with their relative cation
radii ratio’s (Chapter 2), substitution of the A site with either Sr2+ or Ce4+ is not
expected to result in structural changes [197]. Instead B site substitutions e.g. vana-
dium (Chapter 2) have a dominant effect in determining any deviations from the
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monoclinic fergusonite structure. Rietveld refinement was performed on TOF neu-
tron diffraction data collected on Ce1–xSrxNbO4±δ (x=0.2, 0.3, 0.35, 0.4) reduced
under Ar2(g) (12 hours 800 °C) and 5% H2/N2(g) (3 hours 800 °C). Full details of
the calculated parameters and GOF factors can be found in Appendix A. The re-
finement was conducted with data collected on bank 2 at the POWGEN instrument,
SNS spallation source, Oakridge (Chapter 3). The appropriate d-spacing range was
covered; however the data was subject to a degree of noise and poor counting statis-
tics particularly at large d-spacing’s. Samples treated under argon were refined first,
followed by those under hydrogen.
Ce1–xSrxNbO4±δ phases (x≥0.2) were found to adopt the monoclinic fergusonite
structure, however they were also biphasic containing orthorhombic (Cmc21)
Sr2Nb2O7, which incidentally is an incommensurate structure [322]. Figure 4.9
presents the calculated strontium stoichiometry and Sr2Nb2O7 phase fraction as a
function of targeted strontium content for argon reduced Ce1–xSrxNbO4±δ. Clearly
the observed dopant level is limited to between 15-20%, and increases only incre-
mentally with further doping. This is accompanied however, by an increase in the
phase fraction of Sr2Nb2O7 and shows that whilst the CeNbO4 structure can ac-
commodate significantly more strontium compared to LaNbO4, the solubility limit
is likely to be below or close to 10%. This is likely a consequence of the larger radius
of Sr2+ relative to Ce3+ and in particular Ce4+.
Figure 4.9: A: Refined versus targeted strontium stoichiometry of Ce1–xSrxNbO4±δ annealed
under argon. B: Phase fraction of Sr2Nb2O7 as a function of targeted strontium stoichiometry.
As the XANES data (Section 4.3.3) suggests, annealing in hydrogen containing at-
mospheres results in the reduction of Ce4+ to Ce3+ with an accompanying increase
in the cell volume. The higher solubility of strontium in CeNbO4+δ compared to
LaNbO4 may be attributed to the oxidation of cerium. Although Ce
4+ (0.97 A˚)
has a smaller ionic radius than both Ce3+(1.143 A˚) and La3+(1.16 A˚), small dis-
tortions or cooperative motions may act to stabilise the dopant in some way [302].
On reduction, the larger radius of Ce3+ (and Sr2+) relative to Ce4+ could create
crowding or unfavourable bonding interactions that reduce the solubility of the al-
kaline earth species. Refinement of the Ce:Sr site occupancies of Ce1–xSrxNbO4±δ
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reduced under 5% H2/N2(g) afforded a slightly lower strontium content, however
the relative phase fractions of Ce1–xSrxNbO4±δ and Sr2Nb2O7 remained constant
between samples reduced under argon and hydrogen. Therefore from this analysis,
the reduction process is suggested not to decrease the strontium solubility, and so
the Ce:Sr ratio was constrained to that calculated during the refinement of the ar-
gon reduced samples. Ternary phases could not be formally identified due to poor
signal to noise ratios; however the data of both Ar2(g) and 5% H2/N2(g) reduced
Ce1–xSrxNbO4±δ (≥x=0.2) did indicate the possibility of very weak, unidentified re-
flections. Although impossible to formally distinguish from the background counts,
if present, could indicate an alternative phase of strontium and niobium, or even
indicate superstructure possibly arising from A site ordering for example.
Although the quality of the data could be improved, the diffraction patterns of
Ce1–xSrxNbO4±δ ≥20% may indicate potential compositional inhomogeneity. The
peak shapes of the (121) and (-121) reflections in particular (Appendix A) could
not be adequately modelled, and presented either asymmetric Lorentzian tails or a
small level of peak truncation and perhaps splitting. Similarly the (24-2) reflection
for all patterns except x=0.35 consistently presented strong peak asymmetry. Mod-
elling with profile function 4 (GSAS) did not provide significant improvement. As
a result these reflections contribute most of the residual difference between the ex-
perimental and modelled patterns; which is particularly poor for Ce0.8Sr0.2NbO4±δ
and which also contained notable ternary unknown reflections. Given that the sol-
ubility limit is clearly exceeded after addition of 20% strontium, Ce1–xSrxNbO4±δ
may contain domains with different strontium contents and subsequently cerium
valence and (or) oxygen stoichiometries. Re-collecting the data and ensuring bet-
ter counting statistics potentially combined with a 3 phase refinement consisting of
two Ce1–xSrxNbO4±δ phases with different cell constants may model the data more
sufficiently and provide greater insight.
Figure 4.10.F shows the calculated oxygen stoichiometry as a function of observed
strontium content. All samples reduced under argon (x≥0.2) were slightly oxygen
deficient on the O2 site, annealing in hydrogen afforded a simultaneous deficiency
on the O1 (c.f. x=0.1) and O2 sites. The results would suggest that reduction was
incomplete; if all Ce4+ sites were reduced to Ce3+ the oxygen deficiency would be
expected to be greater; between O=3.90-3.93. Complete reduction may not be fea-
sible in the higher doped systems, it is also possible that a longer annealing duration
or a more reductive atmosphere is required, or that the samples partially re-oxidised
in transit between experiments. Sample characteristics such as particle size, powder
packing and thermal gradients would also cause incomplete reduction; however an in-
homogenous stoichiometry would be expected therefore affording a mixture of phases
with different cell parameters, and although the patterns suggest compositional in-
homogeneity notable peak splitting after reduction is not immediately obvious from
the data. It is also worth noting the potential for cerium content in the secondary
phase, which was not refined, but which could alter the Ce:Sr ratio of the target
phase and subsequently the oxygen stoichiometry. Similarly to Ce0.9Sr0.1NbO4±δ
the reduction is accompanied by an increase in cell volume (Figure 4.10.E) whereas
Ce0.8Sr0.2NbO4±δ and Ce0.65Sr0.35NbO4±δ did not exhibit any increase in cell vol-
ume nor deficiency on the O1 site. Because during the course of this work, these
samples have displayed cell expansion after reducing in 5% H2/H2(g), it is suggested
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that on this occasion the reductive annealing may have failed experimentally, as
opposed to these compositions in particular displaying different behaviour.
Figure 4.10: A-D: Lattice parameters a, b, c and β as a function of targeted strontium content
(x). E: Cell volume F: Calculated oxygen stoichiometry obtained from Rietveld refinement of
TOF neutron diffraction data collected on Ce1–xSrxNbO4±δ, the refinement quality of
Ce0.8Sr0.2NbO4±δ reduced under Ar2(g) was poor and the calculated stoichiometry likely non
representative.
Between x=0-x=0.1 there is a sharp reduction in the length of all cell constants for
argon reduced Ce1–xSrxNbO4±δ, consistent with the generation of compensatory
Ce4+. If this mechanism holds true, with further doping between x=0.1 to x=0.2
and upon increasing the dopant concentration from ≈10% to ≈15%, the cell vol-
ume is expected to decrease further and then plateau due to the strontium content
remaining essentially unchanged. As Figure 4.10 (A-D) shows, there is little net
decrease in the cell volume with further strontium doping and whilst the behaviour
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of the cell parameters is somewhat plateau like x≥0.3, there is actually a very small
increase in volume relative to Ce0.9Sr0.1NbO4±δ. This could be the result of oxygen
vacancy formation which was refined for all compositions x≥0.2 and which would re-
duce the Ce4+ content, however Ce0.8Sr0.2NbO4±δ might still be expected to have
a smaller cell volume to that calculated. Alternatively the similarity of the cell
constants between all compositions of as-prepared Ce1–xSrxNbO4±δ may indicate
the solubility limit in fact fluctuates around 10%, however as Appendix A Figures
A2.A-E shows the reflection intensities change with successive doping. The beta an-
gle increases slightly with increasing strontium content for samples annealed under
argon, whilst those annealed under 5% H2/N2(g) show a more dramatic increase,
the exception being again Ce0.8Sr0.2NbO4±δ and Ce0.65Sr0.35NbO4±δ. It is clear
that annealing under hydrogen generates a large cell expansion only observed for
Ce0.9Sr0.1NbO4±δ, which is maintained to a lesser extent with higher dopant lev-
els. As discussed, compositions Ce0.8Sr0.2NbO4±δ and Ce0.65Sr0.35NbO4±δ have
virtually identical a, b and c parameters to their argon treated counterparts, and no
refined deficiency on the O1 site suggests the reductive annealing was not effective.
4.4.2 Calcium doped CeNbO4
The previous work has shown that whilst CeNbO4 can accommodate a greater stron-
tium content compared to LaNbO4, the solubility limit is still nevertheless poor in
relation to many perovskite systems. The smaller ionic radius of Ca2+ (1.12 A˚) over
Sr2+ (1.26 A˚) may provide improved solubility which in turn, would create a higher
defect concentration and potentially better transport properties [302]. Rietveld re-
finement was performed on TOF neutron diffraction data collected on as-prepared
Ce1–xCaxNbO4±δ (x=0.1, 0.2, 0.3, 0.4) and Ce1–xCaxNbO4±δ (x=0.1, x=0.2) re-
duced under 4% H2/He(g) (5 hours 800 °C). Full details of the calculated parameters
and GOF factors can be found in Appendix A, Figures A4.A-D, A5.A-B and Tables
A4.A-D and A5.A-D. Data were collected on bank 3 at the Powgen instrument,
Spallation Neutron Source, Oakridge National Laboratory, USA (Chapter 3). Due
to cerium (σc=2.94 b) and calcium (σc=2.78 b) having virtually identical neutron
scattering cross sections multi histogram refinements were conducted with x-ray
diffraction data collected on the same samples (x=0.1, x=0.2) at BM-11, Advanced
Photon Source, Argonne National Laboratory, USA [303]. Consequently site occu-
pancies were not refined for Ce0.7Ca0.3NbO4±δ and Ce0.6Ca0.4NbO4±δ. However
Ce0.9Ca0.1NbO4±δ was found to have a significant portion of unidentified phase
not seen before in laboratory studies, and therefore the calculated parameters are
quoted for the purpose of comparing the cell constants. Whilst the (121) and (-121)
reflections presented some peak base broadening which could not be appropriately
modelled, no significant asymmetry of these, or the (-242) reflection was observed.
With progressive calcium doping (Figure 4.11) the room temperature x-ray diffrac-
tion patterns of Ce1–xCaxNbO4±δ remain single phase up to 30% additions beyond
which reflections corresponding to orthorhombic (Pn21a) Ca2Nb2O7 are evident
[323]. As predicted the solubility limit appears to be significantly higher (≈30%)
than both Ce1–xSrxNbO4±δ and in particular LaNbO4, which is likely a conse-
quence of the similar radius of calcium to Ce3+ (1.143 A˚) [302]. As Figure 4.13
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Figure 4.11: Room temperature x-ray diffraction patterns comparing the evolution of
orthorhombic (Cmc21) Sr2Nb2O7 and (Pn21a) Ca2Nb2O7 secondary phases (asterisks) with
progressive A site doping of CeNbO4.
shows, the lengths of each of the cell constants and subsequently the cell volume
decrease almost linearly with progressive doping, suggesting similar charge compen-
sation mechanisms to Ce1–xSrxNbO4±δ, where the dopant is largely compensated by
the formation of Ce4+ holes which cause the cell to contract. The solubility of cal-
cium (or any dopant) is likely to change as more Ce4+ (0.97 A˚) compensates for the
dopant, due to its smaller radius relative to Ce3+ (1.143 A˚). However the structure
can tolerate 50% of cerium sites with the tetravalent state (c.f. CeNbO4.25), and
neither Ce0.7Ca0.3NbO4±δ or Ce0.6Ca0.4NbO4±δ attain this. Although the radius
of Ca2+ is very similar to Ce3+ it is nevertheless slightly smaller and as per Figure
4.12, the cell volume decreases more rapidly compared to the parent material. It
should be noted that this may also be attributable to other factors relating to the
coordination and bonding preferences of the unit cell contents.
At the suggested solubility limit, the cell volume approaches that of CeNbO4.25
(311.74 A˚3), which has the smallest parent cell of all the oxidised phases and rep-
resents a boundary between monoclinic symmetry and the triclinic δ=0.33 phase
[253]. The limit may therefore represent an approximate threshold in which fur-
ther contraction of the cell becomes unfavourable. It is further possible that a
reduction in symmetry similarly to CeNbO4.33 is not feasible due to as-prepared
Ce0.7Ca0.3NbO4±δ being absent of excess oxygen, which may be a contributing fac-
tor to the ability of the parent material to adopt reduced symmetry which is most
frequently observed after annealing under high oxygen partial pressures [253]. Whilst
latter members of the rare-earth series display a more significant contraction (e.g.
YbNbO4 284.5 A˚
3, TbNbO4 298.8 A˚
3) the high charge density of the Ce4+ cation
may generate stronger repulsive forces which prevent the structure from contracting
further [205].
Alternatively unfavourable bonding interactions resulting from other structural re-
strictions may limit calcium solubility to 30%. For example Packer speculated that
4.4. Solid Solubility 139
Figure 4.12: Cell volume of (as-prepared) Ce1–xCaxNbO4±δ and CeNbO4+δ at room
temperature as a function of theoretical Ce4+% on the A site.
under conditions of ambient p(O2) the CeNbO4+δ phases may be restricted to a
’50% rule’ in which the maximum Ce4+/Ce3+ valence ratio is limited to 1:1. This
was inferred from previous structural studies of Ce1–xLaxNbO4+δ in which the hy-
perstoichiometry after replacement of the A site corresponded approximately to
oxidation of 50% of the cerium sites (e.g. x=0.2 δ=0.2, x=0.5 δ=0.125) [263][275].
At x=0.33 50% of the remaining cerium sites in Ce1–xCaxNbO4±δ would be tetrava-
lent and at x=0.3 the Ce4+ content approaches 50%. The driving force behind such
a phenomenon if real is not clear, but would most likely relate to the structural
modulation, in oxygen stoichiometric as-prepared Ce1–xCaxNbO4±δ however, such
modulation is not present and this observation may be circumstantial.
After annealing in 4% H2/He(g) the cell again expands. Ce0.9Ca0.1NbO4±δ ex-
pands by ≈0.5% similarly to Ce0.7Sr0.3NbO4±δ and Ce0.6Sr0.4NbO4±δ however
the percentage increase of Ce0.8Ca0.2NbO4±δ is much larger (≈1.8%) similarly to
Ce0.9Sr0.1NbO4±δ (≈3%), becoming larger than the parent material. Whilst the
difference in cell volume between as-prepared Ce0.9Sr0.1NbO4±δ (322.43 A˚3) and
Ce0.9Ca0.1NbO4±δ (321.23 A˚3) may reflect the difference in solubility, contraction
may be offset in the former due to the larger radius of Sr2+. Therefore on reduction
and expansion of the cell, the lattice constants may increase relative to CeNbO4
(324.86 A˚3) which is in fact observed in the case of Ce0.9Sr0.1NbO4±δ. The dif-
ferent behaviour of the other compositions of Ce1–xSrxNbO4±δ was mostly ratio-
nalised by differences in experimental conditions and sample characteristics (4.4.1).
Ce1–xCaxNbO4±δ is not expected to expand more than the parent material due
to the smaller radius of Ca2+, even if all compensatory Ce4+ were reduced. The
enlargement may therefore have a more complex origin and reflect different coordi-
nation and bonding preferences of the dopant in CeNbO4 where cerium is mostly
trivalent.
Specifically why the expansion is so large for Ce0.8Ca0.2NbO4±δ and
Ce0.9Sr0.1NbO4±δ only is not immediately obvious, but may be attributed to the
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Figure 4.13: A-C: Lattice parameters a, b, c. D: Cell volume as a function of targeted calcium
content obtained by Rietveld refinement of TOF neutron diffraction data collected on
Ce1–xCaxNbO4±δ.
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factors discussed in 4.43. Similarly to Ce1–xSrxNbO4±δ, the calculated oxygen
stoichiometry of reduced Ce0.8Ca0.2NbO4±δ is deficient (3.884) and in agreement
with that expected from the calculated dopant concentration (3.889). But unlike
Ce1–xSrxNbO4±δ no deficiency was refined in as-prepared Ce0.8Ca0.2NbO4±δ and
suggests that argon reduction may induce a small deficiency, however this may be
attributed to the nature of the dopant. Because no corresponding x-ray diffraction
data was collected on the higher doped compositions, it is unknown whether they
are also oxygen deficient, however it is presumed that they are.
4.5 Barium doped CeNbO4
Due to the very electropositive nature of this cation highly basic oxides are formed,
which in turn generate the highest reported proton conductivities [324]. However,
due to the larger radius of Ba2+ (1.42 A˚) over Sr2+ the solubility is expected to
be poor, and even lower than that of Ce1–xSrxNbO4±δ. Subsequently only 10%
barium doped CeNbO4 was investigated, the refined cell constants a (A˚):7.4299(7)
b (A˚):11.6623(10) c (A˚):5.2778(10) β(°): 130.60(1) Vol (A˚3): 347.21(4) are consider-
ably larger than both the previously studied compositions and the parent material.
4.6 Summary and conclusions
Acceptor dopants in both as-prepared and argon reduced CeNbO4 are charge com-
pensated primarily by the oxidation of Ce3+ to Ce4+, resulting in contraction of
the lattice similarly to that of the hyperstoichiometric phases of the parent material
CeNbO4+δ. A combination of XANES analysis and TOF neutron diffraction showed
as-prepared Ce1–xAxNbO4±δ to be oxygen stoichiometric and contain mixed cerium
valence. The compensation mechanism is suggested to change to that of oxygen va-
cancy formation upon annealing under sufficiently reducing atmospheres such as
5% H2/N2(g). Reduction of cerium to the trivalent state is accompanied by lattice
expansion, in which the cell volume becomes comparable to the parent material. In
contrast to LaNbO4 which has a solubility limit of 1-2%, the cerium analogue can
accommodate significantly higher dopant concentrations (Sr2+ ≈10%, Ca2+ ≈30%).
This is believed to be a result of the compensation mechanism where the change
in both cerium radius and coordination upon oxidation may lead to cooperative
effects that act to stabilise the dopant. The lower solubility of strontium compared
to calcium is attributed to the larger size differential between Ce3+, which increases
further as the dopant concentration and subsequently Ce4+ content increases. Con-
versely, it is speculated that the solubility of calcium within the structure is limited
by contraction of the cell.
Chapter 5
Non-Stoichiometry and structural
transformations
5.1 Introduction
The redox behaviour of CeNbO4+δ and its derivatives is both intriguing and com-
plex, owing to the irreversible and kinetically restricted nature of the valence dy-
namics of cerium within the fergusonite structure. Certainly, characterising and
understanding these behaviours with respect to structure and as a function of many
standard parameters, (e.g. temperature, time and atmosphere) is no trivial task,
and one which is further compounded by modulation of the monoclinic parent cell
(Chapter 3). However, the oxygen uptake and subsequent cerium valence deter-
mines both the structural and electrical properties of CeNbO4+δ, and therefore
an understanding of these processes is required. Similarly to the parent material,
Ce1–xAxNbO4±δ compositions are expected to undergo further redox changes as a
function of temperature, oxidising to the modulated hyperstoichiometric variants
(δ=0.08, δ=0.25 or δ=0.33). However replacement of the redox active Ce3+ with
both dopant and compensatory Ce4+ will likely to influence its redox behaviour and
subsequently transport properties. This chapter examines the structural and stoi-
chiometric transformations that Ce1–xAxNbO4±δ undergo in relation to CeNbO4+δ.
5.1.1 Redox behaviour of CeNbO4+δ
The previous studies presented in Chapter 3 indicate that CeNbO4+δ undergoes
preferential oxidation to the δ=0.25 stoichiometry upon heating, forming transient
phases on the first thermal cycle [263]. Dynamic heating with progressively slower
ramp rates results in a greater degree of oxidation, and extended isothermal treat-
ments that enable thermal equilibration afford the δ=0.25 stoichiometry, with the
oxidative and tetragonal domains shifting to lower temperature. Quenching there-
fore merely isolates CeNbO4+δ as a metastable phase, the long term stability of δ=0
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at ambient temperature is unreported; although heating above ≈300 °C appears to
activate these structural transformations.
The driving force for this behaviour is suggested to be that of strain reduction; how-
ever unusual phenomena are presented which indicate a complex interplay between
structural and thermodynamic parameters. For example, there is notable hysteresis
of both the transition temperature and oxygen stoichiometry (δ) between heating
and cooling, despite CeNbO4+δ reducing back to δ=0 upon forming the scheelite
phase [263]. However, XANES measurements show the isolated oxidised phases
δ=0.08 and δ=0.25 retain oxygen excess on passing the transition; the cerium va-
lence gradually reduces with isothermal heating [259]. Possibly this asymmetry is
the result of cerium ordering in the tetragonal phase, creating ’memory’ of the low
temperature monoclinic phase [263]. Thermal history is clearly important as are
kinetics. Thermogravimetric studies (ramp rate of 20 °C min–1) show CeNbO4.00
synthesised under argon (to suppress the formation of the δ=0.08 phase), oxidises
to a δ=0.04 stoichiometry, which is lower than the as-prepared material (δ=0.08)
[263]. Further XANES work has shown the reduction kinetics of the δ=0.08 to be
faster relative to δ=0.25; possibly the oxidation of δ=0.08 is therefore faster than
δ=0 .
The CeNbO4+δ oxidised phases have been suggested to be phase fields as opposed to
line phases, corresponding to a wider range of oxygen excess (δ). Unexpectedly the
δ=0.25 phase, was shown to undergo reduction to a δ=0.16 stoichiometry, however
no corresponding in-situ diffraction data were obtained to observe any structural
changes [259]. Previous investigations into lanthanum doped CeNbO4+δ showed
that with progressive A site doping the hyperstoichiometry reduced, consistent with
the replacement of redox active Ce3+ with La3+. The δ=0.25 phase is the maximum
stoichiometry attained by the monoclinic structure in which half the cerium sites
occupy the tetravalent state, and where further oxidation results in triclinic symme-
try. It was therefore suggested that the maximum stoichiometry after replacement
of cerium with a dopant will be determined by the assumption that half of the re-
maining cerium site oxidise to the tetravalent state. For example 20%, 40%, 60%
and 80% additions would restrict the hyperstoichiometry to δ=0.2, δ=0.15, δ=0.1
and δ=0.05 respectively. These values were closely replicated by TG analysis on
Ce1–xLaxNbO4, and in-situ x-ray diffraction patterns showed with progressive lan-
thanum doping the structure adopted the δ=0.08 stoichiometry as opposed to the
δ=0.25 phase observed by the parent material.
5.2 Oxygen hyperstoichiometry in
Ce1–xAxNbO4+δ
5.2.1 Dynamic in-situ x-ray diffraction and XANES studies
The structural modulation accompanying the oxidation of CeNbO4+δ with heating,
enables the use of diffraction methods as simple diagnostic tool for studying the
redox behaviour of these phases, and example x-ray diffraction patterns for each
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of the oxidised phases of the parent material can be found in [253]. In-situ x-ray
diffraction measurements (Alba Synchrotron, Spain, Chapter 3) were collected on
10% and 20% acceptor doped Ce1–xAxNbO4+δ (A=Ca, Sr) with dynamic heating
at 10 °C min–1 under static air, to examine their redox behaviour in relation to the
parent material and identify any initial differences generated by dopant type and
concentration (Figure 5.1). Table 5.1 presents a summary of the hyperstoichiometric
phases formed by Ce1–xSrxNbO4+δ, and shows similarly to CeNbO4+δ, three prin-
ciple processes i. a large oxidation step from ≈350 °C ii. reduction of the oxygen
excess and formation of the tetragonal polymorph and iii. re-oxidation on cooling.
Three phases coexist upon heating; δ=0, δ=0.08 and δ=0.25 the overall hyperstoi-
chiometry is intermediate between δ=0.08 and δ=0.25. However the intensity of the
δ=0.25 reflections are much weaker (Figure 5.1) for Ce0.8Sr0.2NbO4+δ, which sug-
gests the average value of delta is lower in comparison to Ce0.9Sr0.1NbO4+δ which
may reflect the higher dopant content and subsequently greater compensatory Ce4+.
Both phases show the evolution of the tetragonal polymorph as a discrete phase upon
heating, however on cooling the tetragonal reflections diverge to first form an un-
known phase visually representative of a stoichiometry intermediate between δ=0.08
and δ=0.25. For Ce0.8Sr0.2NbO4+δ the temperature range of stability of the tetrag-
onal phase is wider, which shall be discussed in greater depth in Section 5.3. With
further cooling Ce1–xSrxNbO4+δ forms a δ=0+0.08 phase mixture which remains
stable to room temperature. Both 10% and 20% strontium doped Ce1–xSrxNbO4+δ
show similar behaviour overall, which might be expected given the marginal in-
crease of strontium content that accompanies the targeted dopant level. Whilst no
dynamic in-situ x-ray diffraction data has been collected on CeNbO4+δ, the calcu-
lated content from thermogravimetry (Chapter 2, Section 2.3) with a heating rate of
10 °C min–1 was δ=0.25 and δ=0.08 on heating and cooling respectively, therefore
strontium additions appear to supresses the hyperstoichiometry [263].
Figure 5.1: Dynamic in-situ x-ray diffraction (Alba Synchrotron) of Ce1–xSrxNbO4±δ, heated at
10 °C min–1 under static air, data collection approximating 2 minutes for every 30 °C.
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Phase Sr=0.1 Sr=0.2
Heating δ=0 25-497 °C 25-473 °C
δ=0.08 345-755 °C 365-708°C
δ=0.25 390-712 °C 430-623 °C
Cooling δ=0+0.08 607-25 °C 587-25 °C
Table 5.1: Summary of the hypostoichiometric phases identified by dynamic in-situ x-ray
diffraction (Alba Synchrotron) collected on Ce1–xSrxNbO4+δ heated at 10 °C min
–1 under static
air, data collection approximating 2 minutes every 30 °C.
Unusually, Ce1–xCaxNbO4+δ did not present any evidence of oxidation, instead
displaying a gradual increase in symmetry analogously to LaNbO4 [209] and to
heating the CeNbO4+δ phases under vacuum or under reductive atmospheres [263].
Further analysis was therefore performed using laboratory in-situ methods. A semi-
dynamic program was implemented by heating Ce1–xCaxNbO4+δ at 10 °C min
–1
with data collection for 2 minutes every 100 °C in an attempt to best replicate Figure
5.1 and minimise isothermal heating which may lead to different redox behaviour.
Figure 5.2 presents evidence for oxidation; from 400 °C both Ce0.9Ca0.1NbO4+δ and
Ce0.8Ca0.2NbO4+δ form a δ=0.25 type stoichiometry, which remains single phase
up to the onset temperature of the tetragonal transition at 700 °C. It can be seen
that Ce0.9Ca0.1NbO4+δ oxidises over a broader temperature range of 3-400 °C and is
almost entirely tetragonal by 700 °C, suggesting that higher calcium concentrations
raise the transition temperature.
Figure 5.2: Semi-dynamic in-situ x-ray diffraction (laboratory source) collected on
Ce1–xCaxNbO4+δ heated at 10 °C min
–1, data collection for 2 minutes every 100 °C.
Upon forming the δ=0.25 stoichiometry, the parent cell of CeNbO4 shows an ap-
preciable contraction from 324.43 A˚ to 310.95 A˚ at 25 °C as cerium oxidises to
the tetravalent state [253]. This is similarly represented at high temperature by a
notable high angle shift, particularly the (200) reflection which occupies an inter-
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mediate position between the (040) and (002) reflections and which readily distin-
guishes the pattern of δ=0.25 from the δ=0 stoichiometry (Figure 5.4). However
the reflection positions of the oxidised phase of Ce0.9Ca0.1NbO4+δ and in particu-
lar Ce0.8Ca0.2NbO4+δ, display only a small shift relative to the starting δ=0 phase
upon heating. Because formation of the δ=0.25 stoichiometry in the parent material
is accompanied by oxidation of 50% of the cerium sites to the tetravalent state, for-
mation of this phase by Ce1–xCaxNbO4±δ is expected to result in a similar relative
contraction of the parent cell to that observed between CeNbO4 and CeNbO4.25,
regardless of the compensatory Ce4+ if the contraction is fairly linear with Ce4+
content which it is for the parent material (∆Ce4+ of 10% gives ∆V of 2.47 A˚3).
Whilst the change in cell volume is specifically non-linear with increasing Ce4+ and
Ca2+ content in as-prepared Ce1–xCaxNbO4±δ (Chapter 4), the relationship be-
tween cell volume and Ce4+ content upon oxidation would have to be particularly
non-linear for these phases to form the same stoichiometry as the parent material of
δ=0.25 due to the already contracted cell of Ce1–xCaxNbO4±δ. This implies Figure
5.2 corresponds to the oxidation of phases structurally similar to CeNbO4.25 but of
lower oxygen stoichiometry.
Figure 5.3: A: The cell volume of Ce1–xCaxNbO4±δ and CeNbO4+δ with dynamic heating
(corresponding cell constants can be found in Appendix B, Table B.1). B: Comparison of the
patterns at 600 °C. C: Comparison of the cell volume of Ce1–xCaxNbO4±δ and CeNbO4+δ at
room temperature as a function of speculated Ce4+ content.
Interestingly upon oxidation, both Ce0.9Ca0.1NbO4+δ and Ce0.8Ca0.2NbO4+δ afford
patterns and cell volumes that are remarkably similar to CeNbO4.25. This may
suggest that the structures contain similar net Ce4+ contents, which is responsible
for the contraction of CeNbO4 phases with or without excess oxygen. However
as Figure 5.3.C shows comparison of the cell volume as an indicator of cerium
oxidation is not absolute and may be complicated by other structural factors for
example the dopant and thermal expansion characteristics at high temperature.
5.2. Oxygen hyperstoichiometry in Ce1–xAxNbO4+δ 147
On cooling both compositions form phases that are dissimilar to both the starting
materials and those formed on heating. Whilst the patterns are still representative
of the δ=0.25 stoichiometry, the cell volume increases relative to the phases formed
on heating as per Figures 5.3.A and 5.4, indicating a lower oxygen content. With
continued cooling Ce0.9Ca0.1NbO4+δ becomes biphasic, reforming the δ=0 phase
which coexists with the oxidised phase; the (121) and (002) reflections of which
converge and overlap significantly at room temperature. However the pattern of
Ce0.8Ca0.2NbO4±δ post oxidation is almost identical to the δ=0 stoichiometry, with
the exception that the (121) and (002) reflections show a small high angle shift, and
a corresponding contraction of the parent cell suggesting δ>0.
Figure 5.4: Comparison between the different phases formed on heating and cooling
Ce1–xCaxNbO4±δ semi dynamically at 10 °C min–1.
A possible cause for the lack of oxidation observed in the data collected at the Alba
Synchrotron facility may lie in the sample environment; data collection required
sample loading in packed, sealed capillaries, with the top of the sample that is
exposed to air falling outside of the beam. It is possible that Ce1–xCaxNbO4+δ
samples were packed more densely relative to those doped with strontium. Data
collected with the laboratory source required depositing a fine layer of powder on
a platinum foil with the entire sample surface exposed to static air. This in its self
may lead to different oxidation behaviour, for example the catalytic influence of Pt
cannot be ruled out. The semi-dynamic laboratory program was therefore performed
on Ce0.8Sr0.2NbO4+δ to compare results (Appendix B, Figure B.1), and whilst this
program has fewer data points the results are broadly in agreement, showing the
same behaviours as that presented in Figure 5.1. The exception that the δ=0.25
evolves from a slightly lower temperature.
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5.2.2 Simultaneous TG-DSC
Thermogravimetric analysis was performed on as-prepared Ce1–xAxNbO4+δ, heated
dynamically at 10 °C min–1 under static air, with isothermal heating at 800 °C for
45 minutes. Similarly to the thermogravimetric data collected on CeNbO4+δ two
consecutive reduction re-oxidation processes can be identified for each composition.
The TG curve begins with a mass loss from ≈200 °C, which is complete at ≈320
°C signifying the onset of the large oxidation step. A similar initial mass loss has
also been observed in the TG curve of CeNbO4+δ, however inconsistently [263]. It
is possibly attributed to the reduction of δ=0.08 secondary phase commonly formed
during quenching, however such a large reduction is inconsistent with diffraction
patterns of the as-prepared materials which show the presence of this phase to
be negligible (<1-2%) which would generate a mass loss of ≈0.01%. Furthermore
the reduction of compensatory Ce4+ accompanying the loss of oxygen from regular
lattice sites is not supported by any discontinuities in the cell constants from x-ray
diffraction. Instead it is assumed to result predominantly from the desorption of
surface species such as H2O or CO2. With further heating the oxidation process
peaks at ≈530-570 °C, and assuming Ce1–xAxNbO4+δ at the onset of this process
is oxygen stoichiometric (δ=0), corresponds to the calculated hyperstoichiometry
provided in Table 5.2.
Figure 5.5: Simultaneous TG-DSC collected on Ce1–xAxNbO4+δ heated at 10 °C min
–1 under
static air, A-D represent Sr=01, Sr=0.2, Ca=0.1 and Ca=0.2 respectivly.
With further heating Ce1–xAxNbO4+δ reduces until ≈730-760 °C signifying the
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onset of the monoclinic-tetragonal transition which is evident by a corresponding
endotherm and the previous structural data presented in Figures 5.1 and 5.2. This
work suggests the tetragonal phase of Ce1–xAxNbO4+δ may be slightly oxygen defi-
cient under oxidising conditions, the mass of Ce1–xSrxNbO4+δ reduces further with
isothermal heating above the transition temperature indicating slow reduction ki-
netics. However the calculated deficiencies fall within reasonable error allowances.
On cooling Ce1–xAxNbO4+δ re-oxidises from ≈660-700 °C, affording a stoichiome-
try approximately equal to δ=0 for all compositions except Ce0.9Ca0.1NbO4±δ. The
discrepancy with the structural work which predicts Ce1–xSrxNbO4+δ to have an
approximate stoichiometry of δ ≈0.04, may arise from either i. ambiguity of the ini-
tial mass loss and errors associated with thermogravimetry ii. the differing sample
environments between the techniques iii. an oxygen deficient phase coexisting with
the hyperstoichometric phase, however this is not supported by x-ray diffraction.
Oxidation Reduction Reduction Oxidation Endotherm
Peak (Isothermal) Cooling Heating (T°C)
Sr=0.1 δ=0.17 δ=-0.01 δ=-0.02 δ=0 668.9, 701.2
Sr=0.2 δ=0.12 δ=-0.02 δ=-0.03 δ=-0.01 607.9, 660
Ca=0.1 δ=0.23 δ=-0.02 δ=-0.02 δ=0.04 686.6
Ca=0.2 δ=0.12 δ=-0.02 δ=-0.02 δ=0.01 643.3
Table 5.2: Summary of the redox processes identified by simultaneous TG-DSC collected on
Ce1–xAxNbO4+δ heated at 10 °C min
–1 under static air.
In agreement with Figure 5.1, the oxygen contents of Ce0.9Sr0.1NbO4±δ and
Ce0.8Sr0.2NbO4±δ are intermediate between a δ=0.08 and δ=0.25 phase mixture,
and that of Ce0.8Sr0.2NbO4±δ is lower reflecting the weaker reflection intensity of
the δ=0.25 phase. The calculated hyperstoichiometry of Ce0.9Ca0.1NbO4±δ is com-
parable to the δ=0.25 phase indicated by Figure 5.2, however the oxygen content
of Ce0.8Ca0.2NbO4±δ is much lower reflecting the smaller contraction of the par-
ent cell which is expected to accompany the simultaneous oxidation of Ce3+ to
Ce4+ and incorporation of excess oxygen. This further provokes the assumption
that Ce0.8Ca0.2NbO4±δ forms a new oxidised phase of intermediate stoichiometry
previously unobserved in the parent material. The (new) phases formed on cooling
Ce1–xCaxNbO4+δ also represent intermediary stoichiometries between δ=0 and that
formed on heating, the oxygen content of which is lower for Ce0.8Ca0.2NbO4±δ.
5.2.3 Simultaneous in-situ x-ray diffraction and XANES of
Ce0.9Sr0.1NbO4+δ
Simultaneous in-situ XANES and x-ray diffraction was performed on as-prepared
Ce0.9Sr0.1NbO4+δ heated dynamically 10 °C min
–1 in static air to examine in greater
depth the redox processes discussed, and any influence of compensatory Ce4+. In-
situ XANES profiles (Figure 5.5) show the high energy ’shoulder’ corresponding
to peak A2 found in CeO2 increases in intensity, whilst the white line intensity
decreases with a shift of the absorption edge to higher energy, indicating greater
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oxidation of cerium to the tetravalent state which accompanies the incorporation of
excess oxygen.
Figure 5.6: In-situ XANES recorded on as-prepared Ce0.9Sr0.1NbO4+δ heated dynamically at 10
°Cmin–1 under static air. 1 hour isothermal heating was performed at 800 °C prior to cooling.
Inset; x-ray diffraction pattern recorded simultaneously corresponding to the δ=0.08 phase.
Least squares linear combination fitting was performed according to Chapter 4, by
fitting both the entire spectrum and individual spectral regions corresponding to
the absorption edge, white line, and high energy shoulder. All fitting methods are
in excellent agreement with the corresponding in-situ x-ray diffraction with respect
to the onset (471 °C), peak (636 °C) and completion of the large oxidation step on
heating (734 °C). Structurally this corresponds to the development of the δ=0.08
phase, in which 16% of the cerium sites are tetravalent. At room temperature the
average Ce4+ content is 5.5±4.3% which charge compensates the dopant; however
this increases to 22±3% at 602 °C, and shows that upon oxidation the compensation
mechanism remains largely unperturbed.
With further heating, all linear combination fits (Figure 5.8) show the Ce4+ content
reduces, affording a value slightly lower than the starting content, as per Figure 5.7
this corresponds to an average of 4.4±3.4% at 800 °C. Similarly to the TG data,
this implies that whilst the tetragonal polymorph retains most of the compensatory
Ce4+ it may be slightly oxygen deficient, however the calculated errors far exceed
the inferred deficiency. On cooling between 661-564 °C Ce0.9Sr0.1NbO4±δ forms a
phase similar to that identified from Figure 5.1. However this is not accompanied
by any increase in valence and therefore represents a transitory phase between the
tetragonal and monoclinic structures. At 564 °C the Ce4+ content increases to
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Figure 5.7: Results of linear combination fitting in-situ XANES spectra recorded on
Ce0.9Sr0.1NbO4+δ heated dynamically at 10 °C min
–1 under static air. The data presented is the
mean value of Ce3+ taken from fitting different spectral regions at each temperature with the
corresponding standard deviation.
≈5% consistent with the formation of the δ=0 and δ=0.08 (<2%) stoichiometries
evident from the simultaneous diffraction measurements which remain stable to room
temperature. The redox behaviour of Ce0.9Sr0.1NbO4±δ determined from in-situ
XANES and x-ray diffraction measurements is quite different to that presented in
Figure 5.1 which shows oxidation to a δ=0.08+0.25 mixture on heating. Whilst the
sample volumes and environments are very different between the two experiments,
thermogravimetry performed on the same sample of Ce0.9Sr0.1NbO4±δ used for the
XANES work shows identical behaviour (oxidation to δ=0.08) (Appendix B, Figure
B.2) therefore compositional or particle size variations may account for the different
behaviour.
Linear combination fits corresponding to peak A2 (Figure 5.8) show a very slight
reduction of the cerium valence (0.1-0.3%) up to 274 °C consistent with x-ray diffrac-
tion which shows reduction of the δ=0.08 (<2%) phase to δ=0 at the same temper-
ature. However fits inclusive of the E0 region display a more pronounced reduction
(3-4%) which is indicative of partial reduction of compensatory Ce4+ as observed
in the TG curve. Previous XANES work performed on CeNbO4+δ and its isolated
oxidised phases (δ=0.08, δ=0.25) have also indicated such a reduction, however it is
not consistently observed between experiments [259]. It may arise from a combina-
tion of δ=0.08 phase reduction and other factors. Fits to peak A2 suggest gradual
Ce4+ reduction to a deficient stoichiometry with isothermal heating above the tran-
sition temperature, whilst fits that are inclusive of the edge region exhibit plateau
like behaviour. Both behaviours have been observed with replicated experiments
conducted on CeNbO4.25 and CeNbO4.08 respectively [259]. The δ=0.08 phase was
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Figure 5.8: Results of linear combination fitting the XANES spectra recorded on as-prepared
Ce0.9Sr0.1NbO4+δ heated dynamically at 10 °C min
–1 to 800 °C under static air. Every data file
was selected between 274-800 °C corresponding to the region of oxidation; every 5th file was
selected at all other temperatures.
shown to exhibit rapid reduction kinetics, affording the starting Ce4+ content (16%),
whilst δ=0.25 reduced over a longer period, eventually approaching a Ce4+ content
similar to the δ=0.08 phase [325]. However unlike Ce0.9Sr0.1NbO4+δ these phases
appeared to retain oxygen excess even after isothermal heating.
5.2.4 Thermal equilibration and cycling
The oxidation kinetics of CeNbO4+δ are fairly slow; only after several hours of
thermal equilibration does this system form the stable δ=0.25 phase [263]. In-
situ x-ray diffraction was performed on Ce1–xAxNbO4+δ heated isothermally to
examine the stoichiometry of the stable phase and the oxidation kinetics governing
its formation. Data were initially collected at the Alba Synchrotron (Chapter 3),
by isothermally heating each composition for 1 hour every 100 °C between 300-800
°C and at 600 °C on cooling. No evidence of oxidation was apparent-likely due to
sample compression, and so the experiment was replicated with a laboratory source.
Figure 5.9 shows the behaviour of Ce1–xCaxNbO4+δ heated isothermally to be very
similar to that presented in Figure 5.2 under dynamic conditions. Both composi-
tions oxidise to the δ=0.25 type stoichiometry at 300 °C, however Ce0.8Ca0.2NbO4+δ
now oxidises from the lower temperature of 300 °C, showing that the overall slower
heating regime has reduced the onset temperature of this process. Once again
Ce0.8Ca0.2NbO4+δ forms a phase visually representative of the δ=0.25 stoichiome-
try. Le-Bail extraction of the lattice parameters shows that the cell expands slightly
relative to dynamic treatment (Appendix B, Table B.2). This may reflect the lower-
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Figure 5.9: In-situ x-ray diffraction (laboratory source) of Ce1–xCaxNbO4+δ heated at 10 °C
min–1 under static air, 1 hour isothermal duration (totalling ≈11 hours per cycle). The asterisk
highlights the unknown reflection indicating the formation of a transient phase upon cooling.
ing in temperature of the oxidative and perhaps tetragonal regimes upon isothermal
heating; and Ce0.8Ca0.2NbO4+δ may begin reducing from a lower temperature. On
cooling the cell contracts more significantly and is accompanied by a shift of the
(200) reflection to lower angle, becoming more representative of the intermediate
position that this reflection occupies in the pattern of the parent phase CeNbO4.25.
This would imply that that Ce0.8Ca0.2NbO4+δ has oxidised further. The cell volume
is similar to CeNbO4.25 (310.95 A˚
3), however compensatory Ce4+ also contributes
to the contraction and the oxygen content is likely lower <δ=0.25 [253].
Ce0.9Ca0.1NbO4+δ shows greater convergence of the reflections at 700 °C, again
indicating the onset temperature of the tetragonal transition is lower. The struc-
tural data provided in Appendix B, Table B.2 show the δ=0.25 phase formed on
heating Ce0.9Ca0.1NbO4+δ isothermally, contracts slightly relative to dynamic heat-
ing, perhaps indicating further oxidation. On cooling Ce0.9Ca0.1NbO4+δ now forms
a δ=0.25 type phase only as expected, although the unidentified reflection at 600
°C (Figure 5.9) suggests it may pass through an intermediate phase. Similarly to
Ce0.8Ca0.2NbO4+δ, this is accompanied by a fairly significant reduction in cell vol-
ume, suggesting once again that the sample has further oxidised, possibly to the
stable stoichiometry of δ≈0.25.
To obtain better resolution of any dynamic behaviour and confirm the equilibrium
phase was obtained, Ce0.9Ca0.1NbO4+δ was heated at 10 °C min
–1 with data collec-
tion for 2 minutes every 5 °C (totalling 11 hours) (Figure 5.11, Table 5.3). Although
the total collection time between the two programs is the same (≈11 hours), the pro-
file is very different and so different behaviour might also be expected. However the
first cycle shows the predicted behaviour; formation of the δ=0.25 and δ=0 phase
mixture at 300 °C on heating. Similarly to strontium doped CeNbO4+δ, on cooling
the tetragonal reflections diverge to form the unusual tetragonal-monoclinic hybrid
(which was speculated from Figure 5.9 and indicated by an asterisk), however unlike
Ce0.9Sr0.1NbO4+δ, Ce0.9Ca0.1NbO4+δ also forms a similar phase on heating. Upon
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Figure 5.10: The (-121), (130) and (200) reflections of the Ce0.8Ca0.2NbO4+δ pattern shift to
higher angle with progressively longer thermal treatment.
heating for a second cycle, it is clear that the δ=0.25 phase is stable, no further
change in the lattice parameters are observed between completion of cycles 1 and 2.
Phase Cycle 1 Cycle 2
Heating δ=0 25-340 °C -
δ=0.25 277-754 °C 25-754 °C
Cooling δ=0.25 640-25 °C 640-25 °C
Table 5.3: The hyperstoichiometric phases of Ce0.9Ca0.1NbO4+δ identified from in-situ x-ray
diffraction (Figure 5.11).
Figure 5.12 presents in-situ x-ray diffraction of Ce0.9Sr0.1NbO4+δ isothermally
heated for 1 hour every 100 °C with two consecutive cycles. The longer heating
regime has as expected, resulted in different redox behaviour. The δ=0.08 stoi-
chiometry evolves from 300 °C, coexisting with the starting material before further
oxidation to δ=0.25 at 400 °C and becoming single phase between 5-600 °C. Compare
this to the data collected with dynamic heating (Table 5.1) which shows oxidation
to a δ=0.08+0.25 mixture from 345 °C. Unlike CeNbO4+δ or Ce1–xCaxNbO4+δ
however, the δ=0.25 phase is not formed on cooling, instead the δ=0.08 phase dom-
inates with weak reflections corresponding to the δ=0 phase. A second cycle was
therefore performed, however the phase mixture remains on heating (up to 600 °C)
and on cooling to room temperature; the diffraction patterns post cycle 1 and 2 are
virtually identical.
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Figure 5.11: In-situ x-ray diffraction (laboratory source) of Ce0.9Ca0.1NbO4+δ heated at 10 °C
min–1 under static air, data collection for 2 minutes every 5 °C (totalling ≈11 hours per cycle).
Every 10 °C is shown for clarity.
Figure 5.12: In-situ x-ray diffraction of Ce0.9Sr0.1NbO4+δ heated at 10 °C min
–1 under static air,
1 hour isothermal duration (totalling ≈11 hours per cycle).
Phase Sr=0.1 Sr=0.3 Sr=0.4
Heating δ=0 25-345 °C 25-334 °C 25-340 °C
δ=0.08 298-376 °C 267-531 °C 298-578 °C
δ=0.25 308-713 °C 298-640 °C 319-614 °C
δ=0.08 (2) 666-764 °C - -
Cooling δ=0.08 656-25 °C 593-25 °C 588-25 °C
Table 5.4: The hyperstoichiometric phases of Ce1–xSrxNbO4+δ identified from in-situ x-ray
diffraction collected for 2 minutes every 5 °C.
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Figure 5.13: In-situ x-ray diffraction of Ce1–xSrxNbO4+δ heated at 10 °C min
–1 under static air,
data collection for 2 minutes every 5 °C (totalling ≈11 hours per cycle). Data for
Ce0.6Sr0.4NbO4±δ is presented in Appendix B, Figure B.3.
Table 5.4 highlights the importance of thermal history in determining the hypersto-
ichiometry of CeNbO4+δ and its derivatives. In-situ measurements recorded for 2
minutes every 5 °C now show the stability range of the δ=0.08 (Ce0.9Sr0.1NbO4+δ)
phase to be even narrower in temperature relative to that presented in Figure 5.12.
Unlike Ce1–xCaxNbO4+δ (Table 5.3), Table 5.4 shows the δ=0.08 phase re-evolves
between 666-764 °C and accompanies the reduction and formation of the δ=0.25
and tetragonal phases respectively. On cooling to room temperature the tetragonal
reflections diverge and from 656 °C the δ=0.08 phase again forms, however with
weak reflections that are suggested to correspond the δ=0.25 phase.
This implies strontium doping hinders the oxidation kinetics and further equilibra-
tion is required. Both Ce0.7Sr0.3NbO4+δ and Ce0.6Sr0.4NbO4+δ show similar be-
haviour to Ce0.9Sr0.1NbO4+δ (Table 5.4) which might be expected given the calcu-
lated strontium content obtained by Rietveld refinement; x(0.1)=0.08, x(0.3)=0.167
and x(0.4)=0.206 (Chapter 4). The exception being, that the temperature range
over which the δ=0.08 phase is identified increases with doping and that of the
δ=0.25 decreases, indicating lowering of the transition temperature, which shall be
discussed further in 5.31. The temperature range at which these compositions are
mixed phase (δ=0.08+0.25) is essentially wider, leading to a lower mean value of
delta (δ) relative to 10% strontium doped CeNbO4+δ. This might be expected
if strontium does supress the hyperstoichiometry and oxidation kinetics. Unlike
Ce0.9Sr0.1NbO4+δ (yet similarly to Ce1–xCaxNbO4+δ), the δ=0.08 phase is not
formed on passing the transition, instead the tetragonal phase coexists with δ=0.25
until the transition is complete. With further doping re-oxidation on cooling for-
mally starts from a slightly lower temperature, reflecting the wider stability of the
tetragonal polymorph, to afford the δ=0.08 phase only at room temperature.
Ce0.9Sr0.1NbO4+δ has shown progressive oxidation with longer heating regimes; ini-
tially a δ=0+0.08 phase mixture formed (at 25 °C) after dynamic heating (Figure
5.1) however the stoichiometry increased to a δ=0.08+0.25 mixture after isother-
mal heating. To confirm whether the stable stoichiometry was afforded, in-situ
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Figure 5.14: In-situ x-ray diffraction of Ce0.9Sr0.1NbO4+δ heated at 60 °C min
–1 under static air,
3 hour isothermal duration every 200 °C.
x-ray diffraction was performed on Ce0.9Sr0.1NbO4+δ with isothermal heating for
3 hours every 200 °C (totalling 27 hours). Figure 5.14 shows Ce0.9Sr0.1NbO4+δ to
oxidise directly to the δ=0.25 phase at 300 °C, however even with lengthy ther-
mal treatment a δ=0.25+0.08 phase mixture forms on cooling. This is retained
with further cycling, the isolated δ=0.25 phase reforms at 500 °C only. Although
the relative fraction of the δ=0.25 phase has increased, this work shows the be-
haviour of Ce0.9Sr0.1NbO4+δ to be significantly different to both CeNbO4+δ. and
Ce1–xCaxNbO4+δ. The hyperstoichiometry in Ce1–xAxNbO4±δ reduces compared
to the parent material, which is expected after substitution of cerium with alkaline
earth cations. However the suppression is presented differently between strontium
and calcium doped CeNbO4+δ. Ce1–xSrxNbO4+δ was shown to form biphasic mix-
tures, whilst Ce1–xCaxNbO4±δ forms a phase representative of CeNbO4.25 but with
a lower oxygen content which supports the notion of phase field behaviour in the
CeNbO4+δ system. After thermal equilibration the predicted maximum oxygen
stoichiometries assuming half of the cerium sites are oxidised to the tetravalent
state (and considering the dopant content and subsequent compensatory Ce4+ con-
tent obtained by Rietveld refinement) are Ce0.9Sr0.08NbO4.21, Ce0.84Sr0.16NbO4.17,
Ce0.9Ca0.1NbO4.20 and Ce0.8Ca0.2NbO4.15. The calculated stoichiometries from
thermogravimetry are slightly lower than these predicted values for all compositions
except Ce0.9Ca0.1NbO4±δ (from TG, δ=0.23), which reflects kinetic hindrance of
the oxidation process due to the rapid ramp rate employed.
For Ce0.9Ca0.1NbO4±δ the discrepancy between the calculated and predicted sto-
ichiometry is small, however to confirm that the maximum hyperstoichiometry in
Ce1–xAxNbO4±δ does reflect conversion of half the cerium sites to Ce4+ further
measurements would be required. In principle higher stoichiometries may be at-
tainable. Ce1–xSrxNbO4+δ presents complex behaviour with notable hysteresis in
the stoichiometry between heating and cooling that is furthermore highly dependent
on thermal history. Whilst the oxidation process proceeds by the formation of two
phases, Figure 5.14 shows that a single δ=0.25 type phase is formed, albeit briefly.
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Similarly to the δ=0.25 type phases formed by Ce1–xCaxNbO4+δ, it raises the ques-
tion of phase field behaviour in Ce1–xSrxNbO4±δ too. Furthermore this may be
an indication of phase de-mixing-recombination of different phases with different
hyperstoichiometries and subsequently cerium valences [326].
5.3 The I41/a Transition
5.3.1 Dopant Influence
The previous in-situ x-ray diffraction work has shown some intriguing behaviours
with respect to the evolution of the tetragonal phase that have so far not been dis-
cussed. The large change in thermal expansion that accompanies the transition has
proven to be a key hindrance for LaNbO4 (Chapter 2) and so raising the onset of this
would certainly be beneficial for applications of proton conductivity [245]. Smaller
rare earth cations can raise the onset temperature considerably; however this is at
the consequence of reduced lattice volume and therefore higher activation enthalpies
[189]. CeNbO4+δ has a much higher transition temperature despite cerium being
adjacent to lanthanum in the periodic table. Table 5.5 provides tabulated values
of the onset and end temperature of the tetragonal transition for acceptor doped
CeNbO4+δ heated at 10 °C min
–1 with data collection every 5 °C for 2 minutes
(Figures 5.11 and 5.13).
CeNbO+δ
Heating I41/a Onset (T °C) 708
I41/a End (T °C) 780
Cooling Onset δ (T °C) 728
I41/a End (T °C) 703
Ce–xAxNbO+δ Ca=0.1 Ca=0.1 (2) Sr=0.1 Sr=0.3 Sr=0.4
Heating I41/a Onset 687 697 677 593 583
(T °C) I41/a End 759 759 769 748 718
Cooling Onset hybrid 754 754 759 723 697
(T °C) Onset δ 640 640 656 593 588
End hybrid 583 583 619 526 552
Table 5.5: Tabulated values of the tetragonal transition onset and end temperatures on heating
and cooling determined by in-situ x-ray diffraction recorded every 5 °C for 2 minutes.
All compositions (except Ce0.9Ca0.1NbO4+δ) show similar behaviour on heating,
the tetragonal phase evolves as a discrete phase, coexisting with that of its mon-
oclinic predecessor, the end point of which, was taken to be the temperature at
which no evidence of the oxidised phase was presented. Table 5.5 shows CeNbO4+δ
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to have the highest transition temperature, which reduces slightly upon 10% cal-
cium and strontium doping. The temperature range over which the transition is
spread is identical between CeNbO4+δ and Ce0.9Ca0.1NbO4+δ (72 °C) and similar
for Ce0.9Sr0.1NbO4+δ (92 °C). With progressive strontium doping the transition
temperature decreases, and is accompanied by an increase in the temperature range
at which this occurs (Ce0.7Sr0.3NbO4+δ over 155 °C and Ce0.6Sr0.4NbO4+δ over
135 °C).
Previous dynamic thermogravimetric studies (10 °C min–1) of CeNbO4+δ and the
isolated oxidised phases showed the transition temperature of CeNbO4.08 to be lower
(≈720 °C) than that of CeNbO4.25 (≈777 °C) and CeNbO4+δ (≈750 °C) from the
identification of the endothermic peak in DSC data [263]. This was attributed to
greater convergence of the a and c parameters and the low beta angle of CeNbO4.08
(β=91.32°, a-c=0.05 A˚) relative to the other phases (CeNbO4.25; β=93.34°, a-
c=0.24 A˚) (CeNbO4+δ; β=94.6°, a-c=0.38 A˚), since the transition is displacive,
and preceded by the gradual convergence of these parameters [253][208]. However
despite this, the transition occurs at a much higher temperature than LaNbO4
(β=94.03°, a-c=0.36 A˚)[5]. Certainly the un-oxidised form of CeNbO4.00 does have
a slightly higher beta angle (and a-c separation) relative to the rest of the series
(Figure 5.15), however this deviation appears insufficient to raise the transition tem-
perature so substantially. Furthermore on going across the rare earth series the beta
angle varies little, and the difference between a and c parameters actually reduces;
yet the transition temperature increases (Figure 5.15). The refined cell constants
of Ca1–xAxNbO4+δ (Appendix A) do not show any significant trend in beta angle
or convergence between a and c, and therefore this cannot explain the behaviour
exhibited in Table 5.5.
Considering the radius of Ce3+ (8-fold coordination 1.14 A˚), CeNbO4+δ should have
a transition temperature between A=La3+-Pr3+ on the curve presented in Figure
5.15 (between approximately 520-670 °C). However on heating, CeNbO4+δ becomes
oxidised forming Ce4+ with a radius of 0.97 A˚ which is similar to HoNbO4 (1.072
A˚) which has a transition temperature of ≈815 °C[208]. If only size effects are
considered, then this valence mixture might account for the observed transition at
temperatures between 7-750 °C. In this case CeNbO4.25 should have a higher tran-
sition temperature than CeNbO4.08, owing to a larger portion of Ce
4+ - which is
observed experimentally. A simple linear combination of Ce3+/Ce4+ radii of both
these phases versus their observed transition temperature places them in better re-
lation to the rest of the series (Figure 5.16). XANES analysis on CeNbO4.08 and
CeNbO4.25 recorded after heating at 10 °C min
–1 shows the Ce4+ valence to be
approximately 25% and 40% respectively at the onset of the transition at 700 °C,
which is a sufficient difference to account for the behaviour observed by thermo-
gravimetry [259]. In-situ x-ray diffraction collected isothermally (2 minutes every 5
°C) shows CeNbO4+δ to form a δ=0.08+0.25 phase mixture just before the transi-
tion (Appendix B, Figure B.4 Table B.3). Whilst no dynamic x-ray diffraction data
is available to corroborate this, it is possible that the same process occurs under such
conditions, and might explain why the endotherm corresponding to the transition
of CeNbO4+δ is observed intermediate between CeNbO4.08 and CeNbO4.25 [263].
Continuing these assumptions; the larger radii of Sr2+ (1.26 A˚) should lower the
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Figure 5.15: Variation of the beta angle and difference between a and c parameters (I12/a)
determined by McCarthy [206] as a function of rare earth radius. Values obtained by Brink et al
[253] and from refinement of single crystal x-ray diffraction data by Bayliss [259] for CeNbO4 are
also shown.
Figure 5.16: The tetragonal transition of RENbO4 as a function of rare earth radius in 8-fold
coordination. Linear combinations of Ce3+, Ce4+ and A2+ radius are calculated and presented
with observed transition temperatures identified by DSC endothermic peaks. A correction for
Ce0.8Ca0.2NbO4+δ (Ca=0.2 (XRD)) was made by estimating the transition temperature from
in-situ x-ray diffraction.
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phase transition and Ca2+ (1.12 A˚) being very similar but slightly smaller than Ce3+
might increase it. However this needs to be considered in addition to compensatory
Ce4+ and that generated upon oxidation. Higher doped compositions (particularly
Ce1–xCaxNbO4+δ) can accommodate greater compensatory Ce
4+, however as Sec-
tion 5.2 has shown, the level of oxidation differs from the parent material and is
also kinetically restricted. Linear combinations of the different cation radii were cal-
culated by considering the dopant concentrations obtained by Rietveld refinement
(Chapter 4) and assuming equal compensatory Ce4+. The oxygen content at the
temperature of the endothermic event presented in DSC recorded at a heating rate
of 10 °C min–1 was used to determine additional Ce4+ evolved through oxidation.
CeNbO4+δ was estimated assuming a 50:50 ratio of δ=0.08+0.25 which is observed
in the x-ray diffraction data presented in Appendix B.
The A site radius calculated for Ce1–xSrxNbO4+δ x=0.1, 0.2 (and Ca=0.1) cor-
respond well with the curve fitted to the literate values of RENbO4 (Figure 5.16).
The average radius of the A site in Ce1–xAxNbO4+δ is small, which reflects both the
smaller radius of calcium and greater compensatory Ce4+ content over strontium
doped CeNbO4+δ, the radius of which is significantly larger and has a lower solubility
limit. The difference between the calculated A site radii of 10% and 20% strontium
doped CeNbO4+δ is small, which is likely due to the comparable dopant content and
similar redox behaviours presented in the TG curve (Figure 5.5). The difference be-
tween 10% and 20% calcium doped Ce1–xCaxNbO4+δ however is more significant.
The oxygen content at the temperature corresponding to the endothermic peak is
δ=0.07 and δ=0.05 respectively. The additional 10% compensatory Ce4+ content of
Ce0.8Ca0.2NbO4+δ likely contributes to this difference. Ce0.8Ca0.2NbO4+δ however
falls anomalously below the fitted curve. The endothermic peak presented in Figure
5.5 is broad, and occurs at a much lower temperature than expected from in-situ
diffraction measurements. Figures 5.2 and 5.9 reveal that Ce0.9Ca0.1NbO4+δ is vir-
tually tetragonal at 700 °C which corresponds well with the observed endotherm at
686.6 °C. However even at 800 °C the tetragonal reflections of Ce0.8Ca0.2NbO4+δ
show the presence of shoulders suggesting the transition has not completed, and
which differs significantly from the suggested endotherm at 643.3 °C. Re-evaluation
of the calculated A site radius as a function of a higher speculated transition tem-
perature of 750 °C, conforms well with the rest of the data.
Whilst this analysis is very simplistic, its aim is to provide a plausible explanation for
the results shown in Table 5.5 and highlight that the transition has no correlation be-
tween beta angle, nor the convergence of a-c parameters at room temperature which
as Figure 5.15 has shown, actually has an inverse relationship. Instead empirically
it appears to depend on the A site radius; where the a and c parameters converge
at a lower temperature as the difference between the radius of A and B site cations
increases. As Figure 5.16 shows, a small decrease in A site radius from that of lan-
thanum (1.16 A˚) results in a substantial reduction in transition temperature, below
1.06 A˚ the increase in the tetragonal transition is not as significant. The transition
temperature is highly correlated with lattice dynamics and phonon modes, which is
further dependant on many factors including bonding strength (charge, radius) and
atomic mass. The transition temperature shows a correlation with lattice energy,
although this doesn’t account for the significantly higher transition temperature of
RETaO4; however local coordination is probably also an important factor which is
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not considered here[212][208].
Figure 5.17: In-situ x-ray diffraction of Ce0.7Sr0.3NbO4+δ at 10 °C min
–1 under static air, with
data collection for 2 minutes every 5 °C. Left and right hand Figures show evolution of the two
tetragonal phases respectively.
The temperature range of the tetragonal transition becomes wider with progressive
strontium doping; closer inspection of the diffraction patterns presented in Figure
5.13 reveal Ce1–xSrxNbO4+δ undergoes two transformations to tetragonal symme-
try. This is confirmed by inspection of the DSC curve which shows two endothermic
peaks at agreeable temperatures to the diffraction studies. For example Figure
5.17 (Ce0.7Sr0.3NbO4+δ), shows clear transformation from the δ=0.25 phase to the
first tetragonal phase, which remains stable briefly; with further heating the second
scheelite phase evolves at lower angle.
Ce0.9Sr0.1NbO4+δ appears to form the δ=0.08 phase (666-764 °C) which coexists
with that of δ=0.25, prior to reduction to the tetragonal polymorph (Figure 5.18).
However the DSC of Ce0.9Sr0.1NbO4+δ also presents two endotherms, the first at
668.9 °C corresponds well with the first evidence of this δ=0.08 phase at 666 °C, the
second at 701.2 °C is in agreement with the formation of the scheelite polymorph at
723 °C. The reflections of an initial (short lived) tetragonal phase may overlap with
that of the δ=0.08 phase.
The cause of this phenomenon may be a two-step reduction; the reflection positions
of the second tetragonal phase are shifted to low angle, which could result from
cerium reduction as oxygen is lost. Alternatively Ce1–xSrxNbO4+δ may be com-
positionally inhomogeneous, containing two phases, one of which is more strontium
rich (or Ce4+ deficient) than the other and undergoes the transition at lower temper-
ature. The refinements provided in Chapter 4, present consistent Lorentzian peak
asymmetry, which could not be modelled with size or strain parameters, and more
significantly, reflections that were truncated or exhibited ’shoulders’. Although the
latter was difficult to distinguish due to poor counting statistics, this feature ap-
peared to intensify with targeted strontium concentration, and could be expected
5.3. The I41/a Transition 163
Figure 5.18: In-situ x-ray diffraction patterns of Ce0.9Sr0.1NbO4+δ on heating (645-748 °C); the
δ=0.25 phase is stable up to 718 °C, and δ=0.08 type between 666-764 °C. On cooling (754-651
°C) the tetragonal reflections diverge to form an unusual hybrid phase.
given the solubility limit of strontium in CeNbO4+δ of ≈10-15%. Furthermore
dopant segregation may intensify with thermal cycling, a feature widely reported
in the literature [327]. The size differential created between Sr2+ and Ce4+ as
Ce1–xSrxNbO4+δ oxidises may decrease dopant solubility creating further composi-
tional changes. Examination of the integrated intensity of the secondary Sr2Nb2O7
phase found in the diffraction patterns after thermal cycling suggests this could be
the case.
Sr0.1 Sr=0.3 Sr=0.4
I41/a (1) Onset (T °C) 677 593 583
I41/a (2) Onset (T °C) - 661 640
I41/a (1) End (T °C) 769 748 718
Table 5.6: The onset temperature of two tetragonal phases identified by in-situ x-ray diffraction
collected on of Ce1–xSrxNbO4+δ at 10 °C min
–1 under static air, with data collection for 2
minutes every 5 °C
Calculation of the average A site radius of Ce0.9Sr0.1NbO4+δ and Ce0.7Sr0.3NbO4+δ
as a function of the temperature corresponding to the first low temperature en-
dotherm is also presented in Figure 5.16. It can be seen that the points do not
correlate well with the rest of the data, and indicates that at the observed tran-
sition temperature, the calculated radii should be much larger to fit on the curve
(≈1.13-1.14 A˚). Possibly a Ce1–xSrxNbO4.00 (Sr=0.1, 0.2) phase that has a lower
level of Ce4+ would meet this requirement, however without further analysis this
is only speculation. The unusual behaviour may further indicate mixing-de-mixing
reactions between different metastable phases of Ce1–xSrxNbO4±δ.
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5.3.2 Tetragonal Ce1–xAxNbO4±δ
Ce0.9Sr0.1NbO4+δ was investigated further via T.O.F neutron diffraction, by heating
to the transition temperature (700 °C) under static air, and allowing to equilibrate
over 1 hour. Table 5.7 provides selected parameters obtained by Rietveld refinement,
further details can be found in Appendix B, Table B.4. The Ce:Sr site ratio was
constrained to 92:8, however allowing this to refine gave an agreeable ratio and GOF
factors. Similarly, constraining the oxygen site occupancy with greater deficiency
only marginally decreased the GOF (for example O3.98 gave χ
2:7.522 Rwp:0.0224
Rp:0.0322). The peak shape could be modelled well, and no obvious evidence was
presented to suggest the sample were biphasic.
The cell volume of Ce0.9Sr0.1NbO4+δ is smaller than the parent material, and a
slight oxygen deficiency was refined. This is in agreement with the XANES analysis
presented in Section 5.2.3 where Ce0.9Sr0.1NbO4+δ was heated dynamically under
static air, which shows most of the compensatory Ce4+ is retained upon passing the
phase transition. However the Ce4+ content Ce0.9Sr0.1NbO4+δ was shown to reduce
slightly relative to the starting phase and a speculated deficiency of approximately
δ=-0.005 was calculated, in agreement to that presented in Table 5.7. Although
these are very small deficiencies, three techniques have hinted at the tetragonal
polymorph being slightly deficient under oxidising conditions.
Ce0.9Sr0.1NbO4 CeNbO4
Space Group I41/a I41/a
a=b (A˚) 5.3626(1) 5.3732(1)
c (A˚) 11.5328(3) 11.5778(2)
β (°) 90.0 90.0
ρ (g cm–3) 5.863 -
V (A˚3) 331.65(2) 334.27(1)
Mr 1170.90 -
Ce 0.92 -
Sr 0.08 -
Nb 1.0 -
O(1) 0.99(4) -
Table 5.7: Selected refined structural parameters of tetragonal Ce0.9A0.1NbO4+δ and CeNbO4
[263] obtained by rietveld refinement of T.O.F neutron diffraction data recorded under static air
at 700 °C. Further parameters can be found in Appendix B.
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5.4 Structural transformations of oxygen hypos-
toichiometric Ce1–xAxNbO4–δ
5.4.1 In-situ x-ray diffraction and XANES study
As an extension to Chapter 4, Section 4.3.2 simultaneous in-situ x-ray diffrac-
tion and XANES measurements were performed re-heating 5% H2/N2(g) reduced
Ce0.9Sr0.1NbO4+δ back in air at 10 °C min
–1 to investigate the re-oxidation capa-
bility and kinetics. Figure 5.19, presents the cerium valence as a function of time;
data were treated in the same manner to that described in Chapter 4 and show
as expected, that the sample re-oxidises. The cerium valence increases on heating
above 280 °C and continues to do so with progressive heating. At the transition
temperature, the cerium valence decreases slightly and then plateaus; maintaining a
level of Ce4+ which would render the sample still oxygen deficient. Cooling leads to
continued re-oxidation, and at room temperature the Ce4+ content is comparable
to that of as-prepared Ce0.9Sr0.1NbO4+δ. The corresponding x-ray diffraction data
showed convergence of the reflections, with no evidence of modulation.
Figure 5.19: Results of linear combination fitting in-situ XANES spectra recorded on
pre-annealed Ce0.9Sr0.1NbO4+δ (1 hour under (5% H2/N2(g) at 800°C ) heated dynamically at
10 °C min–1 under static air. The data presented is the mean value of Ce3+ taken at each
temperature with its corresponding standard deviation.
Despite the same atmosphere and ramp rate being applied to as-prepared
Ce0.9Sr0.1NbO4+δ (Figure 5.7), the degree of oxidation in Figure 5.19 is much lower,
suggesting the oxidation kinetics of the hypostoichiometric phases are slower. How-
ever it is envisaged that heating for a second cycle might lead to similar behaviour
to that presented in Figure 5.7, with oxidation to the δ=0.08 (or δ=0.08+δ=0.08)
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stoichiometry. Previous dynamic thermogravimetric studies (with a ramp rate of 20
°C min–1) of CeNbO4 reduced under argon to remove the δ=0.08 secondary phase
that forms during quenching, showed very different behaviour redox behaviour to
as-prepared CeNbO4+δ. Pre-annealed CeNbO4 achieved a maximum stoichiometry
of δ=0.04 which is lower than that of CeNbO4+δ (δ=0.08), suggesting the oxidation
kinetics of the minor secondary δ=0.08 phase found in the as-prepared material are
more rapid. This was further indicated by XANES measurements of the isolated
δ=0.08 and δ=0.25 [325]. Ce0.9Sr0.1NbO4–δ may therefore show comparable be-
haviour to argon reduced CeNbO4.00 in which the oxidation kinetics are slower than
the as-prepared material which contains the δ=0.08 phase [263].
5.4.2 Isothermal in-situ x-ray diffraction
Under reducing atmospheres, as-prepared and pre-annealed (reducing conditions)
CeNbO4 phases are not expected to undergo structural modulation, but instead,
display a gradual and smooth convergence of a and c parameters with progressive
heating towards the phase transition, analogously to LaNbO4. The onset temper-
ature of the transition, is anticipated to be lower relative to oxidised CeNbO4+δ
phases due to the absence of additional Ce4+ generated upon oxidation. How-
ever in-situ diffraction was performed to confirm this and the absence of any usual
behaviour resulting from cerium valence dynamics - recalling that CeNbO4.25 for
example, undergoes unexpected reduction - re-oxidation cycles [259].
Figure 5.20: In-situ x-ray diffraction (laboratory source) of pre-annealed (24 hours dry 5%
H2/N2(g)) Ce0.9A0.1NbO4–δ at 10 °C min
–1 under static air. Data collection for 1 hour every 100
°C.
Figure 5.20 presents in-situ x-ray diffraction patterns of pre-annealed (24 hours dry
5% H2/N2(g) Ce0.9A0.1NbO4–δ (A= Sr, Ca) collected under an inert atmosphere
of nitrogen. It is immediately clear that the transition temperature is lower, c.f.
Figures 5.9 and 5.12 which show Ce0.9A0.1NbO4+δ (A=Sr, Ca) to adopt monoclinic
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symmetry at 700 °C. Figure 5.20 shows both compositions to be virtually tetrago-
nal at this temperature, the peak positions of Ce0.9Ca0.1NbO4+δ however are not
completely converged, reflecting the lower transition temperature that the strontium
dopant generates. However even under reducing atmosphere this is still considerably
higher (between 6-700 °C) than LaNbO4 (≈520 °C) [209]. Between 25-400 °C the a
and c parameters converge, and the beta angle decreases. However as the patterns
in Figure 5.20 show, this is discontinuous between 4-500 °C, and the reflections cease
to converge. This is easily represented by plotting the results of Le-Bail extraction
as a function of temperature (Figure 5.21).
Cell parameters obtained by Rietveld refinement of T.O.F neutron diffraction data
collected from argon reduced Ce0.9Sr0.1NbO4+δ heated under vacuum are shown
for comparison. The cell constants of 5% H2/N2(g) annealed Ce0.9A0.1NbO4+δ
are larger, reflecting the different atmosphere and findings presented in Chapter 4,
and appear to show greater convergence up to 400 °C. This would be expected if
hydrogen annealing reduces compensatory Ce4+ to Ce3+ (increasing the average
radius of the A site). From 500 °C however the cell parameters mimic that of argon
reduced Ce0.9Sr0.1NbO4+δ, and it appears hydrogen reduced Ce0.9A0.1NbO4+δ has
effectively ’oxidised’.
Figure 5.21: Cell constants of pre-annealed (24 hours dry 5% H2/N2(g)) Ce0.9A0.1NbO4–δ heated
under nitrogen atmosphere (Le-Bail) and pre-annealed (Ar(g)) Ce0.9A0.1NbO4–δ heated under
vacuum (Rietveld).
Since pre-annealing is believed to only partially reduce the cerium valence, further
reduction is plausible, however this would increase the cell volume further relative
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to thermal expansion. The discontinuity is towards a more contracted cell at 400
°C which implies the opposite has occurred. Air leakage could account for such
behaviour, however as Figure 5.19 shows, re-oxidation would be expected to occur
at 300 °C, and since the programme involved isothermal heating for several hours,
oxidation beyond δ=0 would also be expected. This discontinuity may reflect an
ordering transition on the cerium sublattice, however further structural work would
be required to investigate this further.
5.5 Summary and conclusions
Similarly to CeNbO4+δ, Ce1–xAxNbO4+δ phases also undergo oxidation to form
modulated superstructures of the parent cell; the onset temperature of this process
decreases with thermal equilibration and the phases become progressively hypersto-
ichiometric. With higher dopant concentrations of both calcium and strontium, the
magnitude of oxidation is found to decrease, which is expected after replacement of
the redox active species Ce4+ with alkaline earth dopants. Ce1–xCaxNbO4±δ and
Ce1–xSrxNbO4±δ were found to exhibit very different behaviour however. Unlike
the parent material CeNbO4+δ in which the δ=0.25 stoichiometry was shown to
be relatively stable after thermal equilibration, Ce1–xSrxNbO4±δ afforded a lower
stoichiometry composed of δ=0.08 and δ=0.25 phase mixtures, somewhat analogous
to Lanthanum doped CeNbO4+δ in which a preference for the δ=0.08 stoichiome-
try was found on increasing the ratio of La/Ce on the A site [263]. However this
work indicated more complex behaviour, in which Ce1–xSrxNbO4±δ underdoes two
monoclinic-tetragonal transitions and furthermore shows alternation of the relative
δ=0.08 and δ=0.25 phase fraction which appears to be particularly sensitive to ther-
mal history. However the stoichiometry generally increases (after thermal cycling),
implying the strontium dopant might also hinder the oxidation kinetics.
It is suspected that this unusual and relatively dynamic behaviour may reflect phase
mixing-de-mixing reactions, and represent a rather metastable system and (or) a
multicomponent system composed of phases of different strontium contents and hy-
perstoichiometries. Conversely Ce1–xCaxNbO4±δ is suggested to present phase field
behaviour. Similarly to the parent material a δ=0.25-type stoichiometry is attained
after relatively short equilibration, however the hyperstoichiometry was found to be
lower, particularly in the case of Ce0.8Ca0.2NbO4±δ, suggesting the commensurate
modulation may correspond to a range of delta values, as was previously suspected
of the CeNbO4+δ system.
The transition to tetragonal symmetry was found to correlate with A site radius; the
transition temperature decreases with strontium doping and increases with calcium
doping (>20%) reflecting their respective ionic radii, solubility limits and affinities
for excess oxygen. The temperature range over which the transition to tetragonal
symmetry occurred was found to increase with strontium doping. This was due to
the consecutive formation of two tetragonal phases.
Chapter 6
Phase and Microstructural
Stability
6.1 Introduction
An understanding of the key microstructural features of a material is essential due to
their strong influence on physical properties particularly electrochemical transport.
The aim of this Chapter is to examine the phase and microstructural stability of
moderately acceptor doped CeNbO4+δ with respect to various processing conditions.
In particular the density and quality of microstructures of Ce1–xAxNbO4+δ sintered
at different temperatures in preparation for the final Chapter will be examined, and
will also provide further insight to the solid solubility of the dopant. This chapter will
also investigate routes for the preparation of dense Ce1–xAxNbO4+δ with reduced
cerium valence, with potential application as a proton conductor. A preliminary
examination of the chemical stability of Ce1–xAxNbO4+δ under protonic and acidic
media is also presented, and will furthermore provide insight into the behaviour of
Ce1–xAxNbO4+δ under humidified conditions.
6.1.1 Sintering of CeNbO4 and LaNbO4
For certain electrochemical applications or experiments, densities in excess of >95%
are required to avoid gas leakage. Traditionally both CeNbO4 and LaNbO4 have
been sintered at 1500 °C for 18 hours and 6 hours respectively, achieving densities
in agreement with this threshold value [263][230]. Specifically, dilatometric studies
of CeNbO4 show densification to commence from 1000 °C, and continue beyond the
capabilities of the equipment (1400 °C), however no further studies have sought to
determine microstructural properties as a function of different sintering conditions
[263]. More detailed investigations performed on LaNbO4 show a maximum density
of 96% is achieved after sintering between 1200-1300 °C for 6 hours, declining only
marginally to 95% between 1400-1500 °C [230]. Acceptor doped LaNbO4 analogues
similarly reach maximum densities of between 96-97% (based on an average particle
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size of 1µm) [230]. Upon strontium doping, the peak rate of densification is shown
to decrease in temperature from ≈1300 °C (x=0.005) to ≈1100 °C (x=0.02), only
at the 2% level does sintering at higher temperature (1500 °C) become detrimental
to the density achieved (92%). The density of 2% Ca-doped LaNbO4 was shown to
be stable between 1200-1500 °C, whilst the barium analogue becomes progressively
porous at temperatures above 1100 °C [230].
6.2 Densification and microstructural analysis
6.2.1 Dilatometric studies of Ce1–xAxNbO4+δ
Figure 6.1.A presents linear shrinkage curves for Ce1–xAxNbO4±δ prepared ac-
cording to Chapter 3, Section 3.11, heated dynamically (10 °C min–1) with
further isothermal heating at 1400 °C until no further shrinkage was recorded.
Ce1–xCaxNbO4±δ begins to densify at 1012 °C, whilst Ce0.9Sr0.1NbO4±δ and
Ce0.8Sr0.2NbO4±δ begin at 903 °C and 1173 °C respectively. The temperature at
which the rate of densification is most rapid, decreases with progressive strontium
doping similarly to LaNbO4. Dopants alter the nature and concentration of point
defects and may influence more than one diffusion mechanism and consequently the
kinetics of sintering. The maximum rate determined by heating to the capabilities
of the equipment (1400 °C) for Ce0.9Sr0.1NbO4±δ and Ce0.8Sr0.2NbO4±δ was 1371
°C and 1263 °C, respectively. For Ce0.9Ca0.1NbO4±δ and Ce0.8Ca0.2NbO4±δ it was
1342 °C and 1374 °C respectively.
Figure 6.1: A: Linear shrinkage curves of as-prepared Ce1–xAxNbO4±δ recorded under static air
at 10 °C min–1 (25-1400 °C) with isothermal heating at 1400 °C (dashed line). A inset: Shrinkage
rate. B: Expansion portion of the dilatometric curve.
However to understand the effect of temperature on the density and microstruc-
ture, Ce1–xAxNbO4±δ was sintered at 1200 °C, 1300 °C, 1400 °C and 1500 °C for
18 hours under static air (Chapter 3, Section 3.1.2). Figure 6.2 compares the rela-
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tive densities of Ce1–xAxNbO4±δ sintered at the various temperatures, and shows
the density increases with sintering temperature. This is supported by SEM mi-
crographs (cf. Figure 6.9) which show that only between 1400-1500 °C is there a
significant reduction in porosity. This work has shown that by sintering at slightly
lower temperatures (≈1400-1450 °C), the density of CeNbO4 reduces from ≈95% to
88-90%, indicating that 1500 °C is a suitable choice.
Figure 6.2: Relative density as a function of sintering temperature, determined by the
Archimedes method (18 hours, 10 °C min–1 heating rate 5 °C min–1 cooling rate).
In agreement with previous dilatometric studies of CeNbO4+δ, the thermal ex-
pansion characteristics of Ce1–xAxNbO4±δ correlate strongly with redox behaviour
(Chapter 5). As oxygen is incorporated into the structure with the simultaneous
oxidation of cerium to the tetravalant state the unit cell contracts. Qualitatively
Figure 6.1B suggests the level of oxidation follows the order Ce0.9Ca0.1NbO4±δ
>Ce0.8Ca0.2NbO4±δ >Ce0.9Sr0.1NbO4±δ >Ce0.8Sr0.2NbO4±δ. Dynamic x-ray
diffraction measurements performed at a heating rate of 10 °C min–1 (Chap-
ter 5, Section 5.2.1) showed Ce0.9Ca0.1NbO4±δ oxidised to δ=0.25 phase, and
Ce0.9Sr0.1NbO4±δ and Ce0.8Sr0.2NbO4±δ to a mixture of δ=0.08 and δ=0.25, with
the level of hyperstoichiometry being lower for the latter and following the gen-
eral order of decreasing oxygen content Ce0.9Ca0.1NbO4±δ >Ce0.9Sr0.1NbO4±δ
>Ce0.8Sr0.2NbO4±δ. Whilst thermal expansion will offset the contraction, Fig-
ure 6.1B suggests that the ambiguous phase formed by Ce0.8Ca0.2NbO4±δ on ox-
idation has an oxygen stoichiometry intermediate between Ce0.9Ca0.1NbO4±δ and
Ce0.9Sr0.1NbO4±δ. The thermal expansion coefficient of Ce1–xAxNbO4±δ is ex-
pected to be similar to the parent material (average TEC 12.03 x 10–6 K–1 between
25-800 °C) but will vary depending on the redox behaviour after sintering and ther-
mal cycling [263].
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6.2.2 Microstructure of as-sintered Ce1–xAxNbO4+δ
To investigate the effect of doping on grain growth, compositional homogeneity
and porosity, samples of Ce1–xAxNbO4±δ were sintered at 1500 °C for 18 hours and
their microstructures compared using a combination of scanning electron microscopy
(SEM) and energy dispersive x-ray spectroscopy (EDXS). Similarly to CeNbO4+δ,
as-sintered Ce1–xAxNbO4±δ afforded a fairly wide distribution of grain sizes. This
might be expected from SEM images of the green bodies (Appendix C, Figure C.1)
which show a wide distribution of irregular particle shapes and sizes and which is
likely a consequence of the solid state reaction and ball milling methods. Large
particles and grains in the green body can coarsen more rapidly owing to their size
differential which was first described by Hillert [328]. Previous studies of LaNbO4
have shown various levels of grain size distribution depending on the starting pow-
der characteristics and sintering method, but have mostly been narrowly distributed
[230][329]. However a broad distribution may be the result of abnormal or exagger-
ated grain growth resulting from variations in grain boundary energy or mobility.
All samples show a small degree of microcracking, which is expected to arise from
thermal expansion anisotropy of the grains which create residual stresses during
cooling and lead to spontaneous cracking. This effect is exacerbated in anisotropic
crystal structures such as CeNbO4+δ [330].
Figure 6.3: SEM micrographs of CeNbO4+δ and Ce1–xAxNbO4±δ pellets sintered at 1500 °C for
18 hours in air.
Table 6.1 provides average grain sizes estimated using the linear grain intercept
method (AGI) [331]. Ce0.9Sr0.1NbO4±δ, Ce0.9Ca0.1NbO4±δ and Ce0.8Ca0.2NbO4±δ
have a reduced average grain size relative to un-doped CeNbO4+δ, whilst
Ce0.8Sr0.2NbO4±δ has a vastly inflated grain size, and is accompanied by visual
evidence of secondary phases with needle-like morphologies at the grain boundaries.
Alteration of grain boundary mobility upon doping, particularly at moderate con-
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centrations such as these, is expected due to variations of the concentration of both
dopants and point defects. For example at very low dopant concentrations it was
shown for doped CeO2 that cation mobility increases with vacancy concentration,
and dopants of a similar radius to the host (e.g. Y, Gb) which have a lower ten-
dency to associate with vacancies, provide fast grain boundary mobility [332]. At
defect concentrations corresponding to an extrinsic regime however, grain growth
suppression is likely to proceed by the mechanism of solute drag.
CeNbO+δ Sr=0.1 Ca=0.1 Sr=0.2 Ca=0.2
(µm) (µm) (µm) (µm) (µm)
94.86 ± 15 60.60 ± 3 69.86 ± 5 171.28 ± 13 74.95 ± 6
Table 6.1: The grain size of Ce1–xAxNbO4±δ determined by the average grain intercept (AGI)
method using a total of 30 lines .
Dopants may segregate to interfaces such as grain boundaries, internal pore sur-
faces or external free surfaces of particles and dense bodies, a phenomenon which
is widely reported in the literature and described in detail elsewhere [327][333][334].
The diffusion of dopants may be driven by elastic strain generated by ionic radii
mismatching between the host, or chemical bonding effects relating to coordination
and bond strength. Electrostatic interactions between solutes and the grain bound-
ary core can also result in segregation and may result in, or be influenced by space
charge regions. At grain boundaries the dopant and grain boundary core or space
charge region have a strong interaction, so that during grain growth, the solute is
carried with the moving boundary. However the diffusivity of the dopants will differ
from the host species, and generate a retarding force to grain boundary mobility.
In the case of CGO, it was found that the activation energy increased and grain
boundary mobility decreased with dopant radius [332][335].
The reduced average grain size at the 10% dopant level may therefore be at-
tributed to grain boundary solute drag which impedes grain growth. Taking a
purely speculative stance, the slightly lower average grain size of Ce0.9Sr0.1NbO4±δ
over Ce0.9Ca0.1NbO4±δ may relate to the larger radius of strontium over calcium,
although this should be cautioned given that the AGI method is only an estima-
tion. However, the larger radius of strontium could result in greater segregation
due to elastic strain, and create a larger solute cloud. Another mechanism of grain
growth inhibition is by Zener pinning, where secondary phase particles terminate
grain growth. Although no secondary phases were identified by diffraction methods
for Ce0.9Sr0.1NbO4±δ and Ce0.9Ca0.1NbO4±δ, this phenomenon cannot be ruled
out [336]. Conversely Ce0.8Sr0.2NbO4±δ has vastly larger grains despite a higher
dopant concentration relative to Ce0.9Sr0.1NbO4±δ.
A possible explanation for this could be grain boundary wetting, which has the
opposite effect of enhancing mobility at the boundary. The solid may dissolve in
liquid interfaces at higher energy convex or compressed regions, or from smaller
grain sites. After diffusion in the liquid medium, precipitation may then occur on
lower energy regions such as larger grains or concave and non-compressed sites.
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This can lead to grain growth and also aid densification. As presented in Chapter 4,
as-prepared Ce0.8Sr0.2NbO4±δ had detectable levels of Sr2Nb2O7 secondary phase,
Sr2Nb2O7 and SrNb2O6 have melting points of 1610 °C and 1500 °C respectively,
with a eutectic point at 1450 °C [337]. At the sintering temperature of 1500 °C, it is
therefore feasible that secondary phase particles melted and promoted uniform grain
growth via wetting mechanisms. On cooling, the liquid phase may have recrystallized
to afford the anisotropic morphologies presented in the micrograph.
It can be seen from figure 6.3 that despite the slightly lower average grain size of
Ce0.9Sr0.1NbO4±δ, there is a greater size distribution relative to Ce0.9Ca0.1NbO4±δ.
Although no secondary phases were identified (Chapter 4), both XANES and diffrac-
tion studies suggest the dopant concentration may be below the target 10%. The
wider grain size distribution may result from a small degree of abnormal grain
growth, resulting from compositional inhomogeneities. Like Ce0.8Sr0.2NbO4±δ, liq-
uid phases may be present although in much lower concentrations and localised to
certain grain boundaries, leading to non-uniform wetting only, which has been ob-
served in other systems [338]. Ce0.9Ca0.1NbO4±δ and Ce0.8Ca0.2NbO4±δ have very
similar microstructures, and neither composition presented evidence of secondary
phases by diffraction techniques. The larger average grain size of Ce0.8Ca0.2NbO4±δ
may indicate wetting, but this cannot be commented on further given the AGI
method.
Composition Ce (at%) A+ (at %) Nb (at%) O (at%)
CeNbO4 16.7 - 16.7 66.6
19.18 ± 0.42 - 18.82 ± 0.29 62.00 ± 0.65
Ce0.9A0.1NbO4 15 1.6 16.7 66.6
Sr=0.1 17.12 ± 0.88 1.87 ± 0.11 18.74 ± 0.47 62.27 ± 1.37
Ca=0.1 16.93 ± 4.92 1.80 ± 0.27 17.88 ± 1.73 63.39 ± 5.96
Ce0.8A0.2NbO4 13.3 3.3 16.7 66.6
Sr=0.2 16.23 ± 0.63 2.43 ± 0.18 18.11 ± 0.28 63.23 ± 1.14
Ca=0.2 15.42 ± 0.52 3.5 ± 0.12 18.42 ± 0.38 62.66 ± 0.96
Table 6.2: Average atomic percentage of each constituent (A indicates alkaline earth dopant) of
as-sintered Ce1–xAxNbO4±δ, calculated by EDXS at the grain interior. Standard deviations are
calculated over many spectra from randomly positioned sample sites. Theoretical atomic
percentages are shown in bold.
To further investigate secondary phase formation in Ce1–xAxNbO4±δ, energy dis-
persive x-ray spectroscopy (EDXS) and electron back scattering detection (BSE)
methods were enployed. Table 6.2 provides average atomic percentages of each
constituent by recording multiple EDXS spectra within the grain interior. The con-
stituent percentages are in reasonable agreement with the target values for all com-
positions except Ce0.8Sr0.2NbO4±δ, which is depleted of strontium and corresponds
approximately to 14.5% strontium content which is lower than that calculated by
Rietveld refinement (16%) (Chapter 4). The ESD’s calculated from many spectra in-
dicate good homogeneity of the bulk. However, for a given spectrum the uncertainty
can be as high as ±5%, arising from the microscope detector and data processing
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[339]. Furthermore, the depth of the grain or region of interest from the sample sur-
face in relation to the beam interaction volume is unknown. Therefore minor bulk
compositional changes that result from grain boundary segregation for the other
samples are not so distinguishable. Segregation analysis on otherwise visually clean
grain boundaries is not reliable via SEM-EDXS, instead transmission electron mi-
croscopy (TEM-EDXS) or other surface techniques are preferable for investigating
this further.
However all but Ce0.9Ca0.1NbO4±δ presented detectable secondary phases at the
grain boundaries, as shown by Figures 6.4-6.6. Micrographs for Ce0.8Sr0.2NbO4±δ
show prominent secondary phase formation as expected, with the possible and ap-
proximate composition SrNb2O6 based on the Sr : Nb ratio. Low levels of cerium
may be detected from the neighbouring bulk matrix, or precipitated during sin-
tering. Closer inspection of Ce0.9Sr0.1NbO4±δ (Figure 6.4) shows evidence for the
predicted secondary phase (SrNb2O6), although in much lower quantities than in
Ce0.8Sr0.2NbO4±δ and not widely distributed throughout the sample, which may
correspond with the hypothesised abnormal grain growth. Ce0.9Ca0.1NbO4±δ pre-
sented clean grain boundaries with no evidence of secondary phases.
EDXS at the grain boundaries gave similar atomic percentages to the bulk (Ce;
14.50 Ca; 1.83 Nb; 19.82 O; 63.85) however TEM with EDXS is required to evaluate
dopant segregation with the potential promotion of solute drag. Ce0.8Ca0.2NbO4±δ
also presented clean grain boundaries, except for isolated secondary phases again cor-
responding to approximately CaNb2O6 shown in Figure 6.6. Similarly, Ca2Nb2O7
and CaNb2O6 melt at 1576 °C and 1560 °C respectively, with a eutectic temperature
of 1492 °C [340]. Levels of secondary phases undetectable by x-ray diffraction may
therefore have again melted during sintering, but unlike Ce0.8Sr0.2NbO4±δ are in
very low concentrations.
Figure 6.4: BSE and SE electron micrographs of as-sintered Ce0.9Sr0.1NbO4±δ.
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Spectrum Ce (at%) Sr+ (at %) Nb (at%) O (at%)
1 3.10 8.35 21.68 66.89
2 6.36 9.56 24.84 59.24
3 3.88 9.35 25.49 61.28
4 4.96 6.94 20.26 67.84
Table 6.3: Atomic percentage of each constituent for Ce0.9Sr0.1NbO4±δ determined by EDXS
spectra collected at the grain boundary as shown in Figure 6.4.
Figure 6.5: BSE and SE electron micrographs of as-sintered Ce0.8Sr0.2NbO4±δ.
Spectrum Ce (at%) Sr+ (at %) Nb (at%) O (at%)
1 1.55 10.06 19.33 69.04
2 1.28 7.19 14.74 76.79
3 1.91 16.80 20.36 60.94
4 2.04 16.72 20.21 61.04
Table 6.4: Atomic percentage of each constituent for Ce0.8Sr0.2NbO4±δ determined by EDXS
spectra collected at the grain boundary as shown in Figure 6.5.
Figure 6.6: BSE and SE electron micrographs of as-sintered Ce0.8Ca0.2NbO4±δ.
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Spectrum Ce (at%) Ca+ (at %) Nb (at%) O (at%)
1 5.93 21.87 52.31 19.89
2 1.87 13.76 32.40 51.95
3 1.24 9.45 22.36 66.95
4 1.27 10.25 24.53 63.96
Table 6.5: Atomic percentage of each constituent for Ce0.8Ca0.2NbO4±δ determined by EDXS
spectra collected at the grain boundary as shown in Figure 6.6.
Backscatter electron (BSE) images from Figures 6.4-6.6 confirm the presence of
a residual liquid phases post sintering. However unlike the pellet surface, after
polishing several hundred or more microns of material the sample interior presents
only minor quantities of the second phase. In fact they were very isolated even in
the case of Ce0.8Sr0.2NbO4±δ, which is shown further by x-ray diffraction in Figure
6.7. In addition to grain boundary segregation, surface segregation of dopants in
sintered bodies is also widely reported. For example the segregation region in both
poly- and single crystalline ZrO2 increases with annealing temperature and has a
compositional dependence [341]. Similarly Ce0.8Y0.2O1.9 phases form on the surface
of the proton conductor Y-doped BaCeO3 sintered above 1250 °C, which increases
with sintering temperature until it becomes the dominant phase at 1450 °C [342].
However this was attributed to barium vaporisation from the surface, and could
be minimised by sintering in a powder bath of the same composition and polishing
the exterior. Indeed the composition of the secondary ’ANb2O6’ (A=Sr
2+, Ca2+)
phase does differ from that identified in the as-sintered powders (A2Nb2O7), however
compositionally it is nearly equivalent between the surface and pellet interior. The
surface segregation of dopants with subsequent precipitation of ANb2O6 could be
a contributing factor, although the phase is located almost exclusively at the grain
boundaries.
An alternative explanation might be re-distribution of the liquid phase in the final
stages of sintering, or ’glass/liquid phase expulsion’. Such phenomena have been
observed in doped ZrO2 sintered at high temperature. Silica impurities in zirco-
nia and YSZ melt and form liquid phases during sintering, the final dense bodies
of ZrO2 phases show what in some cases can be an extreme collection of grain
boundary precipitates or large glassy droplets primarily on the specimen surface
[343][344]. As sintering and grain growth progresses the internal area for the liquid
phase decreases, increasing the internal pressure. The liquid phase then experiences
a pressure gradient and moves towards the surface. The amount of expelled liquid
depends on the internal pressure generated as the internal area decreases, for ZrO2
this was shown to be linear [343]. Given that residual liquid phases are evident from
BSE images for the Ce1–xAxNbO4 materials, it is possible that in the final stages
of sintering liquid was expelled and recrystallized on the surface on cooling.
The analysis suggests the formation of a liquid phase with an approximate com-
position of ANb2O6 during sintering. Whilst diffraction methods (Chapter 4)
clearly showed the secondary phase in as-prepared Ce1–xAxNbO4±δ (Sr≥20% and
Ca≥30%), corresponds to A2Nb2O7. According to the SrO – Nb2O5 phase diagram
(Appendix C, figure C.2), when Nb2O5 – SrO >0.5, a liquid phase can form above
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Figure 6.7: X-ray diffraction patterns of Ce0.8Sr0.2NbO4±δ pellets sintered at different
temperatures, and the same pellet sintered at 1500 °C before and after polishing. Red asterisks
highlight the secondary phase, green asterisks highlight δ=0.08 phase.
≈1330 °C, which corresponds to the eutectic point of SrNb2O6 and Sr2Nb10O27
[337]. Figure 6.9 provides SEM micrographs of Ce0.8Sr0.2NbO4±δ pellet surfaces
sintered at 1200 °C, 1300 °C, 1400 °C and 1500 °C for 18 hours. The images show
progressive reduction of pore diameter and increasing grain size with some isolated
secondary phase particles. However between 1400-1500 °C there is a remarkable
increase in the grain size and the SrNb2O6-type phase on the surface, which is also
apparent by x-ray diffraction (Figure 6.7). This suggests melting mainly occurs
between 1400-1500 °C.
The exact composition of the Sr2Nb2O7 phase in as-prepared Ce0.8Sr0.2NbO4±δ is
not known, for example the phase may be strontium deficient but crystallograph-
ically analogous to the structure of pure Sr2Nb2O7. The eutectic point between
Sr2Nb2O7 and SrNb2O6 at 1450 °C corresponds to the melting of a eutectic com-
position of 56% SrO and 44% Nb2O5 with an A to B site ratio of 0.64:1. The
liquidus line between the eutectic composition and complete dissolution of remnant
SrO crystals is steep (Appendix C, Figure C.2), so heating to the sintering temper-
ature of 1500 °C would increase the SrO content by 1% with an A:B site ratio of
0.66:1. According to the CaO – Nb2O5 phase diagram (Appendix C, Figure C.3) a
melt with Ca : Nb ratio of 0.75:1 could form at 1492 °C, and similarly the composi-
tion would change little at 1500 °C [340]. Re-distribution of the liquid or a residual
non-melt phase during sintering and grain growth might lead to crystallisation of
the melt composition on cooling with unintentional fractionation. The second phase
identified by examination of the diffraction pattern of Ce0.8Sr0.2NbO4±δ sintered at
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1500 °C (Figure 6.7), does not correspond to any identifiable phase from the ICSD
database [345], and being dissimilar to both monoclinic SrNb2O6 (P121/c1) and
orthorhombic SrNb2O6 (Pnma) or orthorhombic Sr2Nb2O7 (Cmc21), may indicate
that the structure corresponds to the melt composition [322][346][347] . However
as Figure 6.8 shows, it shares several reflection positions with Sr2Nb2O7. Although
EDXS of the secondary phase gave an Sr : Nb ratio closer to 0.5:1, the technique
is often not fully quantitative and there may be systematic under-representation of
the alkaline earth content.
Figure 6.8: Comparison of the secondary phase formed after sintering Ce0.8Sr0.2NbO4±δ at 1500
°C with Sr2Nb2O7 (Cmc21) , m-SrNb2O6 (P121/c1) and o-SrNb2O6 (Pnma).
The secondary phases in as-prepared Ce1–xAxNbO4±δ may also be composition-
ally inhomogeneous. For example, EDXS spectra of second phase particles in
Ce0.8Sr0.2NbO4±δ sintered ≤1400 °C provide a higher strontium content, but sim-
ilarly show regions with an Sr : Nb ratio close to 0.5:1 (Appendix C, Figure C.4).
As-prepared Ce1–xAxNbO4±δ may also contain SrNb2O6 and CaNb2O6 which melt
at 1500 °C and 1560 °C respectively, or may contain phases more deficient of stron-
tium and calcium which have a lower melting temperature and which would form
melts even more depleted of dopant. The diffraction patterns collected on samples
sintered between 1200-1400 °C (Figure 6.7) also show a weak reflection at ≈26.8 °
2Θ, however because the (131) reflection of Sr2Nb2O7 also appears at approximately
this position, it is difficult to distinguish what phase it corresponds to. It is also not
unreasonable to assume that the secondary phase may contain low levels of cerium,
however the ternary phase diagram for Ce2O3 – SrO – Nb2O5 remains unpublished.
180 Chapter 6. Phase and Microstructural Stability
Figure 6.9: SEM micrographs of Ce0.8Sr0.2NbO4±δ pellets sintered for 18 hours under air at
different temperatures.
Composition Ce (at%) A+ (at %) Nb (at%) O (at%)
Ce0.8Sr0.2NbO4 13.3 3.3 16.7 66.6
1200 °C 14.53 ± 2.93 3.02 ± 0.29 16.51 ± 1.86 56.54 ± 4.55
1300 °C 14.7 ± 2.45 3.36 ± 0.26 18.04 ± 1.49 63.88 ± 3.98
1400 °C 15.20 ± 0.44 3.00 ± 0.08 18.30 ± 0.31 63.51 ± 0.75
1500 °C 16.23 ± 0.63 2.43 ± 0.18 18.11 ± 0.28 63.23 ± 1.14
Table 6.6: Average atomic percentage of each constituent (A indicates alkaline earth dopant) of
Ce0.8Sr0.2NbO4±δ, sintered at various temperatures calculated from EDXS of the grain interior.
Standard deviations are calculated over several spectra from randomly positioned sample sites.
Theoretical atomic percentages are shown in bold.
Dopant segregation may become significant, resulting in phase transformations
or supersaturation of an interface leading to secondary phase precipitation. The
larger radius of strontium over cerium likely results in elastic strain which re-
sults in the precipitation of strontium niobate phases in the as-prepared materials
Ce0.8Sr0.2NbO4±δ and Ce0.9Sr0.1NbO4±δ. However regardless of the segregation
mechanism or segregation site, subsequent high temperature annealing which in-
volves matter transport can lead to a re-distribution of solutes. Therefore sintering
can exacerbate segregation effects by increasing the solute diffusivity and vapour
pressure, and may vary with both the stage of sintering and sintering temperature
[56][348].
Although second phase particles in the green bodies are probably the major con-
tributor to the observed (residual) liquid phases, additional segregation and phase
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precipitation may also contribute at high sintering temperatures. This may al-
ter the composition of the liquid phase by dissolution or re-precipitation at the
grain-liquid interface. These factors may explain why the composition of secondary
phases in Ce1–xAxNbO4±δ, and in particular Ce0.8Ca0.2NbO4±δ deviate from both
as-prepared Ce1–xAxNbO4±δ and the composition expected from eutectic melting.
Although beyond the scope of this work, it would be necessary to determine if the
residual liquid phase(s) presented in Figures 6.4-6.6 are the result of more than one
effect. This is significant because it may mean that even otherwise single phase
Ce0.9A0.1NbO4±δ may be susceptible to secondary phase precipitation at high tem-
perature. As a crude way of initially investigating this, EDXS of the grain interior at
each of the sintering temperatures for Ce0.8Sr0.2NbO4±δ was performed (Appendix
C). The average bulk strontium content decreases between 1400-1500 °C, and cor-
responds approximately to a change in dopant content from 18% to 14.5%, however
this also correlated with the suggested melting temperature of second phases pre-
sented in the as-prepared material. No obvious trend was observed for the other
compositions, however further microstructural analysis would be required.
6.3 Preparation of Ce1–xAxNbO4–δ
6.3.1 Reductive annealing
To prepare dense discs of oxygen deficient Ce1–xAxNbO4±δ for electrochemical mea-
surements, samples were first sintered under air according to the method outlined
in 3.12, followed by reduction under 5% H2/N2(g) for 5 hours. This resulted in se-
vere issues with the integrity of the macrostructure; visible cracking and mechanical
instability with fracturing on handling post reduction. The SEM micrographs pre-
sented in Figures 6.10 – 6.11 show both inter- and intra-granular fracturing. Whilst
this observation is difficult to quantify, it does appear to be considerably more
widespread than the microcracking observed in the as-sintered specimens (Section
6.2.2).
Hydrogen embrittlement is not uncommon amongst many metals and alloys, and
occurs either by reaction with constituent elements, or via chemi-absorption into
the bulk. The accumulation of hydrogen at lattice defects can induce stresses that
result in crack propagation and mechanical failures [349][350][351]. Similar mecha-
nisms have been reported in ceramic systems. For example exposure of basic double
perovskites such as Sr2MgMoO6–δ to hydrogen, can lead to decomposition to con-
stituent oxides [352][353]. Furthermore segregation of impurities at grain boundaries
may influence decomposition mechanisms, or the solubility and diffusivity of hydro-
gen. However the fracturing observed in Figure 6.10 – 6.11 is not specific to doped
CeNbO4+δ, but is also found for the parent material.
Alternatively microstructural instability may result from the large change in crystal-
lographic volume (≈1-4%), which accompanies the reduction of compensatory Ce4+
(Chapter 4). Both inter and intra-granular fracturing upon exposure to >10% H2(g)
(>650 °C) has been reported in doped cerias analogously to Figures 6.10 – 6.11, also
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Figure 6.10: SEM micrographs of sintered CeNbO4+δ and Ce1–xSrxNbO4±δ post reduction in 5%
H2/N2(g) for 5 hours at 800 °C.
Figure 6.11: SEM micrographs of sintered Ce1–xAxNbO4±δ post reduction in 5% H2/N2(g) for 5
hours at 800 °C.
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resulting in macroscopic degradation [354][355][50]. Annealing at successively higher
temperatures of 800 °C and 1000 °C resulted in progressive volume expansion, and
was accompanied by a reduction in the density and a sharp rise in grain bound-
ary resistivity, which is irreversible after re-annealing in air, although some fracture
healing was reported [354][355]. The degradation was attributed to communal ef-
fects; hydrogen diffusion along grain interfaces and the crystallographic expansion
that arises from cerium reduction. The mechanism was speculated to begin with re-
duction of localised regions on the sample surface creating stresses that push apart
grains. Further annealing results in exposure of internal surfaces to the reduc-
tive atmosphere and propagation of fracturing throughout the sample with eventual
macroscopic weakness. In the case of Ce1–xAxNbO4±δ the post reduction sample
integrity was inconsistent, in some cases pellets maintained macroscopic integrity,
whilst others were fragile and broke. The specific cause for this is unknown, but it
may relate to the starting density or pre-existing microcracks and pores in the as-
sintered material, or may arise from compositional and (or) temperature differentials
of the furnace.
Figure 6.12: Photograph of Ce0.9Sr0.1NbO4±δ pellets treated in 5% H2/N2(g) at 800 °C for 5
hours highlighting macroscopic fracturing (left). A pellet of Ce0.9Sr0.1NbO4±δ after exposure to
5%H2/N2(g) for 24 hours (right).
X-ray diffraction patterns of the pellets exposed to H2/N2 atmosphere presented no
evidence of secondary phases. EDXS of the bulk provided in Appendix C, Table
C.2 does not indicate significant compositional changes; however HRTEM measure-
ments would be more appropriate for concluding this. In the case of CeO2 TEM
showed subtle yet expected changes in stoichiometry at the fractured grain bound-
aries [355]. Although doped CeO2 only showed minor volume expansion and fractur-
ing when annealed at 800 °C compared to 1000 °C, the grain boundary composition
of Ce1–xAxNbO4±δ is unknown and the grain boundary Ce4+ concentration may
be high [354][355]. From Chapter 4 it was shown that Ce4+ begins to reduce at 373
°C; volume expansion in conjunction with the tetragonal transition may account for
the often severe loss of integrity that Ce1–xAxNbO4±δ pellets experience and why
this seemingly occurs at a lower temperature compared to CeO2.
It should also be noted that the thermal expansion characteristics of the reduced
material may also differ from that of as-prepared Ce1–xAxNbO4±δ. Both CO2
and N2 inert atmospheres have been shown to only mildly reduce CeO2, and do
not cause significant microstructural changes. The microstructure of as-sintered
Ce1–xAxNbO4±δ exposed to argon for 12 hours at 800 °C is presented in Appendix
C, Figure C.7. Isolated grain boundary cracks were apparent, however no severe
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microstructural issues were observed consistent with the small <0.02% volume ex-
pansion upon reduction of the δ=0.08 phase which forms on cooling. Again no
evidence of secondary phase formation was identified by x-ray diffraction or EDXS
of the grain interior or boundary regions (Appendix C, Table C.8).
6.3.2 Argon sintering
To overcome such microstructural issues, Ce1–xAxNbO4±δ powders were first re-
duced under 5% H2/N2(g) (5 hours at 800 °C) followed by sintering under argon gas
so as to prevent re-oxidation. Alternatively the powders may be reduced in-situ by
sintering under a reductive atmosphere; however this was avoided to prevent induc-
ing fractures. For example the surface of the green body would likely reduce first
creating a compositional gradient; due to the high degree of compaction, reduction
of the interior of the body would probably occur during the intermediate stage of
sintering. Alternatively reductive pre-annealing followed by reductive sintering may
prevent this, however further cerium reduction over the course of the sintering time
may still induce fracturing.
Figure 6.13: SEM micrographs of Ce1–xAxNbO4±δ reduced under 5% H2/N2(g) at 800 °C for 5
hours followed by sintering under Ar(g) at 1500 °C for 18 hours.
CeNbO+δ Sr=0.1 Ca=0.1 Sr=0.2 Ca=0.2
(µm) (µm) (µm) (µm) (µm)
18.20 ± 2 7.51 ± 1 10.26 ±1 15.18 ± 2 37.53 ± 3
Table 6.7: The grain size of Ce1–xAxNbO4±δ sintered under Ar(g) at 1500 °C for 18 hours
determined by the average grain intercept (AGI) method using a total of 30 lines .
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Similarly to the air sintered samples (Figure 6.3), the micrographs of argon sintered
Ce1–xAxNbO4±δ presented in Figure 6.13 show only minor microcracking. However
as it can be seen from Table 6.4, there is a notable reduction in average grain
size. Once again Ce0.9Sr0.1NbO4±δ and Ce0.9Ca0.1NbO4±δ have a smaller grain size
relative to the parent material, and both Ce0.8Sr0.2NbO4±δ and Ce0.8Ca0.2NbO4±δ
have a larger average grain size relative to compositions with 10% dopant additions.
This observation implies a reduction in grain boundary mobility, either by further
dopant segregation to the boundary, or possibly, by additional secondary phase
particles which may act to pin them. A number of studies on other materials with
mixed valence cations sintered under inert or reductive atmospheres have reported
such phenomena. For example grain boundary segregation with inhibited grain
growth was found for doped SnO2 and SrTiO3 [356][357].
Reduction of compensatory Ce4+ to Ce3+ during reductive annealing may lead to
further dopant grain boundary segregation. This would increase the solute cloud
at the boundary and increase the retarding force that inhibits grain growth. This
is supported by Table 6.5 which provides the average atomic percentage of each
constituent at the grain interiors of argon sintered Ce1–xAxNbO4±δ, and which are
considerably more depleted of alkaline earth compared to air sintered specimens. It
is possible that the reason CeNbO4+δ can accommodate significantly more alkaline
earth compared to LaNbO4, despite the virtually identical ionic radii of La
3+ (1.16
A˚) and Ce3+ (1.143 A˚) is due to the oxidation of cerium to the 4+ valence state
(0.97 A˚). The change in both cerium radius and coordination may lead to coopera-
tive effects that act to stabilise the dopant, and which are partially removed upon
reduction. Whilst any segregation effects may be minor after the short annealing
duration and furthermore not so easily distinguishable by diffraction methods; the
diffraction work from Chapter 4 did not show the presence of secondary phases af-
ter annealing Ce1–xAxNbO4±δ in 5% H2/N2(g) for 3 hours at 800 °C. Furthermore
EDXS of the grain interior after longer thermal treatment (5 hours) did not indicate
significant compositional changes (Section 6.3.1) (Appendix C, Table C.6). Assum-
ing solute drag is the cause for reduced grain growth, this work does not distinguish
at what point the segregation occurred, but it does suggest that high temperature
sintering may have induced segregation and subsequent precipitation of secondary
phases from reduced Ce1–xAxNbO4–δ.
Composition Ce (at%) A2+ (at %) Nb (at%) O (at%)
Ce0.9A0.1NbO4 15 1.6 16.7 66.6
Sr=0.1 18.81 ± 2.79 0.87 ± 0.24 18.94 ± 1.52 61.38 ± 4.39
Ca=0.1 20.05 ± 2.56 0.77 ± 0.18 19.56 ± 1.12 59.62 ± 3.67
Ce0.8A0.2NbO4 13.3 3.3 16.7 66.6
Sr=0.2 15.51 ± 1.23 2.22 ± 0.26 17.98 ± 0.7 64.30 ± 1.93
Ca=0.2 17.08 ± 1.01 3.09 ± 0.20 19.24 ± 0.60 60.59 ± 1.75
Table 6.8: Average atomic percentage of each constituent calculated by EDXS at the grain
interior in Ce1–xAxNbO4±δ first reduced under 5% H2/N2(g) at 800 °C for 5 hours followed by
sintering under Ar(g) at 1500 °C for 18 hours. Standard deviations are calculated over many
spectra from randomly positioned sample sites.
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Figure 6.13 highlights regions with visually identifiable secondary phases, which
were non-uniformly distributed, but significantly more notable compared to the
surface of Ce1–xAxNbO4±δ sintered under air. For example Ce0.9Ca0.1NbO4±δ
which was previously shown to have clean grain boundaries contained unwanted
phases. Because the starting powders were of the same synthetic batch to those used
for the analysis presented in Section 6.2, this implies that over the course of the two
thermal treatments any dopant segregation was followed by phase precipitation.
The morphologies of the secondary phases also differ considerably from those of the
air sintered samples, and are more particulate-like and less dispersed around the
grain boundaries, which may be a consequence of the different sintering atmosphere
or suggest an absence of a liquid phase. The latter would further support the inhib-
ited grain growth particularly of Ce0.8Sr0.2NbO4±δ, despite the greater deficiency
of dopant in the grain interior. EDXS of the secondary phases for all compositions,
show a greater ratio of alkaline earth to niobium compared to samples sintered under
air, indicating a composition closer in agreement with A2Nb2O7.
The greater alkaline earth content and probable volume fraction of secondary phases
may be attributable to greater segregation and precipitation of strontium and cal-
cium during the annealing processes. However a liquid phase might still be expected
unless the alkaline earth content of the unwanted phase increased such that it was
greater than or equal to A2Nb2O7, in which case the melting temperature would
increase to ≥1610 °C and ≥1576 °C for A=Sr and A=Ca respectively [358][340].
Alternatively a liquid phase may be initially present, but through segregation and
dissolution over the course of the anneal, the composition was altered leading to
de-wetting. An increase in the solid-liquid interfacial energy could also cause the
liquid phase, if present, to confine to triple point regions between grain boundaries
instead of dispersing between grains.
Composition Spectrum Ce (at%) A2+ (at %) Nb (at%) O (at%)
Sr=0.1 1 3.33 14.89 19.28 62.52
2 3.44 13.90 18.92 63.75
Sr=0.2 1 6.44 15.61 21.08 56.88
2 2.87 16.15 19.81 61.18
Ca=0.1 1 4.35 23.90 22.63 49.12
2 7.00 15.40 18.87 58.74
Ca=0.2 1 4.12 19.91 23.85 52.12
2 4.36 17.22 21.94 56.47
Table 6.9: Atomic percentage of each constituent from the secondary phases presented in Figure
6.13 determined by EDSX.
Sintering of Ce1–xAxNbO4±δ under air was consistently performed in one furnace to
avoid temperature differentials, whilst non-oxidising anneals were performed in an
alternate furnace, which may have been calibrated differently which may perhaps
provide a simpler explanation for what is interpreted as an absence of a residual
liquid phase. According to Table 6.5, the grain interior of Ce0.8Ca0.2NbO4±δ was
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the least deprived of dopant which would suggest less segregation and therefore
less solute drag and which may account for the larger grain size. Specifically why
this is observed for Ce0.8Ca0.2NbO4±δ and not Ce0.9Ca0.1NbO4±δ for example, is
not known, but could be due to temperature irregularities with respect to sample
position in the furnace. The grain size of the parent material also decreased after
inert atmosphere sintering. CeNbO4+δ will likely contain some impurities, however
this should be low (<0.5%). Instead it is suggested that a combination of sintering
atmosphere and reductive pre-annealing may alter the mechanisms of mass transport
during sintering, how specifically, is beyond the scope of this work, but has also been
suggested in the literature for other ceramics [356][359].
6.3.3 Lanthanum co-doping
The microstructural instability of Ce1–xAxNbO4±δ under reducing atmosphere is
suggested to be associated with variations of the cerium valence and subsequent
volume expansion similar to CeO2; the degree of which, was shown to reduce with
increasing dopant additions. However, even after 40% and 50% Gd and Er doping
respectively, the increase in cell volume upon reduction was reported to be approx-
imately 1% and not completely effective at preventing microstructural degradation
[50]. This might be expected given that virtually all cerium sites in CeO2 occupy
the tetravalent state under ambient conditions, so reductive annealing has the po-
tential to significantly alter the net valence and oxygen stoichiometry even after
heavy doping. More significant microcracking might be expected for CeNbO4+δ
based materials after successive heating and cooling cycles due to fluctuations of the
cerium valence as the material alters its stoichiometry as a function of temperature
and polymorphic forms. However the loss of structural integrity was quite signif-
icant for Ce1–xAxNbO4±δ heated at 800 °C under 5% H2/N2(g) after just several
hours. Chapter 5 showed that at this temperature, the sample reduces leaving only
compensatory Ce4+, the level of which is much lower than CeO2.
This implies another factor is significant in determining the stability. For example
Ce4+ may have a tendency to also segregate to the grain boundary core or sur-
rounding region so that upon reduction, perhaps the combined effects of volume
expansion, anisotropic thermal expansion and hydrogen diffusion act to cleave the
boundary. Substitution of the A site with a redox stable species is expected to re-
duce cell expansion and improve stability, but would naturally alter the properties
of Ce1–xAxNbO4±δ. As shall be discussed in more detail in 6.4, previous electrical
measurements performed on LaNbO4 under reducing conditions have not indicated
phase or microstructural instability. Therefore isovalent lanthanum substitutions
may help stabilise Ce1–xAxNbO4±δ whilst retaining levels of electronic conductivity
(Chapter 7). Unlike CeO2 this is not expected to alter the extrinsic defect concen-
tration (or defect interactions), but may reduce dopant solubility, recalling the work
of Norby et al who suggested LaNbO4 has a solubility limit of ≈2% [231].
X-ray diffraction patterns with corresponding lattice parameters for
Ce0.9–xLaxSr0.1NbO4±δ doped with 20% and 70% lanthanum on the A site
are presented in Figure 6.14 and Table 6.7. Ce0.7La0.2Sr0.1NbO4±δ could be
prepared single phase, although there was a very low intensity peak which may be
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attributable to Sr2Nb2O7 and which is clearly seen in the pattern of as-prepared
Ce0.2La0.7Sr0.1NbO4±δ showing that the solubility limit reduces with lanthanum
additions.
The cell volume also increases with dopant concentration, consistent with the re-
moval of both smaller Ce3+ and compensatory Ce4+. As expected, exposure of
Ce0.9–xLaxSr0.1NbO4± δ to 5% H2/N2(g) for 12 hours lead to an increase of cell
volume, which is again greater for Ce0.7La0.2Sr0.1NbO4±δ due to the higher solu-
bility of the dopant. For Ce0.2La0.7Sr0.1NbO4±δ this is accompanied by an increase
in the approximate phase fraction of Sr2Nb2O7 phase, and which was confirmed
by comparison of the estimated integrated intensities. The patterns post reduction
show preferential orientation of the (040) reflection, the top of which has been cut
for clarity. Reductive annealing may have changed the particle surface energy and
influenced particle packing in the flat plate. Further experimentation with Rietveld
analysis is required to understand the defect chemistry of Ce0.9–xLaxSr0.1NbO4± δ,
however it is feasible that vacancies may be stable under oxidising conditions and
mixed compensation mechanisms are occurring.
Figure 6.14: X-ray diffraction patterns of as-prepared Ce0.9–xLaxSr0.1NbO4± δ and after
reductive annealing in 5% H2/N2(g) at 800 °C for 12 hours. Asterix highlights a reflection
corresponding to secondary Sr2Nb2O7 phase.
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Ce0.7La0.2Sr0.1NbO4±δ a(A˚) b(A˚) c(A˚) β (°) Vol(A˚3)
As-prepared 7.2656(1) 11.3996(2) 5.1640(1) 130.61(1) 324.70(9)
Reduced 7.3105(2) 11.4499(3) 5.1854(2) 130.998(1) 327.59(2)
Ce0.2La0.7Sr0.1NbO4±δ a(A˚) b(A˚) c(A˚) β (°) Vol(A˚3)
As-prepared 7.3123(1) 11.4708(2) 5.1874(1) 130.80(1) 329.40(9)
Reduced 7.3441(3) 11.5042(4) 5.2027(2) 131.06(1) 331.47(2)
Table 6.10: Lattice parameters of as-prepared Ce0.9–xLaxSr0.1NbO4±δ and after 12 hours
exposure to 5% H2/N2(g) obtained by Le-Bail refinement.
SEM micrographs of Ce0.9–xLaxSr0.1NbO4± δ (Figure 6.15) confirm the presence of
secondary phases for both compositions. The atomic percentages of each constituent
determined by EDXS (Table 6.8) are in reasonable agreement with that of the tar-
geted composition Ce0.7La0.2Sr0.1NbO4±δ However small portions of perhaps liquid
secondary phases were identified at the grain boundaries. The strontium content at
the grain interior of Ce0.2La0.7Sr0.1NbO4±δ is more depleted and is accompanied
by notable secondary phase formation, the composition of which is similar to that
found in as-sintered Ce0.9Sr0.1NbO4±δ
Figure 6.15: SEM micrographs of sintered Ce0.9–xLaxSr0.1NbO4± δ (18 hours 1500 °C) reduced
under 5% H2/N2(g) at 800 °C for 24 hours.
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Composition Ce (at%) La (at%) Sr (at %) Nb (at%) O (at%)
La=0.2 11.67 3.33 1.66 16.67 66.67
GI 13.43 ± 0.51 3.84 ± 0.16 1.81 ± 0.05 18.81 ± 0.39 62.11 ± 1.04
Spectrum 1 2.17 0.75 9.46 22.42 65.20
La=0.7 3.33 11.67 1.66 16.67 66.67
GI 4.76 ± 0.43 16.51 ± 1.61 1.13 ± 0.09 20.3 ± 0.91 57.25 ± 2.97
Spectrum 1 0.85 3.50 12.40 16.92 66.33
Table 6.11: Average atomic percentage of each constituent calculated by EDXS at the grain
interior in Ce0.9–xLaxSr0.1NbO4±δ sintered under air (18 hours 1500 °C) then reduced under 5%
H2/N2(g) at 800 °C for 24 hours. Example compositions of the secondary phases corresponding
to Figure 6.15 are also provided.
Whilst it is very difficult to quantify the level of microstructural degradation,
exposure of Ce0.9–xLaxSr0.1NbO4±δ to 5% H2/N2(g) for 24 hours did not re-
sult in significant inter or intra-granular fracturing (Figure 6.15). As-prepared
Ce0.7La0.2Sr0.1NbO4±δ showed some fracturing, but no notable change was appar-
ent for either composition after reduction. However to quantify this more accurately,
perhaps a modified grain intercept or similar counting method may be adopted to
record the number of intercepting grains that are fractured between different sam-
ples. Certainly the incorporation of both lanthanum and cerium on the A site may
be a viable strategy for combining both electronic conductivity and higher dopant
concentrations relative to LaNbO4 without compromising microstructural stability
under reducing conditions. For example the 5% dopant level is probably closer to
the solubility limit which is still twice that of LaNbO4.
6.4 Chemical Stability
6.4.1 With protonic media
In the fuel cell environment, H2O and CO2 gasses are generated as by-products of
the electrochemical reaction of hydrogen and hydrocarbon reforming, and are also
found in the atmosphere. Proton conductors in particular are basic oxides and can
be especially sensitive to decomposition. A key parameter that any potential energy
material should be investigated for is chemical stability under relevant conditions.
Using preliminary tests, this section will briefly investigate the chemical stability of
as-prepared Ce1–xAxNbO4±δ under both protonic media and CO2.
Ce1–xAxNbO4 + xH2O =
1 – 2x
2
Ce2O3 + xCeO2 + xA(OH)2 +
1
2
Nb2O5
(6.1)
Ce1–xAxNbO4 + xCO2 =
1 – 2x
2
Ce2O3 + xCeO2 + xACO3 +
1
2
Nb2O5
(6.2)
6.4. Chemical Stability 191
For CeNbO4 the envisaged decomposition reactions are given by Eqs. 6.1 and 6.2,
with the probable product being CeO2 under oxidising conditions. LaNbO4 and
its derivatives have been widely referred to as having long term stability to such
decomposition products, however tangible evidence via thermogravimetry for ex-
ample, has to date, formally remained un-published [209][243]. SEM micrographs
of a 1 mol% Ca-LaNbO4 electrolyte taken from a cell tested at 700 °C under 1%
and 8% CO2 contaminated wet air for 40 hours did not exhibit any degradation,
nor detriment to the cell performance, however compositional changes were not re-
ported [360]. The enhanced chemical stability of BaZrO3 over BaCeO3 perovskites
(Chapter 1), has been rationalised in terms of the basicity of the latter, which more
readily decomposes [324][37].
Although the electropositivity of lanthanum and cerium are very similar,
Ce1–xAxNbO4±δ can accommodate at least five times the alkaline earth content,
and therefore is envisaged to potentially be more basic and susceptible to decom-
position. Furthermore, the redox flexibility of cerium may also be a contributing
factor. Although annealing as-sintered Ce1–xAxNbO4±δ in 5% H2/N2(g) was shown
to induce grain boundary fracturing, the reduction process is not accompanied by
detectable secondary phase formation. Only at high sintering temperatures does
reductive pre-annealing appear to reduce dopant solubility. More extensive tests
were performed to investigate the applicability of Eq. 6.1, by annealing as-prepared
Ce1–xAxNbO4±δ in dry 5% H2/N2(g) for 24 hours and in wet 5% H2/N2(g) for a
further 24 hours. X-ray diffraction patterns (Figure 6.16) and Fourier-transform
infra-red spectra (FTIR) (Figure 6.18) presented no evidence for the formation of
hydroxides or other phases after either anneal.
Figure 6.16: X-ray diffraction patterns of the low angle region of as-prepared Ce1–xSrxNbO4±δ
compared with samples annealed under both dry 5% H2/N2(g) (24hours) and wet 5% H2/N2(g)
(24hours).
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Ce0.9Sr0.1NbO4±δ a(A˚) b(A˚) c(A˚) β(°) Vol(A˚3)
As-prepared 7.2511(1) 11.3786(1) 5.1574(1) 130.557(3) 323.30(4)
24 hours dry 5% H2/N2(g) 7.2938(1) 11.4265(1) 5.1773(1) 130.949(3) 325.90(2)
24 hours wet 5% H2/N2(g) 7.2620(1) 11.3889(1) 5.1618(1) 130.613(1) 324.08(5)
Table 6.12: Lattice parameters of as-prepared Ce0.9Sr0.1NbO4±δ and after 24 hours exposure to
both dry and wet 5% H2/N2(g) obtained by Le-Bail refinement.
Upon reduction under dry 5% H2/N2(g) the cell expands due the conversion of
Ce4+ to Ce3+ (Chapter 4). However after exposure to humidified5% H2/N2(g), the
cell expansion is smaller. This implies the sample contains a higher level of Ce4+
and is more ’oxidised’ relative to the dry state or that the H2O – H2 gas mixture
was perhaps ineffective at reducing Ce1–xAxNbO4±δ. The uptake of protons from
H2(g) or H2O(g) (H+ and OH-), either creates positive defects or substitutes them
(Chapter 1, Section 1.3.1), and is not expected to be accompanied by the formation
of holes (Ce4+). Interstitial OH- (OHi.) defects could generate holes, however the
charge compensation of H+ would compete with this.
Expansive cell relaxation accompanying the absorption of protons and filling of
vacancies is reported in BaCeO3 perovskites as well as numerous absorbers of water
[361][362][363]. However the cell of BaZrO3 perovskites has been shown to relax
anisotropically with the net effect of contraction, and even molecular absorbers
such as Y2Mo3O12 and γ – CaSO4 contract due to alterations of bonding angles
and energy [364][365][366]. Secondary phase formation might also alter the cell
parameters, similarly to SrZr0.9Er0.1O3, however there is no supporting evidence
of this for Ce1–xAxNbO4±δ [367]. Structural changes accompanying protonation of
LaNbO4 have not been reported in the literature, most probably due to the very
low dopant level (1-2%), and so a comparison to Ce1–xAxNbO4±δ is not feasible
[368][251]. The higher dopant concentration and possibility of several compensation
mechanisms in Ce1–xAxNbO4±δ could suggest that proton absorption, if any, is
followed by structural rearrangement that has the effect of pulling the structure
in. Because the correlation between cell volume and percentage Ce4+ reduction
is unknown, this will be difficult to quantify without combined thermogravimetry.
This unexpected observation should be expanded upon with more detailed structural
analysis.
6.4.2 With CO2
A good indication of reactivity with CO2 is via thermogravimetry, in which a mass
gain is evident as the material forms carbonates [369][370]. Figure 6.17 provides si-
multaneous TG-DSC of Ce1–xAxNbO4±δ heated under pure CO2; first dynamically
at 5 °C min–1 and then isothermally at 800 °C. All samples show similar behaviour
except Ce0.8Ca0.2NbO4±δ. The initial mass loss between 25-100 °C may be due
to the evaporation of surface physiosorbed species such as water or other organic
contaminants. Similarly, the mass gain of approximately 0.05%, between ≈100-250
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°C that follows, may be due to superficial physisorption of CO2. Each composition
then undergoes a two-step mass reduction up to 700 °C, the percentage loss varying
between compositions. Unfortunately the region is complicated by the TG curve
becoming oscillatory, the cause for this is unknown, but it is suspected to be an
experimental artefact, possibly related to the gas exhaust system. Consequently ac-
curate determination of the maximum mass loss and identification of an underlying
mass gain are not feasible. However at approximately ≈800 °C the sample begins to
gain weight (≈0.1%) and is accompanied by an exothermic peak in the DSC curve
indicative of CO2 absorption.
Figure 6.17: Simultaneous TG-DSC of pre-annealed (wet 5% H2/N2(g), 15 hours)
Ce1–xAxNbO4±δ - recorded under flowing 100% CO2 at 5 °C min–1 with brief isothermal heating
at 800 °C. As-prepared Ce0.8Sr0.2NbO4±δ (AP) is shown for comparison.
Conversely Ce0.8Ca0.2NbO4±δ shows a near continuous mass gain of ≈0.6% from
100 °C. The different behaviour may be attributable to the higher alkaline earth
content, which could increase susceptibility to carbonate formation. Although CO2
absorption in BaCeO3 equates to ≈10%, the mass gain of Ce1–xAxNbO4±δ is nev-
ertheless non-negligible and may indicate CO2 reactivity at 800 °C or below [369].
To investigate this further, Ce1–xAxNbO4±δ was annealed in pure CO2 at 800 °C
for 24 hours and both x-ray diffraction and infra-red spectroscopy performed.
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Ce0.9Sr0.1NbO4±δ a(A˚) b(A˚) c(A˚) β (°) Vol(A˚3)
As-prepared 7.2511(1) 11.3786(1) 5.1574(1) 130.557(3) 323.30(4)
24 hours CO2(g) 7.2556(1) 11.3802(1) 5.1594(1) 130.592(6) 323.50(8)
Table 6.13: Lattice parameters of as-prepared Ce0.9Sr0.1NbO4±δ and after 24 hours exposure to
CO2(g) obtained by Le-Bail refinement.
Because samples were first annealed in wet 5% H2/N2(g) for 15 hours prior to TG-
DSC measurements, the 2 step mass loss presented in Figure 6.17 could correspond
to the loss of protons or even molecular species, or, may be due to continued re-
duction of compensatory Ce4+ with the removal of oxygen. If the percentage mass
loss were greater than that corresponding to the complete reduction of compen-
satory Ce4+ of 0.28%, 0.27%, and 0.44% for Ce0.9Ca0.1NbO4 , Ce0.9Sr0.1NbO4 and
Ce0.84Sr0.16NbO4 (as determined by Rietveld refinement) respectively, then it could
be attributed more conclusively to other processes such as the desorption of pro-
tons. Although the mass change of as-prepared ’Ce0.84Sr0.16NbO4’greater than that
calculated (0.44%), the strontium content of this sample may differ and be closer
to 20% (∆m≈1.34%), or include excess oxygen and the behaviour of the Sr2Nb2O7
phase is not known. Furthermore the mass loss of pre-annealed Ce0.8Sr0.2NbO4±δ
begins at a higher temperature than as-prepared Ce0.8Sr0.2NbO4±δ which might be
expected if the process corresponds to reduction of an already reduced sample. How-
ever, as per Table 6.10, even after 24 hours exposure to CO2 the cell parameters of
as-prepared Ce1–xAxNbO4±δ remain virtually unchanged. This suggests continued
reduction is not the cause of the mass loss, and leaves the nature of the desorbing
species ambiguous but possibly attributed to protons.
The two step mass loss between ≈250-400 °C and 400-700 °C may correspond to des-
orption from different environments such as superficial and bulk protons respectively.
However a 2-3 step mass loss has been observed in several perovskite systems (e.g.
ACe1–(x+y)ZrxYyO3–δ (A=Ba, Sr)) attributed to the removal of A(OH)2, H
+ and
ACO3 at ≈200-500 °C, ≈500-700 °C and ≈°800C respectively [371][372]. As Figures
6.16 and 6.18 and show, neither x-ray diffraction nor FTIR presented evidence for
secondary crystalline or amorphous phases within the detection capabilities of the
techniques. However the departure of hydroxide or carbonate contaminants found
in both as-prepared and pre-annealed Ce1–xAxNbO4±δ cannot be excluded.
The formation of CaCO3 or SrCO3 would be accompanied by a strong and of-
ten broad band at ≈1430 cm–1 which corresponds to the stretching mode of CO2–3
[373][374]. The spectra pre and post CO2 treatment (Figures 6.18 A-D) are virtu-
ally identical and flat between 1400-1500 cm–1. Attenuated total reflectance spec-
troscopy (FTIR-ATR) (Chapter 3, Section 3.4) has a detection limit approximat-
ing 0.1-1%, so that any carbonate formation of Ce0.8Ca0.2NbO4±δ may be very
small or reversible on cooling [369][375]. The formation of Sr(OH)2 and Ca(OH)2
hydroxides is expected to present additional bands in or adjacent to the finger-
print region, and O-H stretching modes which may be broad or discrete depending
whether the phase is hydrated and H-bonded [376]. The spectra after exposure to
wet 5% H2/N2(g) for 24 hours do not indicate hydroxide formation. However this
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Figure 6.18: FTIR-ATR spectroscopy of as-prepared Ce1–xAxNbO4±δ and after annealing at 800
°C for 24 hours in pure CO2(g), dry 5% H2/N2(g), and wet 5% H2/N2(g).
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also suggests Ce1–xAxNbO4±δ doesn’t absorb protons, since many proton conduc-
tors including perovskite systems and LaNbO4 show O-H stretching modes.
The breadth and position of the O-H band increases and shifts to lower frequency
as the strength and degree of hydrogen bonding to neighbouring lattice oxygen ions
increases [209][377][378]. For example non hydrogen bonded O-H groups present
sharp bands at ≈3600 cm–1, although this can shift to lower than ≈2500 cm–1
where very strong H-bonding is permitted [377][379][380]. This is due to a decrease
in the force constant associated with lengthening of the O-H bond and both the
intensity and position of this band are a good indicator of proton concentration and
its local environment [324].
It should be noted that several well-characterised proton conductors for example
SrZr1–xREO3–δ have shown an absence of this band altogether [371][381]. Colom-
ban et al have attributed the infrared inactivity to ionicity of the proton, that is,
it occupies an interstitial site but does not formally generate a covalent bond with
a specific oxygen ion, but rather interacts with several neighbouring acceptors, al-
though this is an isolated observation [371][380][381]. Bands in the low frequency
or otherwise called fingerprint region of the spectra of as-prepared Ce1–xAxNbO4±δ
(Figure 6.18.E) shift to slightly higher wavenumbers with increasing dopant con-
centration, consistent with the replacement of cerium with lighter alkaline earth
dopants. Whilst the bond lengths particularly for Ce1–xSrxNbO4±δ presented in
Chapter 4 show little variation due to the limited solubility, increasing bond strength
accompanying shorter Ce4+ polyhedral bonding would also cause a blue shift.
Upon reduction under both dry and wet 5% H2/N2(g) (Figure 6.18.D) the bands
shift to lower wavenumber, which is consistent with increasing the bond length and
subsequently decreasing strength as cerium is reduced and the cell expands. The
low frequency region of proton conducting perovskites is reported to largely re-
main unchanged upon protonation, but several studies have reported subtle changes
in the intensity or frequency of bands corresponding to lattice vibrations of the
host structure [382][383]. The band at ≈795-800 cm–1 shifts to lower frequency for
Ce1–xAxNbO4±δ annealed under dry 5% H2/N2(g) atmosphere when compared to
wet 5% H2/N2(g). However the other three bands show a much stronger red shift
after exposure to humidified conditions. This is accompanied by increased intensity
of the two bands found at ≈450 and 515 cm–1, and broadening particularly of the
most intense band found at about 646 cm–1 in the as-prepared specimens. The
origin of the low frequency infrared shifts are as yet unresolved, however as per the
literature may reflect subtle structural changes [383].
The spectra of as-prepared Ce1–xAxNbO4±δ show two weak bands at 2848cm–1
and 2916 cm–1, which may indicate C-H stretching modes of organic species such as
acetone grinding media or cleaning agent, however no additional bands (particularly
a more intense C=O stretch at 1715cm–1) are observed [382]. Ce0.9Ca0.1NbO4±δ
also has several weak bands, or possibly a pair of doublet bands at ≈3600 cm–1
and 3700 cm–1 respectively, which could indicate CO2 combination bands, however
there are no other indications of this molecule in the spectrum [383].
After reduction in dry 5% H2/N2(g) there is no absorption beyond 900 cm
–1. How-
ever after exposure to wet 5% H2/N2(g) the spectra for all but Ce0.9Sr0.1NbO4±δ
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show two weak bands at 2359 cm–1 and 2341 cm–1, which are attributed to the
two most intense O=C=O stretching modes of CO2, and which is most likely ph-
ysisorbed, possibly as a result of an alteration of the particle surface energy after
annealing [383]. Whilst the identity of several of these absorption bands is not clear,
these preliminary tests indicate phase stability under the measured conditions; how-
ever more extensive tests, for example with exposure to pure CO2 or boiling water
over many days would be more conclusive.
6.5 Summary and conclusions
The phase and microstructural stability of Ce1–xAxNbO4±δ sintered under compa-
rable conditions to both the parent material and LaNbO4 have been investigated.
Whilst it is beyond the scope of this work to provide comprehensive analysis of
the sintering behaviour of Ce1–xAxNbO4±δ, a number of mechanisms have been
inferred. Poor microstructures are afforded by sintering at the traditional temper-
ature of 1500 °C. Liquid phases are believed to form at grain boundaries between
1400-1500 °C, and when significant as for Ce0.8Sr0.2NbO4±δ, lead to grain boundary
wetting and inflated grain growth. Whilst for Ce1–xAxNbO4±δ (A6=20% Sr) this is
believed to be the result of secondary phases undetectable by x-ray diffraction, it is
also speculated that high temperature sintering may lead to, or exacerbate dopant
segregation. All but Ce0.8Sr0.2NbO4±δ were found to have reduced grain growth
relative to the parent material after sintering under both oxidising and inert atmo-
spheres. Furthermore it is suggested that reduced Ce1–xAxNbO4±δ has a greater
susceptibility to dopant segregation which as Chapter 7 will discuss, will likely have
an impact on the materials physical properties.
Whilst Ce0.8Sr0.2NbO4±δ is clearly precluded from any realistic application, it has
illustrated more clearly phenomena that may occur in Ce1–xAxNbO4±δ on a lower
level. Ce1–xAxNbO4±δ may be susceptible to phase separation in the long term
after thermal cycling. Alternative methods of sintering may be able to overcome
the competing mechanisms of densification, segregation and liquid phase formation
which occur between 1400-1500 °C and improve both the microstructural quality
and density. However this analysis also revealed issues with the preparation of
dense bodies of Ce1–xAxNbO4–δ with reduced cerium valence. It was found that
exposure of sintered Ce1–xAxNbO4±δ lead to both inter and intra granular fracturing
which would be a serious hindrance in fuel cell or similar environments. However a
combination of cerium and lanthanum on the A site might afford a balance between
both the incorporation of higher dopant solubilities (≈5%), electronic conductivity
and stability under reducing conditions.
Finally as an extension to unpublished work to support the notion that LaNbO4
is a chemically stable proton conductor, preliminary measurements indicated
Ce1–xAxNbO4±δ is stable under both protonic and acidic media. However they do
also provide contradictory indicators of the affinity of Ce1–xAxNbO4±δ for proton
absorption.
Chapter 7
Transport properties of
Ce1–xAxNbO4±δ
7.1 Introduction
The final chapter will aim to demonstrate an initial understanding of the transport
properties of Ce1–xAxNbO4±δ in relation to the parent material and explore the
potential for proton conduction. The first part will examine the behaviour of as-
sintered Ce1–xAxNbO4±δ under oxidising conditions where, like the parent material,
mixed ionic electronic conduction is expected. However as Chapters 4 and 5 have
shown, the degree of non-stoichiometry reduces upon acceptor doping, which in
conjunction with extrinsically generated defects will likely influence the transport
characteristics. The remainder of Chapter 7 will investigate the conductivity of
Ce1–xAxNbO4±δ under protonic environments, where the inclusion of basic cations
is expected to enable the dissociative absorption of water. The greater solubility of
alkaline earth cations could in principle raise protonic defect concentrations relative
to the most conductive member of the rare earth series LaNbO4. However due to
the predominant mechanism of hole compensation the transport properties may not
reflect this and furthermore be accompanied by mixed electronic behaviour.
7.2 Ce1–xAxNbO4+δ under oxidising conditions
7.2.1 Total conductivity
To investigate the transport behaviour of Ce1–xAxNbO4±δ in relation to the parent
material, AC impedance spectra were collected under static air between 100-800 °C.
As-sintered discs (prepared according to the method outlined in Chapter 6, Sec-
tion 6.2.2), were sputter coated with Pt to avoid further oxidation, recalling that
CeNbO4+δ phases present minor quantities of the δ=0.08 stoichiometry even after
rapid quenching, the phase fraction of which increases with slow cooling. Chapters
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4 and 5 show that under oxidising conditions the dopant is largely compensated by
the formation of holes on the cerium sublattice the concentration of which increase
on heating to accompany the incorporation of excess oxygen. Figure 7.1 shows the
total conductivity of Ce1–xAxNbO4±δ under static air to be on average an order
of magnitude greater than the parent material. The total conductivity is found
to follow the order Ce0.8Ca0.2NbO4±δ >Ce0.9Ca0.1NbO4+δ >Ce0.9Sr0.1NbO4±δ
>Ce0.8Sr0.2NbO4±δ >CeNbO4+δ at virtually all temperatures with respective total
conductivities at 600 °C which corresponds to the approximate peak of oxidation
identified by combined TG, XANES and x-ray diffraction (Chapter 5) of 5.7 x 10–2
S cm–1, 4.9 x 10–2 S cm–1, 4 x 10–2 S cm–1, 1.6 x 10–2 S cm–1 and 7.1 x 10–3 S
cm–1.
Figure 7.1: Total conductivity of Ce1–xAxNbO4±δ under static air determined by AC impedance
spectroscopy.
The Arrhenius plot of the total conductivity of CeNbO4+δ is not a smooth linear
function but rather presents ’humps’ which correlate with the non-stoichiometry
generated by reaction with the atmosphere. The spikes at ≈400 °C and ≈700 °C are
in agreement with TG measurements which show the onset and peak of oxidation
[263]. Rapid heating kinetically limits equilibration with the atmosphere, affording
Arrhenius like behaviour presented in Figure 7.2. Unlike the parent material corre-
lation between the conductivity and non-stoichiometry in Ce1–xAxNbO4±δ appears
only partially resolved, and may reflect suppression of the hyperstoichiometry by
200 Chapter 7. Transport properties of Ce1–xAxNbO4±δ
the dopant (Chapter 5, Section 5.2). However Ce0.9Ca0.1NbO4±δ and CeNbO4±δ
both oxidise to the δ=0.25 stoichiometry, and although CeNbO4+δ has a high oxy-
gen diffusivity (D*= 1.3 x 10–7 cm2 s–1 at 650 °C), the incorporation of interstitial
defects is accompanied by the formation of two holes which are likely more mobile
and have a dominant effect on the transport characteristics [272].
Ce1–xAxNbO4 Ce
4+ (%) Ce1–xAxNbO4+δ Ce
4+ (%)
CeNbO4 ≈0 CeNbO4+δ 50
Ce0.9Sr0.1NbO4 8.7 Ce0.9Sr0.1NbO4.25 54.4
Ce0.843Sr0.157NbO4 18.6 Ce0.843Sr0.157NbO4.25 59.3
Ce0.9Ca0.1NbO4 11.1 Ce0.9Ca0.1NbO4.25 55.6
Ce0.8Ca0.2NbO4 25 Ce0.8Ca0.2NbO4.25* 47.5
Table 7.1: Ce4+% in both as-prepared Ce1–xAxNbO4±δ, and at the peak of oxidation (≈600 °C)
determined by in-situ x-ray diffraction with isothermal heating (Chapter 5, Section 5.2.3).
Ce0.9Sr0.1NbO4±δ and Ce0.9Ca0.1NbO4+δ were structurally analogous to the δ=0.25
stoichiometry between 381-661 °C, 536-640 °C and 300-700 °C respectively. Ce0.8Ca0.2NbO4+δ
(*) was estimated assuming the hyperstoichiometry increased slightly to δ=0.15 from that
recorded by thermogravimetry and is determined by the oxidation of half of the remaining cerium
sites to Ce4+.
Calculation of Ce4+% by considering the refined dopant content (Chapter 4), and
hyperstoichiometry identified by isothermal in-situ x-ray diffraction (Chapter 5) is
presented in Table 7.1. The difference in Ce4+% between as-prepared and oxidised
phases decreases with progressive doping which may effectively ’smear-out’ effects
of redox behaviour in the total conductivity if the enhancement is predominantly
electronic. Except for Ce0.8Sr0.2NbO4±δ, the conductivity follows the order of in-
creasing dopant and subsequently Ce4+ concentration. The slightly lower conduc-
tivity of Ce0.9Sr0.1NbO4±δ in comparison to Ce0.9Ca0.1NbO4±δ may reflect both
the presence of small levels of liquid phase at the grain boundaries and depletion of
strontium from the bulk. Whilst the refined strontium content of Ce0.8Sr0.2NbO4±δ
(16.5%) was found to be higher than Ce0.9Sr0.1NbO4±δ (8%), the conductivity is
notably lower, which likely reflects the prominent formation of liquid Sr2Nb2O7 at
the grain boundaries (Chapter 6, Section 6.2.2).
Ea (eV) T (°C) Ea (eV) T (°C)
CeNbO4 0.461 475-700 0.008 775-825
Ce0.9Sr0.1NbO4+δ 0.284 325-675 0.143 700-825
Ce0.843Sr0.157NbO4+δ 0.163 325-525 0.390 550-750
Ce0.9Ca0.1NbO4+δ 0.309 350-675 0.266 700-825
Ce0.8Ca0.2NbO4+δ 0.273 300-675 0.115 700-825
Table 7.2: Activation energies for the total conductivity of Ce1–xAxNbO4±δ (Figure 7.1)
recorded under static air.
Between ≈300-650 °C, as Ce1–xAxNbO4±δ oxidises the Ce4+% increases, however
the conductivity order remains the same, and does not appear correlated with 50:50
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Figure 7.2: Total conductivity of Ce1–xAxNbO4±δ and CeNbO4+δ with rapid data collection.
Ce4+:Ce3+ occupancy. However the redox behaviour of sintered specimens is un-
known and therefore the stoichiometry is estimated. Furthermore the effects of
microstructure or secondary phases, oxygen diffusivity and crystallography are un-
known. A more complex origin is also indicated by the peaks in the conductivity of
CeNbO4+δ which correspond to oxidation to CeNbO4.25, the conductivity of which
is lower than Ce1–xAxNbO4±δ despite their similar oxygen and calculated Ce4+
contents. The small variation in the conductivity of Ce1–xAxNbO4±δ likely reflects
this.
With further heating the activation energy decreases (Table 7.2) reflecting the tran-
sition to the higher symmetry tetragonal phase, and is accompanied by an ini-
tial drop in the conductivity as the oxygen hyperstoichiometry is removed. In
the tetragonal regime the conductivity of Ce0.9Sr0.1NbO4±δ is now higher than
Ce0.9Ca0.1NbO4±δ, which could reflect the behaviour presented by thermogravime-
try (Chapter 5, Section 5.2.2) which indicated a small kinetic effect in the reduction
reaction of Ce0.9Sr0.1NbO4±δ. However this effect is not expected over the wide
temperature range studied, and may instead reflect structural or defect differences.
The higher activation energy for Ce0.8Sr0.2NbO4±δ may represent the extended
phase transition in which the development of two tetragonal phases was suggested.
All calculated activation energies are below 1 eV, which indicates an electronic con-
tribution to the total conductivity.
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7.2.2 AC Impedance Spectroscopy
Figure 7.3 presents Nyquist plots of the real and imaginary impedance of
Ce1–xAxNbO4±δ recorded under static air at 100 °C. All compositions present simi-
lar characteristics, exhibiting a half-teardrop shaped arc with a high-frequency off-set
on the real axis. All compositions except Ce0.8Sr0.2NbO4±δ also present a smaller
partially depressed symmetrical semi-circle at the low frequency side of this feature.
With increasing temperature, the slope of the high frequency straight line from the
real axis is seen to decrease in angle and the teardrop response takes on a more
’depressed’ appearance as shown for Ce0.9Sr0.1NbO4±δ in Figure 7.3. However all
compositions presented <45° angles at low temperature and this is especially true
of Ce1–xCaxNbO4±δ. The two responses are seen to merge together with progres-
sive heating and the characteristic half-tear drop response is no longer observable at
temperatures higher than 200 °C, 175 °C, 200 °C and 250 °C for Ce0.9Ca0.1NbO4±δ,
Ce0.8Ca0.2NbO4±δ, Ce0.9Sr0.1NbO4±δ and Ce0.8Sr0.2NbO4±δ respectively. Instead
the spectrum presents a single, very flattened arc with a capacitance in the range
of ≈10–5 F, the low frequency intercept of which was used to extract the total sam-
ple resistance. Therefore separation of bulk and grain boundary responses was not
feasible for Ce1–xAxNbO4±δ.
The teardrop response presented in Figure 7.3 is often characteristic of MIEC materi-
als, and may reflect diffusional processes associated with the bulk and/or electrodes,
however the feature is also recognised in ionic conductors [384]. Impedance spec-
tra are typically modelled with a transmission line (TML) consisting of resistors
and capacitors that represent both ionic and electronic conduction and appropriate
boundary conditions that reflect the system. For example Boukamp rationalised the
presence of a Gerischer response in MIEC’s as resulting from semi-infinite diffusion
where the rate of charge flux is ’co-limited’ by both chemical and electrochemical
reactions in which there is a source and (or) sink for the electrochemically inactive
species [384][385]. This response was used to represent impedance associated with
the release of trapped defects in heavily doped YSZ [385].
A Gerischer response is similar to a finite length Warburg element except it often
adopts a more depressed appearance below the real axis, and high frequency straight
line with an angle less than 45°. Similarly co-limited chemical-electrochemical reac-
tions at the electrode have been modelled by Adler and applied to porous MIEC’s
[386][387]. Jamnik and Maier also developed transmission line circuits to represent
the impedance response of MIEC’s by considering the electric field gradient the
diffusing species experiences, which has been refined by applying to CeO2 under
reducing conditions [384][388][389].
Equivalent circuit modelling was attempted using a combination of resistors, and
constant phase (CPE) elements in conjunction with either a Warburg or Gerischer
element. However equivalent circuits failed to represent the extended slope of the
high frequency region presented in Figure 7.3. The low frequency region could be
partially modelled using a circuit constructed of a Gerischer element in series with
two parallel resistor-constant phase elements (R-CPE). The low frequency arc had
a modelled capacitance of ≈10–7 F which is characteristic of the sample-electrode
interface found for ionic conductors.
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Figure 7.3: Nyquist representation of the impedance of Ce1–xCaxNbO4±δ at 100 °C, and
Ce0.9Sr0.1NbO4±δ as a function of temperature before a single flattened semicircle is presented.
Each sample had different dimensions.
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Low frequency features in conjunction with a Gerischer response have been at-
tributed to stagnant gas diffusion layers in the literature [390][391]. The Gerischer-
like response observed in the impedance spectra of Ce1–xAxNbO4±δ may represent
for example surface exchange properties and/or bulk diffusional processes with re-
spect to the incorporation of excess oxygen via the formation of holes as it undergoes
reaction and with the atmosphere. The exact origin of the diffusional process is not
known, however due to its very low temperature occurrence equivalent circuit mod-
elling and subsequent extraction of physical parameters is beyond the scope of this
study.
7.2.3 p(O2) dependence of Ce0.9Sr0.1NbO4±δ
To gain better understanding of the transport mechanisms of acceptor doped
CeNbO4+δ, the total conductivity of Ce0.9Sr0.1NbO4±δ was recorded as a function
of variable oxygen partial pressure using a 4-probe DC technique (Chapter 3, Sec-
tion 3.8.1). Tetragonal forms of the parent material, LaNbO4 and Ce1–xLaxNbO4+δ
show an initial decrease in the total conductivity on decreasing the p(O2), before
plateauing over a broad range of partial pressures [191][110][275]. However, only
CeNbO4+δ and its derivatives show a second decline in the conductivity under re-
ducing conditions. As per Figure 7.4, the conductivity of CeNbO4+δ is stable be-
tween ≈10–3 to ≈10–9 atm, which reduces more abruptly at 950 °C than at 850 °C.
Conversely the conductivity of Ce0.9Sr0.1NbO4±δ shows only a single low partial
pressure decline, remaining stable between 1 atm and ≈10–11 and ≈10–8 atm at 850
°C and 950 °C respectively. Similarly this is more rapid at the higher temperature,
however the decrease appears smaller over the partial pressure range studied.
An increase in the total conductivity with increasing partial pressure is indicative
of p-type electronic conductivity. For ortho-LaNbO4 (Chapter 2, Section 2.2.2) the
increase is consistent with the filling of oxygen vacancies, which becomes more signif-
icant with increasing temperature above 800 °C [110] (Eq. 7.7). For CeNbO4+δ and
its derivatives, the initial reduction in total conductivity from 1 atm is associated
with the reduction of holes on the cerium site and removal of oxygen excess (inverse
Eq. 7.10). The magnitude of the decrease was found to be significantly higher for
measurements conducted on the monoclinic polymorph (650 °C and 700 °C, Figure
7.5) which, as Chapter 5 showed, exhibits notable non-stoichiometry, therefore re-
flecting the high interstitial content [263]. The decline in magnitude then reduces
when CeNbO4+δ undergoes the transition to tetragonal symmetry, however exhibit-
ing higher conductivities within the plateau, which was suggested to represent an
intrinsic anti-frenkel regime (Eq. 7.16) or involve cation-vacancy site mixing reac-
tions. However unlike the monoclinic phase, the initial declining slope of the total
conductivity does not follow the p(O2)
1
6 dependence predicted by Eq. 7.23 and it
was further observed that the ionic transference numbers decreased, suggesting more
complex behaviour.
A number of explanations have been proposed for the second decline in conductivity
at reduced oxygen partial pressures. Initially it was believed that CeNbO4+δ might
transition to a less conductive stoichiometric monoclinic phase, this was inferred
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Figure 7.4: Total conductivity of Ce0.9Sr0.1NbO4±δ (top) and CeNbO4+δ (bottom) as a function
of oxygen partial pressure (p(O2)= 1-10
–16 atm). Experimental details may be found in Chapter
3, Section 3.8.1, data for CeNbO4+δ were extracted from [191].
Figure 7.5: Oxygen partial pressure dependence of the total conductivity of monoclinic and
tetragonal CeNbO4+δ, adapted from [263].
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from earlier diffraction studies which showed an absence in the I41/a transition
when CeNbO4+δ was heated under vacuum [191][190]. However later in-situ studies
found this not to be the case, and more significantly the decline is also observed for
the monoclinic phase [263] (Figure 7.5). Another possibility is that CeNbO4+δ like
CeVO4 decomposes to a cation deficient Ce1–xNbO4±δ + CeO2–δ phase mixture
[283]. Although x-ray diffraction measurements have not identified a CeO2 phase
within the detection limits of the technique, the most intense reflection of CeO2
overlaps with the (131) reflection of CeNbO4+δ and if present would likely be in
small quantities [263][281].
Equations 7.1 to 7.22 provide proposed defect reactions with their corresponding
electroneutrality conditions and equilibrium constants (K). For Ce0.9Sr0.1NbO4±δ
an additional term representing the equilibrium between hole and vacancy dopant
compensation under an extrinsic regime is included in the total electroneutrality
condition (Eq. 7.22). At high oxygen partial pressures the electroneutrality con-
dition is expected to reduce to Eq. 7.11. The concentration of electron holes and
oxygen interstitials, and therefore the conductivity obtained by substitution of Eq.
7.11 into 7.12, is given by Eq. 7.23. This shows the conductivity should have a
p(O2)
1
6 dependence, which is followed by monoclinic CeNbO4+δ, but is completely
absent for Ce0.9Sr0.1NbO4±δ as per Figure 7.4.
Extrinsic:
Hole compensation:
1
2
O2(g) + 2SrO + Nb2O5
[CeNbO4]
2Sr′Ce + 2Nb×Nb + 8O×o + 2h (7.1)
[Sr′Ce] = h (7.2)
KH = [A
′]p (7.3)
Oxygen Vaccancies:
2SrO + Nb2O5
[CeNbO4]
2Sr′Ce + 2Nb×Nb + 7O×o + Vo (7.4)
2[Vo ] = [Sr
′
Ce] (7.5)
KV = [A
′][Vo ] (7.6)
Overall:
Vo + 2[A
′] + 1
2
O2 ↔ O×o + 2h + 2[A′] (7.7)
[A′] = 2[Vo ] + p (7.8)
K =
p2
[Vo ]p(O2)
1
2
(7.9)
Non-Stoichiometric:
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Oxidation:
1
2
O2 ↔ O′′i + 2h (7.10)
2[O′′i ] = p (7.11)
KO =
[O′′i ]p2
p(O2)
1
2
(7.12)
Reduction:
Oo ↔ 1
2
O2 + Vo + 2e
′ (7.13)
2[Vo ] = n (7.14)
KR = p(O2)
1
2 [Vo ]n
2 (7.15)
Intrinsic Disorders:
Anti-Frenkel:
O×o ↔ Vo + O′′i (7.16)
[Vo ] = [O
′′
i ] (7.17)
KAF = [Vo ][O
′′
i ] (7.18)
Electronic:
0↔ e′ + h (7.19)
p = n (7.20)
KE = pn (7.21)
Total Electroneutrality:
2[Vo ] + p = 2[O
′′
i ] + n + [A
′] (7.22)
Alternatively the behaviour of Ce0.9Sr0.1NbO4±δ can be rationalised by considering
the approximation given by Eq. 7.2 at ’higher intermediate’ p(O2), which repre-
sents an extrinsic regime. This might suggest that the non-stoichiometric region of
tetragonal Ce0.9Sr0.1NbO4±δ corresponding to Eq. 7.10 extends beyond the partial
pressure range measured. It is also possible that minor interstitial concentrations are
present similarly to CeNbO4+δ, but are masked by predominant extrinsic defects.
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[O′′i ] =
(
KOx
4
)1
3
p(O2)
1
6 p = (2KOx)
1
3p(O2)
1
6 (7.23)
p =
(
KH[A
′]
2
)1
2
p(O2)
1
4 (7.24)
[Vo ] =
(
KRed
4
)1
3
p(O2)
– 16 n = (2KRed)
1
3p(O2)
– 16 (7.25)
With decreasing partial pressure the concentration of extrinsic defects will remain
constant, however due to the higher mobility of electron holes, the transition to
Eq. 7.4 will present a decline in the total conductivity given by Eq. 7.24. How-
ever the slope of the total conductivity presented at both 850 °C and 950 °C does
not correspond with this prediction indicating more complex behaviour. Neither is
Eq. 7.24 satisfactory in modelling similar behaviour in CeNbO4+δ arising from a
non-negligible impurity concentration. Due to Ce0.9Sr0.1NbO4±δ containing mixed
valence transition metal cations, Eq. 7.13 is also possible, in which case an increase
in the conductivity is expected according to Eq. 7.25. However this may only be
apparent at much lower partial pressures.
7.2.4 Partial Conductivities
Transport numbers determined by the modified EMF and Faradaic efficiency meth-
ods (Chapter 3, Section 3.8.2-3.8.3) show the tetragonal phase of Ce0.9Sr0.1NbO4±δ
(Table 7.3) to be predominantly an electronic conductor, with only a small ionic
contribution within the temperature range studied. Combining DC measurements
of the total conductivity at p(O2)=0.21 atm with the transference numbers recorded
by the EMF technique, affords Figure 7.6; the partial ionic and electronic conduc-
tivities of the tetragonal phase. Comparison to the parent material which has ionic
transference numbers of 0.434 and 0.422 at 850 °C and 950 °C respectively, indicates
that the enhancement of more than half an order of magnitude is almost exclusively
electronic in nature and is higher than that of CeVO4 [191]. It is also observed
that the ionic transport number increases slightly with temperature, a feature also
reported for CeNbO4+δ and Ce1–xLaxNbO4+δ [191][275].
T (°C) Modified E.M.F Faradaic efficiency method
( p(O2)=1.0/0.21 atm gradient) (p(O2)=0.21 atm)
950 0.117±6 0.11±1
900 0.107±6 0.11±1
850 0.095±6 0.10±1
800 0.086±6 0.08±1
Table 7.3: Ionic transference numbers of Ce0.9Sr0.1NbO4±δ determined by a modified E.M.F
technique and Faradaic efficiency method, in each case the electrode polarization was considered,
Chapter 3 Section 3.8.2-3.8.3.
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The dominant charge carriers at intermediate temperatures corresponding to the
monoclinic polymorphs of CeNbO4+δ and Ce0.9Sr0.1NbO4±δ are a combination of
Ce4+ holes and oxygen interstitials generated by the redox processes identified in
Chapter 5 and previous work [191][263][259][325]. However the concentration of
these defects reduces significantly on passing the phase transition. The dominant
charge carriers that afford the almost exclusively electronic enhancement in the
total conductivity of Ce0.9Sr0.1NbO4±δ presented in Figure 7.6 can be attributed to
extrinsically generated holes on the cerium sublattice. This is supported by in-situ
XANES measurements (Chapter 5, Section 5.2.3) which show that on passing the
phase transition, the Ce4+ content is equivalent to that of the as-prepared material
and that expected from the electroneutrality condition given in Eq. 7.2. Although
XANES, x-ray diffraction and thermogravimetric analysis indicated the tetragonal
form of Ce0.9Sr0.1NbO4±δ may have slight oxygen deficiency (≈δ=-0.005), the level
is too low to exclude from experimental uncertainty and may reflect uncertainty of
the δ=0.08 second phase content.
An extrinsic regime is further supported by Figure 7.4 which shows that the con-
ductivity plateau extends to ambient partial pressures corresponding to Figure 7.6.
Conversely Figure 7.6 also indicates that the dominant charge carriers of the tetrag-
onal phase of the parent material at ambient pressures arise from Eq. 7.10. Whilst
the slope of the decline doesn’t follow a p(O2)
1
6 dependence it nevertheless indicates
that the tetragonal form contains both holes and oxygen excess which dominate
the concentration of thermodynamic defects. This is further supported by previ-
ous XANES measurements of CeNbO4.25 and CeNbO4.08 which showed ≈10-20%
of the cerium sites occupied the tetravalent state when heated to the transition
temperature 750 °C [259].
It is curious that the ionic conductivities between CeNbO4+δ and Ce0.9Sr0.1NbO4±δ
are so remarkably similar, despite the differing suggested mechanisms of interstitial
transport in CeNbO4+δ and transport via intrinsic defects in Ce0.9Sr0.1NbO4±δ.
This implies the transport mechanism is similar between the two systems. On the
contrary, the higher activation energy for ionic conductivity in Ce0.9Sr0.1NbO4±δ
compared to CeNbO4+δ could indicate differing mechanisms, and is expected to be
higher if the mechanism involves intrinsic disorder in which an additional enthalpy
term in the Arrhenius equation represents defect generation. Whilst the total con-
ductivity of Ce0.9Sr0.1NbO4±δ may be dominated by p-type electronic contributions,
Ce0.9Sr0.1NbO4±δ may also contain interstitial content at ambient p(O2), which is
masked in Figure 7.4 due to the dominant extrinsic carriers. In this case the ionic
conductivity would be similar for the two compositions, and the higher activation
energy may reflect the reduced cell volume of Ce0.9Sr0.1NbO4±δ (331.65 A˚3) com-
pared to CeNbO4+δ (334.27 A˚
3) (Chapter 5, Section 5.3.2). However no such evi-
dence of interstitial content was found via XANES or other measurements presented
in Chapter 5. The ionic transference numbers of Ce0.9Sr0.1NbO4±δ, CeNbO4+δ and
Ce1–xLaxNbO4+δ increase with temperature, likely representing an increase in oxy-
gen mobility or an increase in the concentration of mobile charge carriers arising
from intrinsic disorder [191][275].
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Figure 7.6: Partial ionic and electronic conductivities of tetragonal Ce0.9Sr0.1NbO4±δ and
CeNbO4+δ determined by combining transport numbers recorded using a modified EMF
technique (Table 7.3) with 4-probe DC measurements of the total conductivity under dry air
(p(O2)=0.21 atm). CeNbO4+δ partial conductivities were determined by the same measurements
except transference numbers were obtained with a p(O2) gradient of 0.93/0.21 atm.
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7.2.5 Hole mobility
From Eq. 7.26 the mobility of electronic defects may be estimated from independent
measurements of the electronic conductivity (σ) and charge carrier concentration (n)
[392][393][394]. The Arrhenius behaviour of the electronic conductivity (Figure 7.6)
is indicative of semi-conducting behaviour, which may arise from either an expo-
nential increase in charge carrier concentration or carrier mobility. Because the
electronic transference numbers remain fairly static with increasing temperature,
significant contributions in charge carrier concentration by intrinsic ionisation (Eq.
7.19) are suggested to be minimal; instead the Arrhenius type behaviour may rep-
resent an increase in charge carrier mobility.
µH =
σ
ne
(7.26)
It is inferred from combined XANES and neutron diffraction at 800 °C (Chapter 5,
Section 5.2.3 and 5.3.2) that the charge carrier concentration in Ce0.9Sr0.1NbO4±δ
is proportional to the concentration of extrinsically generated holes given by the
electroneutrality condition Eq. 7.2. This assumes the concentrations of any intrin-
sic electronic defects are negligible in comparison to extrinsic defects, and valence
defects resulting from Eqs. 7.10 and 7.13 that result in non-stoichiometry on the
oxygen sublattice are also negligible. The latter is inferred from both the p(O2)
dependence in the total conductivity (Figure 7.4) and TOF neutron diffraction re-
finement which showed tetragonal Ce0.9Sr0.1NbO4±δ to be virtually stoichiometric.
From Eq. 7.26 the hole mobility of Ce0.9Sr0.08NbO4 (the composition of which is
inferred from TOF neutron diffraction) at 800 °C is 5.5 x 10–4 cm2V s–1. Small
polaron conduction is distinguished from broad band and large polaron mechansims
by characteristic mobilities between ≈10–4-0.1 cm2 V s–1 which increase with tem-
perature exponentially according to Eq. 7.27. Where the pre-exponential term is
a function of the probability of an adjacent equivalent site being of the opposite
valence (1-x), the jump distance (a) and the lattice vibrational frequency (ν0), and
EH is the activation energy associated with the hopping mechanism which ranges
between 0.1-0.4 eV.
Small Polaron Mobility: µsp = C · e
(
–EH
kT
)
(7.27)
C =
g(1 – x)ea2ν0
kT
(7.28)
Assuming the carrier concentration is independent of temperature a small polaron
mechanism is further indicated by Figure 7.7, which shows an activation energy for
the presumed hopping mechanism of 0.25 eV. Due to the ambiguity of the exact
Ce4+ concentration, an uncertainty would be associated with the calculation and
reflect the XANES measurements recorded at 800 °C. It should be noted that to
confirm a small polaron mechanism, measurement of the Hall mobility and Seebeck
212 Chapter 7. Transport properties of Ce1–xAxNbO4±δ
coefficient are desirable, however using these initial approximations the mechanism
may be indicated.
Figure 7.7: Mobility of electronic charge carriers (holes) in Ce0.9Sr0.1NbO4±δ estimated by the
electronic conductivity and XANES measurements. Compensatory holes are assumed to be the
majority defects, the concentration of which is further assumed to be independent of temperature.
Unlike ’classic’ covalent or elemental semi-conductors where electrons and holes may
be considered quasi-free particles, coulomb interactions between electrons and polar
crystals result in trapping effects. A polaron is a defect created when an electronic
carrier becomes trapped as a consequence of the displacement of neighbouring atoms.
On application of an electric field the whole polaron moves, consequently the energy
requirement is greater due to its large effective mass. When the interaction radius is
weak and larger than the lattice constant, a large polaron is defined which behaves
similarly to free electron carriers where mobility as a function of temperature is
limited by phonon and impurity scattering. Small polarons however are common
in transition metal oxides and result from strong interactions with the lattice, with
dimensions that are smaller than the cell parameter. The electron or hole migrates
by an activated hopping process and experiences strong electron-phonon coupling.
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7.3 Proton conductivity of Ce0.9Sr0.1NbO4±δ
7.3.1 Total Conductivity
The total conductivity of Ce0.9Sr0.1NbO4±δ under humidified conditions was
recorded to investigate the potential for proton conduction, which is expected if anal-
ogous behaviour to the ortho rare-earth niobate series is exhibited. Analysis of the
charge compensation mechanisms (Chapter 4) showed under oxidising conditions the
dominant defects are electron holes, therefore the absorption of protonic defects ac-
cording to. Eq. 7.29 is expected to be negligible, unless more exotic defect reactions
outlined in Chapter 1 (Section 1.3.1) are occurring. Therefore Ce0.9Sr0.1NbO4±δ
was prepared according to Chapter 6, Section 6.3.2 by reducing as-prepared powders
under 5% H2/N2(g) followed by sintering under argon, with the aim of at least par-
tially reducing the compensatory Ce4+ valence to facilitate Eq. 7.29. AC impedance
spectroscopy was performed on three separate dense disks of Ce0.9Sr0.1NbO4±δ un-
der both dry N2(g) and wet N2(g) (p(H2O) ≈0.024 atm), with the use of a drying
column and water bubbler respectively. In each case, data were collected under both
a heating and cooling regime.
H2O + Vo ↔ 2OH (7.29)
KHyd =
[OH ]
p(H2O)[Vo ]
(7.30)
Figure 7.8 shows the total conductivity of Ce0.9Sr0.1NbO4±δ under dry N2(g) is lower
than equivalent measurements recorded under dry air, reflecting both the removal of
compensatory Ce4+ by reductive annealing and inhibition of further redox processes
with heating. This is accompanied by an increase in the activation energy between
100-700 °C from 0.284 eV to 0.345 eV, which is replicable on cooling. The total con-
ductivity under humidified conditions is initially similar to the dry state, however
with progressive heating above 150 °C, gains half an order of magnitude enhance-
ment indicative of the absorption of protonic defects. Although proton mobility
is not expected to be significant at such low temperatures, the large cell volume of
Ce0.9Sr0.1NbO4±δ (331 A˚3) and (or) a more negative hydration enthalpy may enable
appreciable proton transport and account for the initial rise in the conductivity.
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Figure 7.8: Total conductivity of Ce0.9Sr0.1NbO4±δ (pre-annealed under 5% H2/N2(g) for 5
hours and sintered under Ar(g)) recorded under wet and dry N2(g), every 50 °C on both heating
and cooling.
With further heating the difference between the conductivity recorded under dry
and wet N2(g) decreases, if similar behaviour to RENbO4 is occurring then dehy-
dration is expected above ≈1000 °C [189]. Whilst the magnitude enhancement is
lower than that previously reported for ortho-LaNbO4 (which shows one order of
magnitude enhancement), numerous factors may account for this [189]. For example
the concentration of mobile protons depends on the extrinsic defect concentration
and interactions, hydration enthalpy, p(H2O), duration of equilibration with the gas
stream and is also sensitive to secondary phases, structural distortions and the mi-
crostructural properties. Furthermore a protonic contribution in the dry state may
result from absorption from the atmosphere prior to experimentation.
7.3.2 H+/D+ Isotope effect
A clear indication of proton conduction by Grotthius diffusion is via evidence of an
H+/D+ isotope effect in the total conductivity, which is virtually absent for vehic-
ular transport. Owing to the greater reduced mass (µ) of O-D bonds over O-H,
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the vibrational frequencies of deuterated species show a characteristic shift to low
frequency (ω), with a H+/D+ ratio between 1.373-1.414 (Eq. 7.31). Therefore the
classic model predicts upon exchange of protons with deuterons, the mobility will
reduce by the same factor, since the attempt frequency of proton hops by both rota-
tional diffusion and proton transfer (Chapter 1, Section 1.3.2) are highly correlated
with lattice dynamics [395][39].
ω
O H
ω
O D
=
√√√√(µO D
µ
O H
)
(7.31)
EO,H/D =
1
2
hνH/D (7.32)
However this prediction fails to account for several experimental observations of
H+/D+ exchanged HTPC’s. Instead the semi-classical model suggests that as a
consequence of their different vibrational frequencies (νH/D) the zero-point energy
of the vibrational ground state is lower for deuterons compared to protons (Eq.
7.32). This predicts an increase in the energy barrier and subsequent activation
energy for D+ hopping by 0.054 eV, and a decrease in the pre-exponential factor for
conductivity of 1.374-1.414 [395]. The pre-exponential factor is given by Eq. 7.33,
where z is the number of jump directions, λ is the jump distance, e is the electronic
charge, ν0 is the vibrational frequency, ceff is the effective concentration of carriers
allowing for association, and υ is the unit cell volume. Experimentally however, it is
found that the activation energy increase is typically lower and can range between
0.03-0.06 eV, whilst the pre-exponential factor for D+ conduction can be higher by
as much as 1.72 which must arise from an increase in the effective concentration
term [395][396].
A =
zλ2e2ν0ceff
6υk
(7.33)
The total conductivities of Ce0.9Sr0.1NbO4±δ under dry N2(g) and deuterated N2(g)
were equivalent on heating, however under a cooling regime as per Figure 7.8, the
conductivity is intermediate between dry and wet (H2O) N2(g), indicating a H
+/D+
isotope effect. In agreement with previous experimental findings of other proton
conductors, the activation energy increases by 0.023 eV and the pre-exponential
factor for the proposed D+ conduction increases by a factor of 1.69 compared to H+
conduction.
The cause for the anomalous lack of an H+/D+ isotope effect on heating may be
attributable perhaps, to slow surface exchange. Although H+/D+ isotope effects
centred around the dissociative absorption of water on proton conducting metal
oxide surfaces and monolayers is lacking in the literature, several studies have hinted
at H+/D+ effects with regards to both absorption and surface diffusion processes
from H2O/D2O and H2/D2 gas streams [395][397][398]. Furthermore in several
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metallic systems it is suggested that quantum mechanical effects such as surface
tunnelling can exhibit extreme isotope effects [399]. Exchange of H+ with D+ in
the bulk of some metal oxide systems is also shown to be slow, therefore the exchange
of protons absorbed onto surface layers from the atmosphere may also be slow [400].
However why the isotope effect is only observed under a cooling regime specifically
remains unclear.
7.3.3 Equilibration
The concentration of protons has a temperature dependence denoted by the equi-
librium constant for the hydration reaction (Eq. 7.30); the kinetics associated with
this reaction will depend on both the surface exchange and bulk diffusion coeffi-
cient for protonic defects, p(H2O), and the sample volume [401][402]. Therefore
the saturation limit, which is dependant on both thermodynamic parameters and
microstructural or crystallographic properties is only attained after several hours of
equilibration. For example Norby et al reported that the saturation limit of 0.005
mol% doped LaNbO4 was only attained after equilibrating in wet air for over a
week [233], and furthermore retains a significant concentration of protons as shown
by FT-IR spectroscopy after annealing in vacuum at 900 °C [209].
Figure 7.9: Conductivity of Ce0.9Sr0.1NbO4±δ recorded for ≈5 hours at 300 °C under wet N2(g).
Figure 7.8 shows the total conductivity of Ce0.9Sr0.1NbO4±δ under H2O/N2(g) in-
creases further on cooling. This could reflect the kinetics associated with water
absorption, however the equilibrium constant for the hydration reaction decreases
with temperature reflecting the negative hydration enthalpy term (Chapter 1, Eq.
1.38). Alternatively anisotropy between hydration and dehydration kinetics could
account for this behaviour, as previously reported in [403]. Crystallographic or mi-
crostructural changes that occur in the tetragonal regime, or changes to surface ter-
mination may alter the mobility or absorption reaction respectively, however further
experimentation would be required to probe these speculations. Another possibility
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is Ag diffusion from the electrodes at high temperature (≈700 °C) creating a more
conductive phase; however the conductivity was reproducible between heating and
cooling under dry N2(g).
Ce0.9Sr0.1NbO4±δ was then equilibrated again under H2O/N2(g) at 300 °C for ≈5
hours (Figure 7.9) and the conductivity increased from 6 x 10–3 S cm–1 (under the
cooling regime, Figure 7.8) to 4 x 10–2 S cm–1 becoming greater than the total con-
ductivity of Ce0.9Sr0.1NbO4±δ under oxidising conditions at the same temperature
(5.8 x 10–3 S cm–1 ). Such behaviour is indicative of a saturation threshold being
reached, and if purely protonic would represent a remarkable increase in the total
conductivity relative to the best proton conductor of the rare earth series ortho-
LaNbO4, which is not entirely unexpected given the higher dopant solubility [189].
Whilst the activation energies presented in Table 7.4 are representative of proton
transport, they are also representative of Ce0.9Sr0.1NbO4±δ under oxidising condi-
tions and therefore difficult to distinguish from predominantly electronic transport.
Ea (eV) Dry N2 T(°C) Wet N2 T(°C) Wet N2 T(°C) D2O
(Heat) (cool)
100-250 0.3 100-200 0.249 100-250 0.296 100-250 2.96
300-400 0.373 250-500 0.303 300-500 0.288 300-500 3.18
450-700 0.348 550-700 0.302 550-700 0.264 550-700 2.52
Table 7.4: Activation energies associated with the total conductivity of Ce0.9Sr0.1NbO4±δ
presented in Figure 7.8.
The Arrhenius plot of the total conductivity of Ce0.9Sr0.1NbO4±δ under wet and dry
N2(g) presents two discontinuities in the slope (Table 7.4). Unlike Ce0.9Sr0.1NbO4±δ
under oxidising conditions where the activation energies that change at ≈300 °C and
≈700 °C are attributable to the onset of the modulation and tetragonal transition
respectively, under N2(g) the oxidation is suppressed and Table 7.4 presents little
difference upon the introduction of water. Measurements were not performed to
high enough temperature to observe the effect of the tetragonal transition on the
activation energy, however the change in slope between ≈300-500 °C does correspond
reasonably with the abrupt change in cell parameters observed by in-situ X-ray
diffraction of pre-annealed (5% H2/N2(g)) Ce0.9Sr0.1NbO4±δ under N2(g) between
400-500 °C (Chapter 5, Section 5.4.2). Because the cell volume is closely associated
with the cerium valence, the discontinuity may represent an ordering effect on the A
site sublattice, and could potentially have a relation to the onset of modulation under
oxidising conditions given the similarity in temperature between the two processes.
It may further reflect mixed valency in reduced Ce0.9Sr0.1NbO4±δ which is expected
given the results of TOF neutron refinement and the p(O2) dependency on the total
conductivity. Although beyond the scope of this work, further investigation would
be required to examine the origin of this effect.
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7.3.4 AC Impedance Spectroscopy
Similarly to measurements performed under static air (Figure 7.1), the low temper-
ature data present a half teardrop shaped response and a lower frequency symmetri-
cal semicircle. Under both dry and wet N2(g) however this response is considerably
larger in relation to the Gerischer-like response when compared to oxidising condi-
tions, and in turn is smaller under wet conditions than under dry conditions (Figure
7.10). With heating both responses merge and overlap, and at 400 °C and 300 °C
under dry and wet conditions respectively, the Nyquist plots present a single very
flattened semicircle only, again the high frequency intercept was taken to represent
the total sample resistance.
Closer inspection of the semicircle at the low frequency side of the spectrum reveals
it displays asymmetry and therefore as per Figure 7.10 the low temperature data
(100-150 °C) collected on Ce0.9Sr0.1NbO4±δ under wet N2(g) under a heating regime
was modelled by an equivalent circuit constructed by placing a Gerischer element
in series with a resistor and two parallel R-CPE elements. Results of the fitting
reveal a mid-frequency arc with a capacitance of ≈10–7 F and a low frequency arc
with a capacitance common to a grain boundary response of ≈10–8 F. Therefore in
deducing the total resistance of the sample, the low frequency intercept was used,
and it is argued that the capacitance of this feature is sufficiently small to attribute
to a sample process. Between 200-250 °C a single semi-circle is presented with an
apparent ≈45° high frequency slope, for which the circuit was reduced to a resistor
and Gerischer element in series with a single parallel R-CPE element, the latter of
which had a capacitance in the order of ≈10–7 F. From 300 °C the single flattened
arc could be modelled with a resistor in series with a single parallel R-CPE element,
yielding a capacitance in the order of ≈10–5 F, similarly to Ce1–xAxNbO4±δ under
oxidising conditions.
On cooling this feature is apparent until 200 °C, and between 150-100 °C the spec-
trum can once more be fitted with a Gerischer element in series with a resistor and
two parallel R-CPE elements, again yielding a mid-frequency and low frequency
response with respective capacitances of ≈10–7 F and ≈10–8 F. Discounting the
Gerischer like response or the response with a capacitance of ≈10–8 F gave dis-
tinctively non-Arrhenius behaviour, therefore the current methodology is assumed
appropriate.
As Figure 7.10 shows, on cooling the Gerischer like response is largely representa-
tive of the equivalent data collected on heating, whilst the low frequency intercept
with the real axis reduces considerably and indicates the increase in the conductivity
observed may be associated with that feature. Under dry conditions the same equiv-
alent circuit was applied, however it was found that the lowest frequency arc had a
capacitance of ≈10–8 F up to 350 °C, and likely overlaps with the ≈10–7 F response
found in the mid frequency region under wet conditions. The spectra presented on
both heating and cooling under wet N2(g) may therefore reflect a reduction in the
grain boundary resistance on exposure to humidified conditions. The observation of
the ≈10–8 F response is consistent with the preparation method of sintering under
argon, which as Chapter 6 showed was accompanied by a reduction in the average
grain size from 60.6 µm to 7.51 µm relative to sintering under air. The appearance
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Figure 7.10: Nyquist representation of the real (Z’) and imaginary (Z”) impedance of
Ce0.9Sr0.1NbO4±δ recorded under wet and dry N2(g). Equivalent circuit models and their
corresponding fits to the experimental data are presented. The spectrum at 150 °C under wet
N2(g) on cooling exhibited strong overlap and could not be appropriately modelled.
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of a feature associated with the grain interfaces may be expected if they are resis-
tive to non protonic species, and the reduction in the resistance will likely reflect
the accumulation of defects or presence of space charge regions where conduction
is favourable. Although the effects of secondary phases cannot be discounted, and
further work would be necessary to attribute the enhancement to this speculation.
Unfortunately this feature cannot be resolved to high enough temperature to in-
vestigate further. Specifically the origin of the Gerischer like response is unknown,
however it may indicate MIEC behaviour.
7.3.5 Thermogravimetry
Thermogravimetric analysis was performed under humidified atmospheres to provide
further evidence in support of protonic charge carriers in Ce0.9Sr0.1NbO4±δ. Air-
Sintered pellets were ground into a fine powder and annealed in air at 1100 °C
for 2 hours followed by slow cooling to room temperature at 2 °C min–1. TG
measurements were then performed at 10 °C min–1 between 25-1000 °C under both
dry and humidified argon gas flow. As Figure 7.11.A shows, between 200 °C and
≈650 °C Ce0.9Sr0.1NbO4±δ gains mass unseen in the curve obtained under dry
argon, attributable to uptake of water from the gas stream.
After sintering and annealing in air, Ce0.9Sr0.1NbO4±δ would have certainly trans-
formed to an oxygen hyperstoichiometric phase, whilst the exact value of δ is not
known, from Chapter 5 (Section 5.2.4) it is inferred to be between δ=0.08-0.25. Re-
moval of any hyperstoichiometry is expected upon heating under inert atmospheres,
however whilst this treatment is effective at reducing small quantities of the δ=0.08
in as-prepared Ce1–xSrxNbO4±δ, reduction of significant oxygen excess is unknown
(Chapter 4, Section 4.2.1). Although the TG curve under dry Ar(g) shows a very
small mass loss perhaps consistent with some minor Ce4+ - Ce3+ reduction (-0.03%
25-600 °C) it is otherwise flat and shows that the majority of the oxygen excess is
retained, most likely due to the rapid ramp rate employed. Oxygen excess is also
indicated by the large mass loss of ≈0.83 % at the onset of the tetragonal transition
(dry Ar(g)), which corresponds to the reduction of a δ=0.16 stoichiometry, if the
tetragonal phase is assumed to be stoichiometric (Chapter 5, Section 5.2.3).
Absorption into the bulk is confirmed by Figure 7.11.B, which presents the total
DC conductivity of Ce0.9Sr0.1NbO4±δ at the monoclinic-tetragonal transition un-
der wet and dry N2(g). Both the TG and DC data show that the respective mass loss
and decrease in total conductivity under humidified atmospheres, occur at approxi-
mately the same temperature of ≈650 °C. This suggests that water gained from the
atmosphere is responsible for the increase in conductivity, however it also suggests
that dehydration occurs abruptly and at a much lower temperature than LaNbO4
(>1000 °C) or pre-reduced Ce0.9Sr0.1NbO4±δ (Figure 7.8), and furthermore implies
a different conduction mechanism is in operation [189]. Oxygen site deficiency that
is responsible for Eq. 7.29 is expected to be negligible and determined by concentra-
tion of thermodynamic defects (e.g. Eq. 7.16) the concentration of which increases
with temperature, and which may account for the small enhancement observed.
However because dehydration corresponds to the onset of the tetragonal transition,
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Figure 7.11: A: TGA of Ce0.9Sr0.1NbO4±δ under wet (p(H2O)=0.035 atm) and dry argon, dry
air is shown for comparison. Sintered specimens were ground and annealed in air at 1100 °C for 2
hours. B: Total conductivity of Ce0.9Sr0.1NbO4±δ across the monoclinic to tetragonal transition
under wet (p(H2O)=0.035 atm) or dry N2(g), data were collected in a cooling regime.
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this indicates the mechanism is perhaps correlated with oxygen content, which is
rapidly lost as the symmetry increases.
H2O + 2O
×
o = 2OHo + O
′′
i (7.34)
H2O + 2h + 2O
×
o = 2OHo +
1
2
O2(g) (7.35)
The TG curve presents two peaks at ≈460 °C and ≈587 °C, potentially reflecting dif-
ferent proton environments with dissimilar dehydration characteristics and therefore
equilibrium constants which are further dependant on enthalpy and entropy terms
for the dissociative absorption reaction. This may result from phases with perhaps
different dopant contents, or structural chemistry and may even reflect the different
stoichiometries of the presumed δ=0.08-0.25 phase mixture. Speculated defect re-
actions to explain the mechanism of proton absorption in an oxygen excess material
are given by Eqs. 7.34-7.35. Although not exclusive to the monoclinic phase, Eq.
7.34 for example may be more facile for the modulated structure particularly if the
proton preferentially binds to oxygen interstitials (OiH ).
Alternatively Figure 7.11.A may represent surface and bulk absorption, which
was suggested from thermogravimetry performed under CO2(g) on pre-reduced
Ce0.9Sr0.1NbO4±δ (Chapter 6, Section 6.4.2) which showed a two-step mass loss
between 25-400 °C and 400-700 °C as observed in many proton conducting oxides
[404][371][372]. Comparison of the dehydration temperatures between the two TG
curves and therefore oxidised and reduced Ce0.9Sr0.1NbO4±δ is not possible because
under CO2(g) Ce0.9Sr0.1NbO4±δ gained mass.
The total conductivity of Ce0.9Sr0.1NbO4±δ recorded by AC impedance spec-
troscopy under air (Figure 7.12.A), where Ce0.9Sr0.1NbO4±δ oxidises to a δ=0.08-
0.25 phase mixture shows no enhancement under wet and dry conditions. However
Figures 7.11 and 7.12.A reflect different sample preparations, volumes and experi-
mental conditions. For example, unlike DC conductivity measurements which were
recorded after lengthy equilibration therefore reflecting steady state conditions in
terms of both temperature and defect concentrations, impedance measurements were
performed with 20 minutes equilibration every 25 °C. Furthermore the hyperstoi-
chiometry will be lower in as-sintered samples, and change in response to increasing
temperature under air. Similarly, DC measurements of the tetragonal phase under
air (Figure 7.12.B) show no enhancement consistent with predominant hole dopant
compensation. Further studies are required to investigate the potential for proton
conduction in the hyperstoichiometric phases of Ce1–xAxNbO4±δ, however under
oxidising conditions these preliminary results may indicate Ce1–xAxNbO4±δ ex-
hibits opposite behaviour to ortho-LaNbO4 in which the higher symmetry of the
tetragonal transition is reflected in the mobility of protonic defects [189].
Figures 7.12.C and 7.12.D show that the addition of alkaline earth cations combined
with reductive pre-annealing contributes to the enhancement observed in Figure 7.8,
and can be rationalised by improvement of oxide basicity and greater defect concen-
trations via Ce4+ reduction. The parent material shows only a very small enhance-
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Figure 7.12: Total conductivity of Ce0.9Sr0.1NbO4±δ and CeNbO4+δ under humidified
atmospheres with different pre-annealing treatments. A: Total conductivity of Ce0.9Sr0.1NbO4±δ
recorded under wet and dry air via AC impedance spectroscopy. B: Total conductivity of
tetragonal Ce0.9Sr0.1NbO4±δ and CeNbO4+δ recorded by 4-probe DC method. C: Total
conductivity of Ce0.9Sr0.1NbO4±δ under wet and dry N2(g) previously sintered under air and
reduced under Ar(g) for 12 hours at 800 °C. D: Total conductivity of CeNbO4+δ first annealed
under 5% H2/N2(g) for 5 hours followed by sintering under argon.
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ment relative to the dry state, similarly to un-doped LaNbO4 under reducing con-
ditions [230]. The temperature range of this small protonic contribution is broadly
similar between the two materials, however the total conductivity of CeNbO4+δ is
still more than 2 orders of magnitude greater than LaNbO4, suggesting electronic
contributions to the total conductivity despite the reductive pre-anneal and inert
gas stream employed.
7.4 Proton conductivity of Ce1–xAxNbO4±δ
7.4.1 Ce1–xAxNbO4±δ
The total conductivity of Ce1–xSrxNbO4±δ (x=0.05, 0.2) under wet and dry N2(g) in
comparison to Ce0.9Sr0.1NbO4±δ is presented in Figure 7.13.A. Correlation between
the conductivity and physical parameters is complicated because neither the grain or
bulk conductivities are known over operational temperatures of interest, and whilst
the processing conditions employed are expected to alter the defect chemistry, this is
yet to be quantified. Therefore the data is presented for the purposes of illustrating
the potentially better properties of Ce0.9Sr0.1NbO4±δ in relation to other composi-
tions of Ce1–xAxNbO4±δ. For example Figure 7.13.A shows that under wet N2(g) the
conductivity and relative enhancement increases in the order Ce0.95Sr0.05NbO4±δ
<Ce0.8Sr0.2NbO4±δ <Ce0.9Sr0.1NbO4±δ which will reflect both the mobility and
concentration of protonic defects, and furthermore any electronic contributions.
Conversely to ortho-LaNbO4 where the conductivity shows an inverse relationship
with dopant concentration, Ce0.9Sr0.1NbO4±δ is the most conductive. However
under dry conditions the conductivity of Ce1–xSrxNbO4±δ increases with increasing
dopant concentration and therefore likely hole concentration [231]. The behaviour
differs from oxidising conditions where the conductivity of Ce0.9Sr0.1NbO4±δ was
greater than Ce0.8Sr0.2NbO4±δ over the entire temperature range studied. Figure
7.13.A likely reflects the different microstructures that argon sintering affords, in
which the second phase (EDXS indicated a composition between Sr2Nb2O7 and
SrNb2O6) was more particulate like as opposed to dispersed as a liquid at the grain
boundary, which was significant for Ce0.8Sr0.2NbO4±δ due to its large Sr2Nb2O7
phase fraction.
Conversely the conductivity of Ce1–xCaxNbO4±δ presented no significant difference
between wet and dry atmospheres (Figure 7.13.B). Ce1–xCaxNbO4±δ was prepared
by annealing as-prepared powders under wet 5% H2/N2(g) followed by sintering un-
der argon, although any absorbed protons are expected to dehydrate, defects that
are retained in small concentrations could account for the absence of an enhancement
under wet N2(g) at intermediate temperatures. Above ≈600 °C the conductivity of
Ce0.9Ca0.1NbO4±δ under wet N2(g) is higher than dry N2(g) which could potentially
reflect absorption and dehydration respectively. However measurements repeated on
air sintered samples that were then annealed under dry 5% H2/N2(g) prior to record-
ing the conductivity show no enhancement. Furthermore whilst the conductivity of
Ce0.9Ca0.1NbO4±δ is again slightly higher under wet N2(g) at high temperature,
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Figure 7.13: A: The total conductivity of Ce1–xSrxNbO4±δ under dry and humidified N2(g),
samples were prepared by annealing under 5% H2/N2(g) for ≈12 hours followed sintering under
Ar(g). B: The total conductivity of Ce1–xSrxNbO4±δ under wet and humidified N2(g). Samples
were prepared by sintering under air followed by reduction under 5% H2/N2(g) for ≈5 hours (1)
or analogously to Ce1–xSrxNbO4±δ (2). Black solid and dashed lines represent the conductivity
of Ce0.9Sr0.1NbO4±δ under dry and wet nitrogen respectively (Figure 7.8).
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the opposite is observed for Ce0.8Ca0.2NbO4±δ, instead the high temperature be-
haviour could for example reflect degradation of the electrodes which were contacted
by sputter coating. The lower conductivities of Ce1–xCaxNbO4±δ prepared by this
method likely reflect degradation of the microstructure as opposed to a protonic con-
tribution (Chapter 6, Section 6.3.1). The different behaviour of Ce1–xSrxNbO4±δ
and Ce1–xCaxNbO4±δ under humidified atmospheres may be attributable to their
different cell volumes after reduction in 5% H2/N2(g). Of all the Ce1–xAxNbO4±δ
phases studied, Ce0.9Sr0.1NbO4±δ showed the greatest and somewhat anomalous
lattice expansion to 332.41 A˚3, which is comparable to LaNbO4 at 333.44 A˚
3.
The cell volume of all other compositions of Ce1–xSrxNbO4±δ studied in Chapter 4
(x=0.2-0.4) had refined unit cell volumes of ≈324 A˚3, comparable to the parent ma-
terial (324.86 A˚3). The cell volumes of Ce0.9Ca0.1NbO4±δ and Ce0.8Ca0.2NbO4±δ
after reduction were 322.88 A˚3 and 320.82 A˚3 respectively, much lower than LaNbO4
and Ce0.9Sr0.1NbO4±δ. Lattice volume may also account for the conductivity trend
observed for Ce1–xSrxNbO4±δ. As was discussed in Chapter 1, Section 1.3.2, larger
protonic conductivities are associated with oxides with large lattice constants, which
reduces the activation barrier associated with rotational diffusion [34]. However
other members of the rare earth series (RE= Nd, Gd, Tb, Er, Y) have even smaller
lattice constants, and exhibit proton conductivities that decrease across the series
[189]. It should be noted that the relative enhancement between wet and dry con-
ditions for RENbO4 ((RE= Nd, Gd, Tb, Er, Y) has not be published and therefore
a comparison to Ce1–xCaxNbO4±δ cannot be made [189].
Ce1–xAxNbO4±δ Dry N2(g) Wet N2(g)
CeNbO4±δ 0.333 0.342
Ce0.95Sr0.05NbO4±δ 0.359 0.372
Ce0.9Sr0.1NbO4±δ 0.345 0.296
Ce0.8Sr0.2NbO4±δ 0.289 0.286
Ce0.9Ca0.1NbO4±δ1 0.270 0.308
Ce0.8Ca0.2NbO4±δ1 0.301 0.281
Ce0.9Ca0.1NbO4±δ2 0.301 0.323
Ce0.8Ca0.2NbO4±δ2 0.283 0.286
Table 7.5: Activation energies corresponding the total conductivity recorded on Ce1–xAxNbO4±δ
under wet and dry N2(g) between 1-700 °C.
Another factor may be the basicity of the oxides, which will increase with dopant
concentration and likely decrease between strontium and calcium dopants. In per-
ovskite structured proton conductors this is reflected in the hydration enthalpy
term for the dissociative absorption of water. Whilst this may be a contribut-
ing factor to the difference between Ce0.8Sr0.2NbO4±δ and Ce0.95Sr0.05NbO4±δ, it
would fail to account necessarily for the difference between Ce1–xCaxNbO4±δ and
Ce1–xSrxNbO4±δ, given that other calcium doped RENbO4 are proton conductors.
An alternative explanation may be defect trapping arising from both the higher
solubility of calcium and the effectiveness of Ce4+ reduction in Ce1–xCaxNbO4±δ
by reductive annealing, which was suggested from Rietveld refinement of TOF neu-
tron diffraction data collected on Ce0.8Ca0.2NbO4±δ. Both these factors could in
7.4. Proton conductivity of Ce1–xAxNbO4±δ 227
principle increase the concentration of protonic defects relative to Ce1–xSrxNbO4±δ.
Defect association would result in an increase in the activation energy, and this is
expected to be higher for Ce0.8Ca0.2NbO4±δ. However as Table 7.5 shows, the oppo-
site is observed which likely reflects electronic transport due to Ce0.8Ca0.2NbO4±δ
containing more compensatory Ce4+.
7.4.2 Conductivity of Ce0.9–xLaxSr0.1NbO4±δ
Because exposure of Ce0.9–xLaxSr0.1NbO4±δ to 5% H2/N2(g) did not give any sig-
nificant evidence of intergranular fracturing (Chapter 6, Section 6.3.3), to investigate
the conductivity of Ce0.9–xLaxSr0.1NbO4±δ under reducing conditions, samples were
first sintered under air followed by annealing under 5% H2/N2(g) for 24 hours to re-
duce the valence of any compensatory Ce4+. For measurements under oxidising con-
ditions, Pt electrodes were sputter coated onto as sintered Ce0.9–xLaxSr0.1NbO4±δ
to prevent further oxidation. Although Ce0.9–xLaxSr0.1NbO4±δ contains notable
secondary phases the conductivity was probed to provide complementary insight
into the behaviour of Ce1–xAxNbO4±δ.
The total conductivity of Ce0.9–xLaxSr0.1NbO4±δ under oxidising conditions is ex-
pected to decrease relative to Ce0.9Sr0.1NbO4±δ due to the replacement of the
redox active element with lanthanum, and perhaps further reduce due to the in-
clusion of secondary phases at the grain boundaries which are expected to pro-
vide weaker transport properties and also reflect reduction of the dopant and
hole concentration. This is observed in Figure 7.14, for example the conductiv-
ity of Ce0.7Sr0.1La0.2NbO4±δ and Ce0.2Sr0.1La0.7NbO4±δ is 2.6 x 10–2 S cm–1 and
1.4 x 10–3 S cm–1 respectively at 700 °C, notably lower than Ce0.9Sr0.1NbO4±δ
of 5.1 x 10–2 S cm–1 at the same temperature. The higher conductivity of
Ce0.7Sr0.1La0.2NbO4±δ reflects the greater cerium content and subsequent partic-
ipation in redox processes on heating. It is also noted that there is a larger dif-
ferential between the conductivity recorded under air and N2 after reduction for
Ce0.7Sr0.1La0.2NbO4±δ compared to Ce0.2Sr0.1La0.7NbO4±δ. This reflects the dif-
ferent cerium contents and suppression of the oxidised phases that the N2 atmo-
sphere affords. Ce0.9–xLaxSr0.1NbO4±δ doesn’t show any enhancement under oxi-
dising conditions, indicating that the dopant is still largely compensated by cerium
holes.
The replacement of cerium with lanthanum might be expected to enhance protonic
contributions if it reduces the likelihood of hole-dopant charge compensation which
doesn’t appear to be immediately noticeable from the total conductivity recorded un-
der air. Furthermore it might be expected that both compositions would show a sim-
ilar enhancement under wet N2 to Ce0.9Sr0.1NbO4±δ given the equivalent targeted
dopant concentrations. However, only Ce0.2Sr0.1La0.7NbO4±δ is comparable to
Ce0.9Sr0.1NbO4±δ, with Ce0.7Sr0.1La0.2NbO4±δ showing only a very small enhance-
ment. This is surprising given that the solid solubility and secondary phase level
appeared similar between Ce0.7Sr0.1La0.2NbO4±δ and Ce0.9Sr0.1NbO4±δ, whereas
Ce0.2Sr0.1La0.7NbO4±δ showed considerable second phase precipitation particularly
after reductive annealing (Chapter 6, Section 6.3.3). It is possible that the annealing
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Figure 7.14: Total conductivity of as-prepared Ce0.9–xLaxSr0.1NbO4±δ under wet and dry air,
and Ce0.9–xLaxSr0.1NbO4±δ pre-annealed under 5% H2/N2(g) for 24 hours under wet and dry
N2(g). All wet measurements were performed with p(H2O)≈0.024 atm.
process is more effective at reducing compensatory Ce4+ in Ce0.2Sr0.1La0.7NbO4±δ
or the hydration parameters are more favourable. For example whilst the percentage
increase in cell volume on reduction is slightly greater for Ce0.7Sr0.1La0.2NbO4±δ
(0.88%) versus Ce0.2Sr0.1La0.7NbO4±δ (0.63%) perhaps reflecting the greater com-
pensatory Ce4+ resulting from higher dopant solubility, the cell volume of re-
duced Ce0.2Sr0.1La0.7NbO4±δ (331 A˚3) is comparable to Ce0.9Sr0.1NbO4±δ (332
A˚3), whilst that of Ce0.7Sr0.1La0.2NbO4±δ (327 A˚3) is much smaller which as
the literature shows has a significant effect on proton mobility [34]. Alterna-
tively the behaviour may reflect the defect interaction phenomenon observed in
LaNbO4, whereby the conductivity has an inverse relationship with dopant con-
centration, although this wasn’t observed in Ce1–xSrxNbO4±δ (Figure 7.13) [231].
This unexpected behaviour may also arise from factors relating to the microstruc-
ture (e.g. fracturing) which were not investigated in great depth. The conductivity
of Ce0.7Sr0.1La0.2NbO4±δ under N2(g) is still about an order of magnitude greater
than Ce0.2Sr0.1La0.7NbO4±δ which most likely reflects electronic contributions from
cerium.
Ce0.7Sr0.1La0.2NbO4±δ presented no resolved bulk or grain boundary arcs in the ex-
amined temperature range of 3-800 °C under air or N2(g) and therefore further inter-
pretation would be highly speculative. The Nyquist plots of Ce0.2Sr0.1La0.7NbO4±δ
however are significantly more characteristic of polycrystalline ionic conductors, pre-
senting three resolved semi-circles. The activation energy for the total conductivity
reduces quite substantially from 0.694 eV under dry N2(g) to 0.546 eV under wet dry
N2(g). Whilst the activation energy for Ce0.7Sr0.1La0.2NbO4±δ reduces only slightly
(0.348 eV to 0.320 eV) on the introduction of water to the gas stream, the values
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Figure 7.15: Nyquist plot of the real (Z’) and imaginary (Z”) impedance of
Ce0.2Sr0.1La0.7NbO4±δ recorded under dry and humidified nitrogen at 500 °C. The data were fit
with the equivalent circuit presented inset.
are almost half that of Ce0.2Sr0.1La0.7NbO4±δ and likely reflect electronic conduc-
tivity despite the same targeted dopant concentrations and preparation methods
employed.
7.5 Summary and conclusions
Acceptor doping in CeNbO4+δ increases the total conductivity by over an order of
magnitude under oxidising conditions, where the enhancement is almost exclusively
electronic, surpassing that of CeVO4 and reflecting the increase in the concentration
of electron holes which charge compensate the dopant. Ce0.8Ca0.2NbO4±δ was found
to have the highest conductivity of all the Ce1–xAxNbO4±δ compositions studied as
a result of greater solubility of calcium over strontium in this system. Conversely
Ce0.8Sr0.2NbO4±δ displayed the lowest conductivity, which was attributed to the
formation of liquid phases at the grain boundaries. However all compositions of
Ce1–xAxNbO4±δ displayed comparable conductivities as a result of the similar defect
concentrations of their hyperstoichiometric phases that form by reaction with the
atmosphere. The total conductivity recorded under variable oxygen partial pressures
suggests extrinsically generated holes are the dominant charge carriers in tetragonal
Ce0.9Sr0.1NbO4±δ down to p(O2) ≈10–10 atm at 850 °C, where a small polaron
mechanism is inferred due to the low calculated electron hole mobility of ≈10–4 cm2
V s–1.
Under humidified conditions the conductivity of Ce0.9Sr0.1NbO4±δ was shown to
increase by half an order of magnitude, where proton conductivity is indicated by
a H/D isotope effect. Unlike ortho-LaNbO4 proton conductivity under oxidising
conditions appears to be negligible, however thermogravimetry and DC measure-
ments of hyperstoichiometric Ce0.9Sr0.1NbO4±δ indicate a potential absorption and
transport mechanism that is associated with the oxygen excess and subsequently
further work is needed to investigate this. Due to dominant hole charge compen-
sation under ambient p(O2), reductive annealing is required to reduce the cerium
valence, however it is suggested that Ce0.9Sr0.1NbO4±δ is a mixed protonic conduc-
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tor due to its high conductivity under dry conditions and low activation energies.
Whilst interpretation of the impedance spectra of Ce0.9Sr0.1NbO4±δ is ambiguous
due to the presentation of a Gerischer response, the absorption and transport pro-
cess is reflected by the reduction in resistance of a response with a capacitance
in the region of ≈10–8 F consistent with grain boundary conduction. The con-
ductivity was found to increase by an order of magnitude after equilibrating for 5
hours at 300 °C, suggesting the transport properties of Ce0.9Sr0.1NbO4±δ may be
understated. Ce0.9Sr0.1NbO4±δ was shown to display the highest conductivity of
Ce1–xAxNbO4±δ, this is rationalised by the much larger cell volume post reduction
but may result from a combination of effects in which the material offers a good com-
promise between phase purity and defect concentrations. Ce1–xCaxNbO4±δ showed
poor transport characteristics possibly attributable to a combination of the small
cell volume and/or high defect concentrations arising from the greater solubility of
calcium in the CeNbO4 structure. Replacement of cerium with lanthanum whilst
keeping the dopant concentration constant reduces the conductivity consistent with
a reduction of the electronic conductivity.
Chapter 8
Conclusions and future work
8.1 Conclusions
This thesis aimed to explore the structural, redox and transport properties of ac-
ceptor doped CeNbO4+δ, with the primary intention of incorporating protonic de-
fects. Due to the unique structural and redox behaviours of CeNbO4+δ in relation
to the rest of the rare earth niobate series, it was speculated whether these fea-
tures could enhance the transport properties in relation to both the parent mate-
rial and the most protonically conductive member of the ortho-rare earth niobate
phases, La1–xAxNbO4–δ upon doping. Furthermore owing to the MIEC behaviour
of CeNbO4+δ, it was suggested that Ce1–xAxNbO4±δ might provide mixed protonic-
electronic transport, if protons could be incorporated into the structure.
This work has shown that Ce1–xAxNbO4±δ can cycle between oxygen hyper- and
hypostoichiometry, and in the process alternate from a mixed electronic interstitial
oxide ion conduction, and most likely mixed electronic protonic conduction respec-
tively. Under both oxidising and reducing conditions the conductivity increases
by over an order of magnitude relative to both CeNbO4+δ and La1–xAxNbO4–δ
respectively. Ce1–xAxNbO4±δ was shown to have three principle advantages over
La1–xAxNbO4–δ and the rest of the rare earth series. Firstly CeNbO4+δ can ac-
commodate significantly greater concentrations of alkaline earth dopants, which has
the potential in principle to raise the concentration of extrinsic defects, whether
holes, oxygen vacancies or protons. The second advantage is the increase in the
onset of the monoclinic to tetragonal transition to sufficiently high temperatures
(>650 °C) that the properties of the monoclinic phase might be utilised without the
detrimental change in thermal expansion observed for LaNbO4 at ≈520 °C. Finally
the conductivity of Ce0.9Sr0.1NbO4±δ under wet N2(g) is an order of magnitude
higher than La1–xAxNbO4–δ, although like for like comparison between acceptor
doped CeNbO4+δ and LaNbO4 is not feasible due to the likelihood of electronic
charge carriers in the former, this in itself may be of interest if the properties can
be optimised further.
This work started with an investigation into the solid solubility of alkaline earth
dopants in the CeNbO4+δ structure, which is an important criterion in controlling
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transport properties (Chapter 4). It was shown that acceptor dopants in CeNbO4+δ
are charge compensated primarily by the oxidation of Ce3+ to Ce4+ to form holes,
resulting in contraction of the lattice similarly to that of the hyperstoichiometric
phases of the parent material CeNbO4+δ. A combination of XANES analysis and
TOF neutron diffraction showed Ce1–xAxNbO4±δ to be oxygen stoichiometric and
contain mixed cerium valence. Strontium and calcium have solubility limits of ≈10%
and ≈30% respectively, which is considerably higher than the 1-2% tolerance in
LaNbO4. It is speculated that the difference is attributed to the nature of the
charge compensation mechanism, in which the change in both cerium radius and
coordination upon oxidation to the tetravalent state may lead to cooperative effects
that stabilise the dopant. The lower solubility of strontium compared to calcium is
attributed to the larger size differential between the dopant and Ce3+ both of which
occupy the A site. This differential increases further as the dopant concentration
and subsequently Ce4+ content increases. Conversely, it is speculated that the
solubility of calcium within the structure is limited by contraction of the cell as
progressively more cerium sites occupy the tetravalent state to compensate for the
dopant. Both XANES analysis and TOF neutron diffraction further showed that the
compensation mechanism transitions to oxygen vacancy formation upon annealing
under sufficiently reducing atmospheres such as 5% H2/N2(g). Reduction of cerium
to the trivalent state is accompanied by lattice expansion, in which the cell volume
becomes comparable to the parent material in which cerium is mostly trivalent.
However it was shown that the cell volume of reduced Ce0.9Sr0.1NbO4±δ which
was the largest of all the compositions studied was much greater than the parent
material.
However the solubility limit is likely lower than that determined from x-ray and neu-
tron diffraction methods, which have a detection limit of about ≈1-2%. Microstruc-
tural studies of Ce1–xAxNbO4±δ sintered at 1500 °C showed that Ce1–xAxNbO4±δ
phases which were otherwise identified as being phase pure by diffraction meth-
ods, presented small quantities of secondary phases compositionally intermediate
between ANb2O6 and A2Nb2O7 (A=Sr, Ca) (Chapter 6). For Ce1–xSrxNbO4±δ
this was presented as a residual liquid phase at the grain boundaries, although SEM
analysis indicated a significant differential in the quantity of the liquid phase be-
tween the interior and surface of sintered bodies. The secondary phase fraction
in Ce0.8Sr0.2NbO4±δ was significant, and reflected Sr2Nb2O7 secondary phases in
the as-prepared material that were detectable by diffraction methods. However, it
was also speculated whether secondary phase precipitation was exacerbated by high
temperature sintering, where EDXS analysis showed the bulk strontium content of
Ce0.8Sr0.2NbO4±δ depleted as the sintering temperature was increased from 1400 °C
to 1500 °C. This perhaps reflects processes occurring in the other Ce1–xAxNbO4±δ
phases on a lower level. This was further indicated by microstructural analysis per-
formed on Ce1–xAxNbO4±δ first annealed under 5% H2/N2(g) and then sintered
under argon. Exposure of both as-prepared powders and air sintered bodies of
Ce1–xAxNbO4±δ to reductive atmospheres at 800 °C, presented no evidence of com-
positional or phase changes. However the fraction of ANbO6-A2Nb2O7 type phase
increased when pre-reduced Ce1–xAxNbO4±δ was sintered under argon at 1500 °C,
which may further indicate that the Ce4+ valence state has a role in stabilising the
dopant.
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Under oxidising conditions tetragonal Ce0.9Sr0.1NbO4±δ was shown to be a predom-
inantly electronic conductor with low ionic transference (ti≈0.1), and with approx-
imately an order of magnitude enhancement relative to CeNbO4±δ. The enhance-
ment is almost exclusively electronic and reflects an increase in the concentration
of electron holes that compensate the dopant. The mechanism is suggested to be
that of small polaron hopping, as indicated by a low calculated electronic carrier
mobility of 5.5 x 10–4 cm2 V s–1 at 800 °C. The total conductivity of tetragonal
Ce0.9Sr0.1NbO4±δ recorded under variable oxygen partial pressure confirmed that
the conductivity under ambient p(O2) corresponds with an extrinsic regime, which is
stable to 10–7 atm and 10–10 atm at 950 °C and 850 °C respectively. At intermediate
temperatures corresponding to the monoclinic polymorph the conductivity reflects
non-stoichiometric reactions with the surrounding atmosphere, where through the
oxidation of Ce3+ to Ce4+ oxygen excess is incorporated into the structure, and
Ce1–xAxNbO4±δ adopts either a commensurate or incommensurate modulation of
the monoclinic parent cell. Ce0.8Ca0.2NbO4±δ was found to have the highest con-
ductivity of all the Ce1–xAxNbO4±δ compositions studied (5.7 x 10–2 S cm–1at 600
°C) as a result of the greater solubility of calcium over strontium in this system. Con-
versely Ce0.8Sr0.2NbO4±δ displayed the lowest conductivity, which was attributed
the formation of liquid phases at the grain boundaries.
All compositions of Ce1–xAxNbO4±δ displayed comparable conductivities, which
reflects the small variation in their Ce3+-Ce4+ valence ratios and oxygen hyperstoi-
chiometries upon equilibration under oxidising conditions. Redox studies performed
using a combination of x-ray diffraction, XANES and thermal analysis showed the
hyperstoichiometry is supressed in Ce1–xAxNbO4±δ relative to the parent mate-
rial, which results from exchange of the redox active element Ce3+ with alkaline
earth dopants. Ce1–xCaxNbO4±δ and Ce1–xSrxNbO4±δ were found to exhibit very
different behaviour however. Unlike the parent material CeNbO4+δ in which the
δ=0.25 stoichiometry was shown to be relatively stable after thermal equilibration,
Ce1–xSrxNbO4±δ afforded a lower stoichiometry composed of δ=0.08 and δ=0.25
phase mixtures, somewhat analogous to Lanthanum doped CeNbO4+δ in which a
preference for the δ=0.08 stoichiometry was found on increasing the ratio of La/Ce
on the A site. However this work indicated more complex behaviour, in which
Ce1–xSrxNbO4±δ underdoes two monoclinic-tetragonal transitions and furthermore
shows alternation of the relative δ=0.08 and δ=0.25 phase fraction which appears to
be particularly sensitive to thermal history. This dynamic behaviour is suggested to
represent phase mixing-de-mixing reactions, representing a rather metastable sys-
tem and (or) a multicomponent system. Conversely Ce1–xCaxNbO4±δ is suggested
to present phase field behaviour. Similarly to the parent material a δ=0.25-type
stoichiometry is attained after relatively short equilibration, however the hypersto-
ichiometry was found to be lower, particularly in the case of Ce0.8Ca0.2NbO4±δ,
suggesting the commensurate modulation corresponds to a range of delta values, as
was previously suspected of the CeNbO4+δ system.
Under non-oxidising conditions modulation of the Ce1–xAxNbO4±δ structure is in-
hibited and instead only the parent monoclinic cell is retained upon heating. Upon
exposure of Ce1–xAxNbO4±δ to reducing environments however, the dopant charge
compensation mechanism transitions to that of oxygen site deficiency and under
non-oxidising conditions strontium doped CeNbO4+δ becomes a proton conductor.
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The conductivity was shown to be higher than the most protonically conductive
member of the rare earth series La0.99Ca0.1NbO4–δ, for example the conductiv-
ity of Ca0.9Sr0.1NbO4±δ after equilibration was 4 x 10–2 at 300 °C. Conversely to
La1–xAxNbO4–δ in which the proton conductivity is inversely related with dopant
concentration, 10% strontium doped Ca1–xAxNbO4±δ exhibited the greatest en-
hancement. This was attributed to the substantial increase in cell volume relative
to other compositions that reductive annealing affords, and it was demonstrated by
combined XANES and TOF neutron diffraction measurements that compensatory
Ce4+ reduces to the trivalent state and is accompanied by oxygen site deficiency.
The proton absorption and conduction mechanism is inferred to arise from the disso-
ciative absorption of water followed by the incorporation of protons on regular lattice
sites and the filling of oxygen vacancies by hydroxyl species. However transport in
Ca1–xSrxNbO4±δ is believed to be mixed electronic-protonic, of which there are very
few examples in the literature. For example replacement of cerium with lanthanum
whilst keeping the dopant concentration and processing conditions equivalent, re-
duces the conductivity substantially, consistent with a reduction of the electronic
conductivity. Furthermore the true nature of any protonic defects may be more com-
plex. For example x-ray diffraction conducted on Ca0.9Sr0.1NbO4±δ reduced under
wet 5% H2/N2(g) indicated contraction of the lattice relative to dry 5% H2/N2(g),
and it is speculated whether this is correlated with the uptake of protonic defects into
the structure. Unusually both thermogravietry and DC conductivity measurements
indicate hyperstoichiometric Ca0.9Sr0.1NbO4±δ both absorbs and conducts protons,
suggesting Ca0.9Sr0.1NbO4±δ may participate in more exotic defect reactions. Pre-
liminary stability tests performed by exposing Ce1–xAxNbO4±δ to pure CO2(g) did
not present any significant evidence for carbonate decomposition, however more
extensive measurements would be required to confirm longer term stability.
8.2 Future Work
The primary objective of any future work would seek to examine in more de-
tail proton transport in Ca0.9Sr0.1NbO4±δ. Although the results of modelling
impedance spectra collected on Ca0.9Sr0.1NbO4±δ indicated that a reduction in
the resistance associated with a grain-boundary response may have been responsi-
ble for the enhancement, particularly upon cooling, the low frequency feature also
shares characteristics with gas diffusion impedance, often observed in the spectra of
porous electrodes. However DC (and thermogravimetric) measurements recorded on
Ca0.9Sr0.1NbO4±δ which also show the conductivity of Ca0.9Sr0.1NbO4±δ increases
under humidified conditions (Chapter 7), provide weight to the interpretation of pro-
tonic defects. Further work would be necessary to confirm protonic and electronic
charge carriers in Ca0.9Sr0.1NbO4±δ, and their relative transport numbers. In par-
ticular it may be that the full potential of proton transport in Ca0.9Sr0.1NbO4±δ
was not realised from this initial study. For example preliminary measurements
equilibrating Ca0.9Sr0.1NbO4±δ at 300 °C indicated a fairly substantial increase in
the conductivity under humidified N2(g). It is therefore suggested that replicated
measurements are extended over a wider temperature and p(H2O) range, and in-
tegrated with thermogravimetry to deduce thermodynamic parameters such as the
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hydration enthalpy to enable comparison to other proton conductors and members
of the RENbO4 series.
Although there are several aspects of this work which have raised questions requir-
ing further study, an interesting aspect in the authors opinion is the question over
the incorporation of protonic charge carriers in the hyperstoichiometric phases of
Ca1–xAxNbO4±δ. Therefore as an extension to this thesis, it is suggested that con-
firmation of an unusual defect reaction would be of interest. In this study DC con-
ductivity measurements were performed on hyperstoichiometric Ca0.9Sr0.1NbO4±δ
over a temperature range encompassing the monoclinic-tetragonal transition, and
were not extended to lower temperatures corresponding to the maximum mass gain
observed from thermogravimetry in which the conductivity under humidified con-
ditions is expected to also be at a maximum. Although any enhancement between
humidified and dry conditions observed may nevertheless be small, different cation
compositions and oxygen stoichiometries of Ca1–xAxNbO4±δ may provide different
transport characteristics. The small enhancement observed may however reflect a
non Grotthus mechanism. For example, the incorporation of protonic defects is ex-
pected to be accompanied by the incorporation of OH– from the gas steam, and
given the ability of Ca1–xAxNbO4±δ to incorporate excess oxygen via structural
modulation, this raises the question as to whether the more mobile diffusing species
is in fact H+. On the other hand, if a mechanism in which proton absorption were
tied to phase modulation or oxygen excess were feasible, then the concentration of
protonic defects may not be necessarily limited by the concentration of dopants,
although numerous other factors may dictate this. Furthermore Ca1–xAxNbO4±δ
may give the potential for mixed electronic-protonic conduction under oxidising con-
ditions at intermediate temperatures. However this is highly speculative and further
insight into absorption and conduction mechanisms may be given by a combination
of ionic transference and H+/D+ or O18/O16 isotopic exchange measurements.
Bibliography
[1] J.W. Day C.A.S. Hall. Am. Sci., 97:230–237, 2009.
[2] E. Topal S. Shafiee. Energy Policy, 37(1):181–189, 2009.
[3] E. Traversa E.D. Wachsman. Electrochem. Soc. Inter., pages 37–40, 2007.
[4] J.A. Turner. Science, 285(5428):687–689, 1999.
[5] V. Balzani N. Armaroli. Ange. Chem., 46:52–66, 2007.
[6] A. Majumdar S. Chu. Nature, 488:294–303, 2012.
[7] M. V. Buchanan G.W. Crabtree, M. S. Dresselhaus. Physics Today, pages
39–45, 2004.
[8] J.A. Turner. Science, 305:972–974, 2004.
[9] Z. Zou et al. Nature, 414:625–627, 2001.
[10] A. Zuttel L. Schlapbach. Nature, 414:353–358, 2001.
[11] U. Bossel. Proc. IEEE, 94(10):1826–1837, 2006.
[12] P.P. Edwards W. Grochala. Chem . Rev., 104:1283–1315, 2004.
[13] HC. Zhou D. Zhao, D. Yuan. Energy Envi. Sci., 1:222–235, 2008.
[14] P.K. Shen H. Zhang. Chem. Rev., 112:2780–2832, 2012.
[15] N.Q. Minh. Solid State Ionics, 174(1-4):271–277, 2004.
[16] A. Heinzel B.C.H. Steele. Nature, 414:345–352, 2001.
[17] C.C. Chan. Proc. IEEE, 95(4):704–718, 2007.
[18] C.E. Thomas. Int. J. Hyd. En., 34(15):6005–6020, 2009.
[19] O. Deutschmann V. M. Janardhanan, V. Heuveline. J. Power Sources,
178:368–372, 2008.
[20] O. Yamamoto. Electrchim. Acta, 45(15-16):2423–2435, 2000.
[21] BCH Steele. J. Mater. Sci., 36(5):1053–1068, 2001.
236
BIBLIOGRAPHY 237
[22] S. Freni G Cacciola, V. Antonucci. J. Power Sources, 100(1-2):67–79, 2001.
[23] B. Zhu. J. Power Sources, 93(1-2):82–86, 2001.
[24] E. Ivers-Tiffee A. Weber. J. Power Sources, 127(1-2):273–283, 2004.
[25] K. Ono K. Ogaki H. Iwahara, H. Uchida. J Electrochem. Soc., 135(2):529–533,
1988.
[26] E. Traversa E. Fabbri, D. Pergolesi. Chem. Soc. Rev., 39:4355–4369, 2010.
[27] S. Tanka H. Iwahara, H. Uchida. J. Appl. Electrochem., 16(5):663–668, 1986.
[28] H. Iwahara S. Hamakowa, T. Hibino. J. Electrochem. Soc., 140(2):459–462,
1993.
[29] K. Katahira M. Tanaka H. Iwahara, Y. Asakura. Solid State Ionics, 168(3-
4):299–310, 2004.
[30] N. Agmon. Chem. Phys. Let., 244:Chem. Phys. Let., 1995.
[31] K.D Kreuer J. Maier W. Munch, G. Seifert. Solid State Ionics, 86-88(1):647–
652, 1996.
[32] M. Pionke et al. Solid State Ionics, 97(1-4):497–504, 1997.
[33] T. Matzke et al. Solid State Ionics, 86-88:621–628, 1996.
[34] K.D. Kreuer J. Maier W. Munch, G. Seifert. Solid State Ionics, 97(1-4):39–44,
1997.
[35] K.D. Kreuer. Solid State Ionics, 136-137:149–160, 2000.
[36] K.D. Kreuer. Annu. Rev. Mater, Res., 33:333–359, 2003.
[37] K.D. Kreuer. Solid State Ionics, 97(1-4):1–15, 1997.
[38] K.D. Kreuer. Solid State Ionics, 125(1-4):285–302, 1999.
[39] J. Maier K.D. Kreuer, A. Fuchs. Solid State Ionics, 77:157–162, 1995.
[40] G. Seifertli J. Majer W. Munch, K.D. Kreuer. Solid State Ionics, 125(1-4):39–
45, 1999.
[41] C. Karmonik R. Hempelmann. Phase Transitions, 58:175–184, 2006.
[42] H. Yanagida A. Mitsui, M. Miyayama. Solid State Ionics, 22(2-3):213–217,
1987.
[43] R. Glockner Y. Larring T. Norby, M. Wilderoe. Dalton Trans., pages 3012–
2018, 2004.
[44] N. Bonanos. Solid State Ionics, 145(1-4):265–274, 2001.
[45] G. Mairesse J. C. Boivin. Chem. Mater., 10:2870–2888, 1988.
238 BIBLIOGRAPHY
[46] H.G. Scott. J. Mater. Chem., 10(9):1527–1535, 1975.
[47] S.P.S. Badwal. Solid Sate Ionics, 52(1-3):23–32, 1992.
[48] J. E. Penner-Hahn P. Li, I.W. Chen. J. Am. Ceram. Soc., 77(1):118–128,
1994.
[49] J.E. Penner-Hahn P. Li. Phys. Rev. B, 48(14):10074–10081, 1993.
[50] U.R. Hansen M. Mogensen, T. Lindegaard. J. Electrochem. Soc., 141(8):2122–
2128, 1994.
[51] DJ. Kim. J. Am. Ceram. Soc., 72(8):1415–1421, 1989.
[52] T. Inoue H. Arai K. Eguchi, T. Setoguchi. Solid Sate Ionics, 52(1-3):165–172,
1992.
[53] J.A. Kilner. Solid Sate Ionics, 129(1-4):13–23, 2000.
[54] M.O. Zacate et al. Solid Sate Ionics, 128(1-4):243–254, 2000.
[55] J. Frade L. Navarro, F. Marques. J. Electrochem. Soc., 144(1):267–273, 1997.
[56] J. Maier X. Guo, W. Sigle. J. Am. Ceram. Soc., 86(1):77–87, 2003.
[57] J. Drennan S.P.S. Badwal, F.T. Ciacchi. Solid Sate Ionics, 121(1-4):253–262,
1999.
[58] J.A. Kilner S.J. Skinner. Materials Today, 6(3):30–37, 2003.
[59] H.A. Harwig. Z. Anorg. Allg. Chem., 444:151–166, 1978.
[60] Y.J. Nagai T. Takahashi, H. Iwahara. J. Electrochem. Soc., 117, 1970.
[61] J.B. Goodenough et al. Mater. Sci., 12:357–364, 1992.
[62] S. Dilpuneet et al. J. Am. Ceram. Soc., 91(7):2349–2356, 2008.
[63] A. Atkinson V.V. Kharton, F.M.B. Marques. Solid Sate Ionics, 174(1-4):135–
149, 2004.
[64] M. Mogensen et al. Solid Sate Ionics, 174(1-4):279–286, 2004.
[65] P. J. Sclichta. Solid Sate Ionics, 28-30(1):480–487, 1988.
[66] J.A Kilner. Solid Sate Ionics, 8(3):201–207, 1983.
[67] J.A. Kilner. Sold State Ionics, 6(3):237–252, 1982.
[68] C. Wolverton A. Bogievie. Phys. Rev. B, 67:024106, 2003.
[69] E.D. Wachsman. J. Europ. Ceram. Soc., 24(6):1281–1285, 2004.
[70] L. Minervini et al. Solid Sate Ionics, 1999.
[71] J. Griffith A.S. Nowick D.Y. Wang, D.S. Park. Sold State Ionics, 2(2):95–105,
1981.
BIBLIOGRAPHY 239
[72] D. Anderson et al. Proc. Natl Acad. Sci., 103(10):3518–3521, 2006.
[73] I.R. Gibson J.T.S. Irvine. J. Mater. Chem., 6(5):895–898, 1996.
[74] J. C. Boivin. Int. J. Inorg. Mater., 3(8):1261–1266, 2001.
[75] A.M. Glazer. Acta Cryst., 28:3384–3392, 1972.
[76] V. M. Goldschmidt. Naturwissenschaften, 21:477–485, 1926.
[77] Y. Takita T. Ishihara, H. Matsuda. J. Am. Ceram. Soc., 116:3801–3803, 1994.
[78] J.B. Goodenough m. Feng. Eur. J. Solid State Inorg. Chem., 31:663672, 1994.
[79] G. Ma et al. Chem. Mater., 18:6006–6011, 2006.
[80] H. Hayashi et al. Solid Sate Ionics, 122(1-4):1–15, 1999.
[81] Y. Takita T. Ishihara, H. Matsuda. Solid Sate Ionics, 79:147–151, 1995.
[82] M. Mogensen D. Lybye, F.W. Poulson. Solid Sate Ionics, 128:91–103, 2000.
[83] A.F. Sammells R.L. Cook. Solid Sate Ionics, 45(3-4):311–321, 1991.
[84] A. F. Sammells et al. Solid Sate Ionics, 52(1-3):111–123, 1992.
[85] J. Richter et al. Monatsh Chem., 140:985–999, 2009.
[86] S. Georges et al. J. New Mater. Electrochem. Systems, 7:51–57, 2004.
[87] S.J. Skinner. Int. J. Inorg. Mater., 3(2):113–121, 2001.
[88] S.P. Jiang. Solid State Ionics, 146:1–22, 2002.
[89] Y. Sakaki et al. Solid State Ionics, 118(3-4):187–194, 1999.
[90] Y. Takeda et al. Solid State Ionics, 72:257–264, 1994.
[91] K.R. Thampi J. Van Herle, A.J. McEvoy. Electrochimica Acta, 41:1447–1454,
1996.
[92] J.A. Kilner A.V. Berenov, J.L. MacManus-Driscoll. Solid State Ionics, 122(1-
4):41–49, 1999.
[93] F. Tietz A. Petric, P. Huang. Solid Sate Ionics, 135:719–725, 2000.
[94] S.B. Adler X. Jinsong. Chem. Mater, 17(17):4537–4546, 2005.
[95] A.J. Burggraaf R.H.E. van Doorn. Solid Sate Ionics, 128(1-4):65–78, 2000.
[96] N. Imanishi O. Yamamoto H.Y. Tu, Y. Takeda. Solid State Ionics, 100(3-
4):283–288, 1997.
[97] S.M. Haile Z. Shao. Nature, 431:171–173, 2004.
[98] S.H. Chan S. P. Jiang. J. Mater. Sci., 39(14):4405–4439, 2004.
240 BIBLIOGRAPHY
[99] A. Atkinson et al. Nature Materials, 3:17–27, 2004.
[100] J.H. Lee et al. Solid State Ionics, 148(1-2):15–26, 2002.
[101] J.H. Yu. J. Power Sources, 163(2):926–932, 2007.
[102] J. Sehested. Catalysis Today, 111(1-2):103–110, 2006.
[103] K. Kammer M. Mogensen. Annu. Rev. Mater, Res., 33:321–331, 2003.
[104] J.M. Vohs R.J. Gorte, H. Kim. J. Power Sources, 106(1-2):10–15, 2002.
[105] J. Sfeir et al. J. Catal., 202:229244, 2001.
[106] K. Neilson J. Ranlov, B. Lebech. J. Mater. Chem., 5(5):743–747, 1995.
[107] F. Giannici et al. Solid State Ionics, 181(3-4):122–125, 2010.
[108] M. Oishi et al. Solid State Ionics, 179(39):2240–2247, 2008.
[109] D. Pergolesi et al. Nature Materials, 9:846–852, 2010.
[110] T. Norby R. Haugsrud. Solid State Ionics, 177(13-14):1129–1135, 2006.
[111] Y Larring T. Norby. Solid Sate Ionics, 97(1-4):523–528, 1997.
[112] H. Ushida H. Iwahara, T. Yajima. Solid State Ionics, 70-71(1):267–271, 1994.
[113] W. Goddard B. Merinov. J. Chem. Phys., 130:194707, 2009.
[114] Y. Yamazaki et al. Nature Materials, 12:647–651, 2013.
[115] M. J. Scholten et al. Thermochimica Acta, 268:161–168, 1995.
[116] K.H. Ryu S.M. Haile, g. Staneff. J. Mater. Sci., 36(5):1149–1160, 2001.
[117] F. Iguchi et al. Solid State Ionics, 178(7-10):691–695, 2007.
[118] C. Peng et al. Solid Sate Ionics, 181(29-30):1372–1377, 2010.
[119] L. Bi E Traversa Z. Sun, e. Fabbri. Phys. Chem. Chem. Phys., 13:7692–7700,
2011.
[120] Z. Khani. J. Solid State Chem., 182(4):790–798, 2009.
[121] S.M. Haile Y. Yamazaki, R. Hernandez-Sanchez. Chem. Mater., 21(13):2755–
2009, 2009.
[122] J. Guan et al. J Electrochem. Soc, 145(5):1780–1786, 1998.
[123] E. Fabbri et al. J. Electrochem. Soc., 156(1):38–45, 2009.
[124] E. Fabbri et al. Solid Sate Ionics, 202(1):30–35, 2011.
[125] T. Norby. Solid Sate Ionics, 125(1-4):1–11, 1999.
[126] C. Zou et al. Chem. Mater, 18(19):4647–4650, 2006.
BIBLIOGRAPHY 241
[127] T.J. White S.S. Pramana, W.T. Klooster. Acta Cryst., B63:597–602, 2007.
[128] E. Kendrick et al. Nature Materials, 6:871–875, 2007.
[129] X. Kuang et al. Nature, 7:498–504, 2008.
[130] K.R. Kendall et al. Chem. Mater., 8:642–649, 1996.
[131] G. Nowogrocki F. Abraham, M.F. Debruille-Gresse. Solid State Ionics, 28-
30:529–532, 1998.
[132] M. Ganne O. Joubert, A. Jouanneux. Mater. Res. Bull., 29(2):175–184, 1994.
[133] C.M. Mari G. Mariotto B. Scrosati, A. Magistris, editor. volume 250. Kluwere
Academic, 1993.
[134] G. Mairesse G. Nowogrocki F. Abraham, J.C. Boivin. Solid State Ionics, 40-
41:934–937, 1990.
[135] R.N. VAnnier et al. Solid State Ionics, 53-56:713–722, 1992.
[136] P. Paranthamanm Y.S Zhen J.B. Goodenough, A. Manthiram. Solid State
Ionics, 52:105–109, 1992.
[137] Y.S. Zhen J.B. Goodenough, J.E. Ruiz-Diaz. Solid State Ionics, 44(1-2):21–31,
1990.
[138] S. Adler et al. Solid State Ionics, 68:193–211, 1994.
[139] M.S. Islam C.A.J. Fisher. Solid State Ionics, 118:355–363, 1999.
[140] R. Herd J.M.S. Skakle. Powder Diffraction, 14(3):195–202, 1999.
[141] P. Slater S. Li, F. Schonberger. Chem. Commun., pages 2694–2695, 2003.
[142] M.S. Islam P.R. Slater F. Schonberger, F. Kendrick. Solid State Ionics, 176(39-
40):2951–2953, 2005.
[143] M. M. Thackeray. J. Electrochem. Soc., 142(8):2558–2563, 1995.
[144] S. Tao R. Lan. Adv. En. Mater., 4(7):1301683, 2014.
[145] G.V. Subba Rao M.A. Subramanian, G. Aravamudan. Prog. Solid State
Chem., 15(2):55–143, 1983.
[146] R.W. Grimes L. Minervini. J. Am. Ceram. Soc., 83(8):1873–1878, 2000.
[147] J. Lian et al. Acta Materialia, 51(5):1493–1502, 2003.
[148] P.M. Woodward G. King. J. Mater. Chem., 20:5785–5796, 2010.
[149] H.L. Tuller S.A. Kramer. Solid State Ionics, 82(1-2):15–23, 1995.
[150] M. J. Verkerk A. J. Burggraaf, T. van Dijk. Solid State Ionics, 5:519–522,
1981.
242 BIBLIOGRAPHY
[151] F.M.B. Marques J.A. Labrincha, J.R. Frade. Solid State ionics, 99(1-2):33–40,
1997.
[152] H. Iwahara T. Shimura, M. Komori. Solid State Ionics, 86-88(1):685–689,
1996.
[153] M.T. Anderson et al. Prog. Solid State Chem., 22(3):197–233, 1993.
[154] P.K. Davies et al. Annu. Rev. Mater. Res., 38:369–401, 2008.
[155] Y. Ando A.A. Taskin, A.N. Lavrov. Appl.Phys. Let., 86:091910, 2005.
[156] Y. Ando A.A. Taskin, A.N. Lavroc. Prog. Solid State Chem., 35(2-4):481–490,
2007.
[157] A. Tarancon et al. J. Mater. Chem., 20:3799–3813, 2010.
[158] A. Tarancom J. A. Kilner D. Parfitt, A. Chroneos. J. Mater. Chem., 21:2183–
2186, 2011.
[159] G. Kim et al. J. Mater. Chem., 17:2500–2505, 2007.
[160] K.C. Liang A.S. Nowick, Y. Du. Solid State ionics, 125(1-4):303–311, 1999.
[161] K.D. Kreuer et al. Solid State Ionics, 145(1-4):295–306, 2001.
[162] R. Haugsrud C. K. Vigen, T.S. Bjorheim. Int. J. Hyd. En., 2012.
[163] T. Norby. J. Mater. Chem., 11:11–18, 2001.
[164] Y. Larring T. Norby R. Glockner, A. Neiman. Solid State Ionics, 125(1-4):369–
376, 1999.
[165] J.R. Tolchard P.R. Slater, J.E.H. Sansom. Chem. Rec., 4(6):373–384, 2004.
[166] M.J. Niguchi S. Nakayama. J. Mater. Sci. Lett., 20:913–915, 2001.
[167] P.R. Slater J.E.H. Sansom. Solid State Ionics, 139(3-4):205–210, 2001.
[168] P.R. Slater M.S. Islam, J.R. Tolchard. Chem. Commun., pages 1486–1487,
2003.
[169] L. Leon-Reina et al. J. Mater. Chem., 14:1142–1149, 2004.
[170] M. S. Islam A. Jones, P.R. Slater. Chem. Mater., 20:5055–5060, 2008.
[171] P.R. Slater E. Kendrick, M.S. Islam. J. Mater. Chem., 17:3104–3111, 2007.
[172] L. Sauter F. Aldinger M.. Rozumek, P. Majewski. J. Am. Ceram. Soc.,
87(4):662–669, 2004.
[173] S.J. Skinner G. Amow. J. Solid State Electrochem., 10(8):538–546, 2006.
[174] E.N. Naumovich et al. Solid State Ionics, 7(11):1353–1362, 2005.
[175] A. Demourgues et al. J. Solid State Chem., 105(2):458–468, 1993.
BIBLIOGRAPHY 243
[176] L. Minervini et al. J. Mater. Chem., 10:2349–2354, 2000.
[177] V.V. Kharton et al. J. Mater. Chem., 9:2623–2629, 1999.
[178] J.A. Kilner S.J. Skinner. Solid State Ionics, 135(1-4):709–712, 2000.
[179] J.M. Bassat et al. Solid State Ionics, 167(3-4):341–347, 2004.
[180] A.R. Cleave et al. Solid State Ionics, 179(21-26):823–826, 2008.
[181] J.A. Kilner R.W. Grimes A. Chroneos, D. Parfitt. J. Mater. Chem., 20:266–
270, 2010.
[182] M. Yashima et al. J. Am. Ceram. Soc., 130(9):2762–2763, 2008.
[183] M. Burriel et al. J. Mater. Chem., 18:416–422, 2008.
[184] W.J. Linn A.W. Sleight. Annals of the New York Academy of Sciences,
272(1):22–44, 2006.
[185] S. Cho K. Hong S. Yoon, D. Kim. J. Europ. Ceram. Soc., 26(10-11):2051–2054,
2006.
[186] V. B. Mikhailik et al. J. Appl. Phys., 97:0835231–8, 2005.
[187] T. Esaka. Solid State Ionics, 136-137:1–9, 2000.
[188] C. Han W. Cao J. Cheng, W. Bao. J. Power Sources, 195(7):1849–1853, 2010.
[189] T. Norby R. Haugsrud. Nature Materials, 5:193–196, 2006.
[190] Y. Kang S.J. Skinner. Solid State Sciences, 5(11-12):1475–1479, 2003.
[191] E.V. Tsipis et al. Solid State Ionics, 177(11-12):1015–1020, 2006.
[192] R. Haugsrud. Solid State Ionics, 178(7-10):555–560, 2007.
[193] M. Nyman et al. Chem. Mater., 21:2201–2208, 2009.
[194] S. Noirault et al. Adv. Mater., 19:867–870, 2007.
[195] J.M. Hanchar R.J. Finch. Revs. Mineral. Geochem., 53:1–25, 2003.
[196] J.P. Bastide. J. Solid State Chem., 71(1):115–120, 1987.
[197] F.J. Manjon et al. Physica status solidi (B), 244(1):295–302, 2007.
[198] M. Somayazulu D. Hausermann D. Errandonea, F.J. Manjon. J. Solid State
Chem., 177(4-5):1087–1097, 2004.
[199] A.W. Sleight. Acta Cryst., B28:2899–2902, 1972.
[200] E.A.D. White H.P. Rooksby. Acta Cryst., 16:888–890, 1963.
[201] B.G. Scott. volume 246 of ACS symposium series. American Chemical Society,
1984.
244 BIBLIOGRAPHY
[202] R.S. Roth R.J. Cava. J. Solid State Chem., 36(2):139–147, 1981.
[203] S. Tsunekawa et al. Acta Cryst. Section A, 49(4):595–600, 1993.
[204] E. Papulovskiy et al. Phys. Chem. Chem. Phys., 15:5115–5131, 2013.
[205] Y.A. Titov et al. Inorganic Materials, 36(6):625–628, 2000.
[206] G.J. McCarthy. Acta Cryst., B27:2285–2286, 1971.
[207] M.T. Dove. American Mineralogist, 82:213–244, 1997.
[208] V.S. Stubican. J. Am. Ceram. Soc., 47(2):55–58, 1964.
[209] M. Huse et al. J. Solid State Chem., 187:27–34, 2012.
[210] E.N. Ipatova S.V. Borisov. J. Structural Chemistry, 35(6):865–870, 1994.
[211] L. Hoffart et al. Solid State Ionics, 72(2):195–198, 1994.
[212] F. Vullum et al. J. Solid State Chem., 181(10):2580–2585, 2008.
[213] W.L. Zhu et al. Phys. Stat. Sol., 193(2):211–216, 2002.
[214] J. Cheng et al. Materials Research Bulletin, 46(2):185–189, 2011.
[215] C. Han W. Cao J. Cheng, W. Bao. Journal of Power Sources, 195(7):1849–
1853, 2010.
[216] M. Venketswarulu N. Satyanarayana J. Paramananda, N. Nallamuthu. Ce-
ramics International, 40(1, Part B):2349–2358, 2014.
[217] W. Weppner V. Thangadurai, C. Knittlmayer. Materials Science and Engi-
neering: B, 106(3):228–233, 2004.
[218] S. Takai T. Esaka, R. Tachibana. Solid State Ionics, 92(1-2):129–133, 1996.
[219] T. Esaka S.Takai, K. Sugiura. Materials Research Bulletin, 34(2):193–202,
1999.
[220] T. Mina-ai T. Esaka. Solid State Ionics, 57(3-4):319–325, 1992.
[221] L. Hoffart et al. Ionics, 1(2):131–135, 1995.
[222] A.W. Sleight S. Uma, R. Bliesner. Solid State Ionics, 4(2):329–333, 2002.
[223] I.C. Vinke et al. Solid State Ionics, 57(1-2):82–89, 1992.
[224] T. Norby R. Haugsrud. J. Am. Ceram. Soc., 90(4):1116–1121, 2007.
[225] L.N Kinzhibalo V.K. Trunov. Doklady Akademii Nauk, 263:348–351, 1982.
[226] C. Keller. Zeitschrift fuer Anorganische und Allgemeine Chemie, 318:89–106,
1962.
[227] Y.A. Velikopdnyi I.M. Averina V.K. Trunov, V.A. Efremov. Soviet Physics
Crystallography, 26:35–37, 1981.
BIBLIOGRAPHY 245
[228] A.A. Evdokimov V.G. Krongauz L.N. Kinzhibalo, V.K. Trunov. Soviet Physics
Crystallography, 27:22–25, 1982.
[229] I. Hartenback et al. Zeitschrift fuer Anorganische und Allgemeine Chemie,
631:2377–2382, 2005.
[230] T. Mokkelbost et al. J. Am. Ceram. Soc., 91(3):879–886, 2008.
[231] Z. Bi et al. Int. J. Hydrogen Energy, 37(17):12751–12759, 2012.
[232] H. Fjeld et al. Solid State Ionics, 181(3-4):104–109, 2010.
[233] R. Haugsrud T. Norby H. Fjeld, K. Toyoura. Phys. Chem. Chem. Phys.,
12:10313–10319, 2010.
[234] S. Licoccia E. Traversa A.B. Santibanez-Mendieta, E. Fabbri. Solid State
Ionics, 216:6–10, 2011.
[235] T. Mokkelbost et al. J. Am. Ceram. Soc., 90(11):3395–3400, 2007.
[236] A. Magraso et al. J. Am. Ceram. Soc., 2010.
[237] X. Liu G. Meng B. Lin, S. Wang. J. Alloys Comp., 478(1-2):2009, 2009.
[238] T. Norby A. Magraso, R. Haugsrud. J. Am. Ceram. Soc., 93(9):2650–2655,
2010.
[239] DM. Kepaptsoglou et al. Am. Chem. Soc., 24(21):4152–4159, 2012.
[240] A. Magraso et al. J. Electrochem. Soc., 151(4):878–879, 2014.
[241] T. Grande J.R .Tolchard, H. Lea Lein. J. Europ. Ceram. Soc., 29(13):2823–
2830, 2009.
[242] A. Magraso et al. Solid State Ionics, 262:382–387, 2014.
[243] A. Magraso et al. Fuel Cells, 11(1):17–25, 2011.
[244] T. Grande MA. Einarsrud H. Lea Lein, T. Tezuka. Solid State Ionics, 179(21-
26):1146–1150, 2008.
[245] T. Mokkelbost et al. Ceramics International, 35(7):2877–2883, 2009.
[246] Z. Bi et al. J. Power Sources, 196(18):7395–7403, 2011.
[247] A.D. Brandao et al. Chem. Mater., 22:6673–6683, 2010.
[248] S. Wachowski, A. Mielewczyk-Gryn, and M. Gazda. J. Solid State Chem.,
219:201–209, 2014.
[249] A.D. Brandao et al. J. Solid State Chem., 184(4):863–870, 2011.
[250] J. Zhang Y. Liu X. Chi, Z. Wen. Solid State Ionics, 268, Part B:326–329,
2014.
[251] M. Ivanova et al. Solid State Ionics, 213:45–52, 2011.
246 BIBLIOGRAPHY
[252] M.S. Islam G. C. Mather, C. A.J. Fisher. Chem. Mater, 22:5912–5917, 2010.
[253] F.J. Brink J.G. Thompson, R.L. Withers. Journal of Solid State Chemistry,
143(1):122–131, 1999.
[254] C.N. Munnings S.J. Skinner, .J.E. Brooks. Acta Crystallographica Section C,
C60:i37–i39, 2004.
[255] R. Lifshitz. Foundations of Physics, 33(12):1703–1711, 2003.
[256] G. Borgstahl. Crystallography Reviews, 14(3):259–260, 2008.
[257] T. Negaset et al. Materials Research Bulletin, 12(12):1161–1171, 1977.
[258] R.S. Roth et al. Materials Research Bulletin, 12(12):1173–1182, 1977.
[259] R.D. Bayliss. Phd thesis, Imperial College London, Department of Materials,
2012.
[260] Y. Kang S.J. Skinner. Solid State Sciences, 5(11-12):1475–1479, 2003.
[261] R.J. Cava et al. In Plenum press, New York/London, page 181, 1978.
[262] H.E. Blair K.A. Gingerich. Adv. X-ray Anal., 7:22–30, 1964.
[263] R.J. Packer. PhD thesis, Imperial College London, Department of Materials,
2006.
[264] R.S. Roth D. Minor A. Santoro, M. Marezio. J. Solid State Chem., 35(2):167–
175, 1980.
[265] N. Bliznyuk R. L. Withers J.G. Thompson, A.D. Rae. J. Mater. Chem.,
144(2):240–246, 1999.
[266] A-K. Larsson S. Schmid G. Drew, R.L. Withers. J. Solid State Chem.,
140(1):20–28, 1998.
[267] S.J. Skinner et al. J. Solid State Chem., 177(8):2685–2690, 2004.
[268] S.J. Skinner. Solid State Ionics, 154-155:325–329, 2002.
[269] R.J. Packer et al. Solid State Ionics, 177(19-25):2059–2064, 2006.
[270] G. Zhang Q. Li, J. Wang. Journal of Rare Earths, 31(9):923–926, 2013.
[271] R.D. Bayliss et al. J. Solid State Chem., 204:291–297, 2013.
[272] S.J. Skinner R.J. Packer. Adv. Mater, 22:1613–1616, 2010.
[273] J.A. Kilner P.S. Manning, J.D. Sirman. Solid State Ionics, 93(1-2):125–132,
1996.
[274] J.A Kilner S.J Skinner. Solid State Ionics, 135(1-4):709–712, 2000.
[275] R.J. Packer et al. J. Mater. Chem., 16:3503–3511, 2006.
BIBLIOGRAPHY 247
[276] S.J. Skinner M.A. Laguna-Bercero, R.D. Bayliss. Solid State Ionics, 262:298–
302, 2014.
[277] S. J. Skinner C. Li, R.D. Bayliss. Solid State Ionics, 262:530–535, 2014.
[278] R.J. Cava et al. J. Solid State Chem., 40:318–329, 1981.
[279] C.T.G. Petit et al. Journal of Materials Science, 46(2):316–326, 2011.
[280] C.T.G. Petit et al. J. Mater. Chem., 21:525–531, 2011.
[281] E.V. Tsipis et al. Journal of Solid State Chemistry, 176(1):47–56, 2003.
[282] C.T.G. Petit et al. J. Mater. Chem., 21:8854–8861, 2011.
[283] A. Watanabe. J. Solid State Chem., 153(1):174–179, 2000.
[284] E.V. Tsipis et al. J. Mater. Chem., 12:3738–3745, 2002.
[285] L. Adijanto et al. J. Solid State Chem., 190:12–17, 2012.
[286] A. Cott S.J. Skinner R.J. Packer, J. Barlow. Solid State Ionics, 179(21-
26):1094–1100, 2008.
[287] G. Tammann. Lehrbuch der Metallkunde, 4, 1929.
[288] A.J. Dent et al. Journal of Physics: Conference Series, 190(1):012039, 2009.
[289] M. Newville B. Ravel. J. Synchrotron Radiat., 12:537–541, 2005.
[290] M. Newville. J. Synchrotron Radiat., 8:322–342, 2001.
[291] J. Wang et al. Review of Scientific Instruments, 79(8), 2008.
[292] L.Nikitina M. Quispe S. Ferrer M. Knapp, I. Peral. Z. Kristallogr. Proc.,
1:137–142, 2011.
[293] C. Popescu M. Knapp F. Fauth, I. Peral. Powder Diffraction, 28:S360–S370,
9 2013.
[294] W.I.F. David A.C. Hannon J. Mayers R. Cywinski S. Hull, R.I. Smith. Physica
B: Condensed Matter, 180-181, Part 2:1000–1002, 1992.
[295] L. Heroux O. Gourdon A. Huq, J.P. Hodges. Zeitschrift fuer Kristallographie,
pages 127–135, 2011.
[296] J. Rodriguez-Carvajal. satellite meeting on powder diffraction of the XV
congress of the IUCr, 1900.
[297] R.B. Von Dreele A.C. Larson. LANSCE, Los Alamos New Mexico, 1994.
[298] D.C. Sinclair. Bol. Soc. Esp. Ceram. Vidrio, 34(2):55–65, 1995.
[299] A.R. West J.T.S. Irvine, D.C. Sinclair. Adv. Mater, 2:132–138, 1990.
[300] F.M.B. Marques V.V. Kharton. Solid State Ionics, 140(3-4):381–394, 2001.
248 BIBLIOGRAPHY
[301] V.V. Kharton et al. Electrochimica Acta, 48(13):1817–1828, 2003.
[302] C.T. Prewitt R.D. Shannon. Acta Cryst., B25:925–946, 1969.
[303] V.F. Sears. Neutron News, 3(3):26–37, 1992.
[304] D.L. Caulder D.K. Shuh Z. Assefa, R.G. Haire. Spectrochimica Acta Part A:
Molecular and Biomolecular Spectroscopy, 60(8-9):1873–1881, 2004.
[305] W. Dmowski C.C. Kao E. Mamontov, T. Egami. Journal of Physics and
Chemistry of Solids, 62(4):819–823, 2001.
[306] H. Dexpert. Physical Review B, 36(3):1750–1753, 1987.
[307] N.V. Skorodumova et al. Physical Review B, 64(11):1151081–9, 2001.
[308] L.D. Finkelstein et al. Materials Letters, 14(2-3):115–118, 1992.
[309] F. Le Normand et al. Solid State Communications, 71(11):885–889, 1989.
[310] A. Fujimori. Physical Review B, 28(4):2281–2283, 1983.
[311] W.D. Schneider Y. Baer W. Wuilloud, B. Delly. Physical Review Letters,
53(2):202–205, 1984.
[312] P.Nachimuthu et al. Journal of Solid State Chemistry, 149(2):408–413, 2000.
[313] F. Zhang et al. Surface Science, 563(1-3):74–82, 2004.
[314] M. Tomellini I. Davoli A. Bianconi, A. Marcelli. Journal of Magnetism and
Magnetic Materials, 47-48:209–211, 1985.
[315] J.C Parlebas A. Kontani, T. Jo. Advance Phys., 37(1):37, 1989.
[316] A.V. Soldatov et al. Physical Review B, 50(8):5074–5080, 1994.
[317] A. Martinez-Arias et al. 2000, 104:4038–4046, J. Phys. Chem.
[318] Y. Takahashi et al. Geochimica et Cosmochimica Acta, 64(17):2929–2935,
2000.
[319] S.K. Joshi A. Gaur, B.D. Shrivastava. J of Physics, 190:1–4, 2009.
[320] B. Wagner E. Bulska M. Schreiner K. Proost, K. Janssens. Nuclear Instru-
ments and Methods in Physics Research Section B: Beam Interactions with
Materials and Atoms, 213:723–728, 2004.
[321] P. Kappen et al. Talanta, 75(5):1284–1292, 2008.
[322] P. Daniels et al. Acta Crystallographica Section B, 58(6):970–976, 2002.
[323] Hk. Muller-Buschbaum K. Scheunemann. J. Inorg. Nucl. Chem., 36(9):1965–
1970, 1974.
[324] K.D. Kreuer. Chem. Mater., 8:610–641, 1996.
BIBLIOGRAPHY 249
[325] S.J. Skinner et al. Solid State Ionics, 192(1):659–663, 2011.
[326] P. Lacorre A. Selmi C. Galven, G. Corbel. Dalton Trans., 39:93–102, 2010.
[327] S. Hofmann P. Lejcek. Crit. Rev. Sol. Stat. Mater. Sci., 20(1):1–85, 1995.
[328] M. Hillert. Acta Metallurgica, 13(3):227–238, 1965.
[329] GE Syvertsen et al. J. Am. Ceram. Soc., 95(5):1563–1571, 2012.
[330] J.W. Hutchinson V. Tvergaard. J. Am. Ceram. Soc., 71(3):157–66, 1988.
[331] M.I. Mendelson. J. Am. Ceram. Soc., 52(8):443–446, 1969.
[332] I.W. Chen PL. Chen. J. Am. Ceram. Soc., 77(9):2289–97, 1994.
[333] F.Papillon P. Wynblatt, G.S. Rohrer. J. Europ. Ceram. Soc., 23(15):2841–
2848, 2003.
[334] N.D. Browning T.J. Mazanec Y. Lei, Y. Ito. J. Am. Ceram. Soc., 85(9):2359–
2363, 2002.
[335] I.W. Chen P.L. Chen. J. Am. Ceram. Soc., 79(7):1793–800, 1996.
[336] O. Hunderi E. Nes, N. Ryum. Acta Metallurgica, 33(1):11–22, 1985.
[337] P.P. Leshchenko et al. Russ. J. Inorg. Chem., 18(7):1202, 1982.
[338] R. Freer HY. Lee. J. Mater. Sci., 33(7):1703–1708, 1998.
[339] R.L. Myklebust D.E. Newbury, C.R. Swyt. Anal. Chem., 67:1866–1871, 1995.
[340] H. Bright J. F. Rowland M. Ibrahim, F. Norman. J. Am. Ceram. Soc.,
45(7):330–336, 1962.
[341] A. Sadowski A. Bernasik, K. Kowalski. J. Phys. Chem. Sol., 63(2):233–239,
2002.
[342] A. Subramaniyan et al. J. Am. Ceram. Soc., 94(6):1800–1804, 2011.
[343] D.P Ferreira de Souza M. Ferreira de Souza. Materials Research, 1(1):53–58,
1998.
[344] D.P Ferreira de Souza M. Ferreira de Souza. J. Mater. Sci., 34:4023–4030,
1999.
[345] D. Parkin D. A. Fletcher, R. F. McMeeking. Chem. Inf. Comput. Sci., 36:746–
749, 1996.
[346] Y.A. Velikodnyi V.K. Trunov, I.M. Averina. Sov. Phys. Cryst., 26:222–223,
1981.
[347] Y.P. Udalov R.M. Rakhmankulov. J. Inorgan. Chem., 21:1568–1569, 1976.
[348] V. Singh et al. J. Nanosci. Nanotech., 10:1–9, 2010.
250 BIBLIOGRAPHY
[349] A. Barnoush. PhD thesis, Universitat des Saarlandes, 2011.
[350] R. Kieselbach J. Woodtli. Eng. FAil. Anal., 7(6):427–450, 2000.
[351] M.R. Louthan et al. Mater. Sci. Eng., 10:357–368, 1972.
[352] C. Bermuy lopez et al. Chem. Mater., 19:1035–1043, 2007.
[353] D. Marrero-Lopez et al. Mater. Res. Bul., 43(8-9):2441–2450, 2008.
[354] J. Drennan S.P.S.Badwal, F.T. Ciacchi. Solid State Ionics, 121(1-4):253–262,
1999.
[355] S.P.S. Badwal et al. J. Mater. Chem. A, 1:10768–10782, 2013.
[356] L. Perazolli A.S. Camargo E. Longo S.M. Tebcherani, J.A. Varela. In Advanced
Science and Technology of Sintering, pages 437–444. Springer US, 1999.
[357] SJ. Kang SY. Chung. J. Am. Ceram. Soc., 85(11):2805–2810, 2002.
[358] S. Trolier-McKinstry B. Brahmaroutu, G.L. Messing. J. Mater. Sci., 35:5673–
5680, 2000.
[359] T. Yamamoto H. Yoshida, K. Hiraga. Mater. Trans., 50(5):1032–1036, 2009.
[360] A. Magraso et al. Solid State Ionics, 262:382–387, 2014.
[361] A. Braun et al. Appl.Phys. Let., 95:2241031–3, 2009.
[362] J.T.S. Irvine A. Azad, A. Krtuh. Int. J. Hyd. En., 39(24):12804–12811, 2014.
[363] M.T. Weller et al. Chem. Mater., 20(4):1652–1659, 2008.
[364] J. Maier T.S. Bjorheim, E.A. Kotomin. J. Mater. Chem., 3:7639–7648, 2015.
[365] MY. Wu et al. AIP Advances, 5:027126, 2015.
[366] C.D. Adam. J. Solid State Chem., 174(1):141–151, 2003.
[367] A. Slodczyk et al. J. Phys. Chem. Sol., 83:85–95, 2015.
[368] G. Chiodelli L. Malavasi, C. Ritter. J. Alloys Comp., 475(1-2):L42–L45, 2009.
[369] S.M. Haile K.H. Ryu. Solid State Ionics, 125(1-4):355–367, 1999.
[370] V. Thangadurai S.S. Bhella. J. Power Sources, 186(2):311–319, 2009.
[371] P. Colomban A. Slodczyk, C. Tran. Mater. Res. Soc. Symp. Proc., 1384, 2012.
[372] A. Slodczyk et al. Solid State Ionics, 262:870–874, 2014.
[373] C.H. Wilkins F.A. Miller. Anal. Chem., 24(8):1253–1294, 1952.
[374] E.M. Nour S.M. Teleb, D. El-Sayed Nassar. Bull. Mater., 27(6):483–485, 2004.
[375] R. Barker. J. Appl. Chem. Biotechnol., 23:733–742, 1973.
BIBLIOGRAPHY 251
[376] H.D. Lutz et al. Spec. Acta Part A: Molec. Spec., 37(7):561–567, 1981.
[377] S. Otsuka-Yao-Matsuo T. Omata, M. Takagi. Solid State Ionics, 168(1-2):99–
109, 2004.
[378] T. Scherban. Solid State Ionics, 66(1-2):159–164, 1993.
[379] F. Giannici et al. J. Phys. Chem., 115:298–304, 2011.
[380] P. Colomban. Annal. Chim. Sci. Mater., 24(1):1–18, 1999.
[381] A. Slodczyk et al. Mater. Res. Soc. Symp. Proc., 1309, 2011.
[382] C. Chapados J.J. Max. J. Chem. Phys., 120(14):6625–6641, 2004.
[383] P.A. Gerakines et al. Astron. Astrophys., 196:810–818, 1994.
[384] S.M. Haile W. Lei. J. Am. Ceram. Soc., 88:2979–2997, 2005.
[385] H.J.M. Bouwmeester B.A. Boukamp. Solid Sate Ionics, 157:29–33, 2003.
[386] K. Yakal-Kremshi et al. J. Electrochem. Soc., 161(14):1366–1374, 2014.
[387] B.A. Boukamp et al. Solid Sate Ionics, 177:2539–2541, 2006.
[388] J. Maier J. Jamnik. Phys. Chem. Chem. Phys., 3:1668–1678, 2001.
[389] N.P. Brandon A. Atkinson, S. A. Baron. J. Electrochem. Soc., 151(5):186–193,
2004.
[390] M. Mogensen S. Primdahl. J. Electrochem. Soc., 146(8):2827, 1999.
[391] S. B. Adler. Chem . Rev., 104:4791–4843, 2004.
[392] T.Y. Tien I.K. Naik. J. Phys. Chem. Sol., 39:311–315, 1978.
[393] J. Phys. Chem. Solids. H.L. Tuller, A.S. Nowick, 1977.
[394] A.G. Duba L.M. Hirsch, T.J. Shankland. Geophys. J. Int., 114:36–44, 1993.
[395] F.W. Poulsen N. Bonanos, A. Huijser. Solid Sate Ionics, 275:9–13, 2015.
[396] N. Singh R.C.T. Slade. J. Mater. Chem., 1:441–445, 1991.
[397] K. Soda K. Morita. J. Nuc. Sci. Tech., 39(4):344–353, 2002.
[398] N. Bonanos D. Kek. Solid Sate Ionics, 125(1-4):345–353, 1999.
[399] C.H. Mak et al. Surface Science, 1987.
[400] E. Lizuka et al. Jap. J. Appl. Phys., 40(1):3343–3348, 2001.
[401] H.I. Yoo J.I. Yeon. Solid Sate Ionics, 181:1323–1327, 2010.
[402] C.S. Knee T. Grande A.K.E. Anderson, S.M. Selbach. J. Am. Ceram. Soc.,
97(8), 2014.
[403] M. Ruf et al. J. Mater. Chem., 2:18539–18546, 2014.
[404] R Kannan et al. Nature, 3(2138), 2013.
Appendix A
Structural characterisation and
charge compensation mechanisms
of acceptor doped cerium niobates
Figure A.1: Example x-ray diffraction patterns of CeNbO4 and it’s hyperstoichiometric phases
δ=0.08 and δ=0.25. Unit cell parameters are reported for the monoclinic space group I2/a [253].
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Figure A.2: A-E: Observed and calculated intensity difference plots obtained by Rietveld
refinement of TOF Neutron Diffraction data collected on Ce1–xSrxNbO4±δ reduced under Ar(g)
(12 hours at 800°C). A: Ce0.9Sr0.1NbO4±δ B: Ce0.8Sr0.2NbO4±δ C: Ce0.7Sr0.3NbO4±δ D:
Ce0.65Sr0.35NbO4±δ E: Ce0.6Sr0.4NbO4±δ. D-spacing’s are in units of A˚. Due to the poor quality
of the fit presented in B, data are quoted for the purpose of approximately comparing cell
parameters.
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CeNbO
Space group C12/c1 (15)
Crystal System Monoclinic
Z 4
a (A˚) 7.2609(3)
b (A˚) 11.4032(4)
c (A˚) 5.1621(2)
β (°) 130.5301(11)
ρ (g cm–) 6.071
V (A˚) 324.86(2)
χ 2.31
Rwp 0.0258
Rp 0.0737
Site Wyckoff Occ Uiso x y z
Ce 4e 1.0 0.0045(2) 0 0.62963(5) 0.25
Nb 8f 1.0 0.0040(2) 0 0.10286(13) 0.25
O(1) 8f 1.0 0.0084(11) 0.2635(4) 0.4669(2) 0.3109(6)
O(2) 8f 1.0 0.0071(10) 0.1484(4) 0.2050(2) 0.1583(6)
Site U11 U22 U33 U12 U13 U23
Ce 0.00463(18) 0.0051(2) 0.0047(2) 0 0.0033(1) 0
Nb 0.0046(2) 0.0058(3) 0.0025(2) 0 0.0026(1) 0
O(1) 0.0083(9) 0.007(1) 0.0084(10) 0.0009(8) 0.0050(8) -0.0005(8)
O(2) 0.0079(9) 0.0051(9) 0.0109(11) 0.0005(8) 0.0072(8) 0.0016(8)
Ce Polyhedron (A˚) Nb Polyhedron (A˚)
Ce-O(1) 2.534(3) Nb-O(1) 2.480(3)
Ce-O(1) 2.461(2) Nb-O(1) 1.914(2)
Ce-O(2) 2.491(3) Nb-O(2) 1.845(3)
Ce-O(2) 2.431(3)
Average 2.479 Average 2.079
Table A.1: A-D: Selected structural parameters calculated by Rietveld refinement of x-ray
diffraction data collected on single crystal CeNbO4 grown under Ar(g), full details can be found
in [271].
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Figure A.3: Highlighting the (121),(-121) and (24-2) reflections of Ce1–xSrxNbO4±δ which could
not be appropriately modelled.
Sr(x) 0.1 0.2 0.3 0.35 0.4
χ 2.783 6.735 2.108 1.578 2.235
Rwp 0.0138 0.0485 0.0263 0.0219 0.0251
Rp 0.0263 0.1011 0.0802 0.0724 0.0755
a (A˚) 7.2448(1) 7.2553(4) 7.2490(2) 7.2513(2) 7.2464(2)
b (A˚) 11.3685(2) 11.3734(4) 11.3656(2) 11.3656(2) 11.3619(2)
c (A˚) 5.1515(2) 5.1535(6) 5.1530(2) 5.1547(2) 5.1531(3)
β (°) 130.543(1) 130.560(3) 130.554(1) 130.581(1) 130.558(1)
ρ (g cm–) 6.033 5.925 5.926 5.915 5.889
V (A˚) 322.429(7) 323.08(2) 322.577(9) 322.652(9) 322.344(8)
Mr 1171.387 1152.865 1151.139 1149.396 1143.178
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Sr(x) Ce Sr Nb O1 O2
0.1 x 0 0 0 0.2632(1) 0.1500(1)
y 0.6297(1) 0.6297(1) 0.1029(1) 0.4671(1) 0.2054(1)
z 0.25 0.25 0.25 0.3082(1) 0.1603(1)
Uiso 0.0055(3) 0.0055(3) 0.0050(2) 0.0112(2) 0.0096(2)
U11 0.0051(4) 0.0051(4) 0.0042(3) 0.0125(3) 0.0096(3)
U22 0.0057(5) 0.0057(5) 0.0049(3) 0.0090(3) 0.0093(3)
U33 0.0049(4) 0.0049(4) 0.0036(2) 0.0067(2) 0.0112(3)
U12 0 0 0 0.0025(2) 0
U13 0.0031(3) 0.0031(3) 0.0023(2) 0.0047(2) 0.0078(2)
U23 0 0 0 0.0009(2) 0.0017(2)
0.2 x 0 0 0 0.2619(5) 0.1513(3)
y 0.6298(3) 0.6298(3) 0.1043(2) 0.4678(2) 0.2063(2)
z 0.25 0.25 0.25 0.3048(5) 0.1597(5)
Uiso 0.0058(5) 0.0058(5) 0.0083(5) 0.0173(6) 0.0115(6)
U11 0.0076(10) 0.0076(10) 0.0086(9) 0.0274(12) 0.0087(9)
U22 0.0088(9) 0.0088(9) 0.0092(9) 0.0162(9) 0.0134(8)
U33 0.0042(9) 0.0042(9) 0.0068(8) 0.0124(9) 0.0133(9)
U12 0 0 0 0.0031(8) 0.0018(6)
U13 0.0042(8) 0.0042(8) 0.0050(8) 0.0135(9) 0.0076(9)
U23 0 0 0 0.0030(6) 0.0027(6)
0.3 x 0 0 0 0.2630(2) 0.1507(2)
y 0.6297(1) 0.6297(1) 0.1599(3) 0.4671(1) 0.2056(1)
z 0.25 0.25 0.25 0.3072(2) 0.1606(3)
Uiso 0.0076(8) 0.0076(8) 0.0092(6) 0.0142(6) 0.0112(6)
U11 0.0073(6) 0.0073(6) 0.0083(5) 0.0175(5) 0.0125(2)
U22 0.0065(6) 0.0065(6) 0.0080(5) 0.0132(5) 0.0115(1)
U33 0.0072(5) 0.0072(5) 0.0074(4) 0.0098(4) 0.0135(1)
U12 0 0 0 0.0042(4) 0
U13 0.0044(4) 0.0044(4) 0.0053(4) 0.0078(4) 0.0087(8)
U23 0 0 0 0.0017(3) 0.0002(7)
0.35 x 0 0 0 0.2629(2) 0.1509(2)
y 0.6298(1) 0.6298(1) 0.1031(1) 0.4674(1) 0.2057(1)
z 0.25 0.25 0.25 0.3078(2) 0.1609(3)
Uiso 0.0082(4) 0.0082(4) 0.0077(3) 0.0143(3) 0.0128(3)
U11 0.0073(6) 0.0073(6) 0.0073(4) 0.0172(5) 0.0125(5)
U22 0.0058(6) 0.0058(6) 0.0085(5) 0.0124(5) 0.0110(5)
U33 0.0084(6) 0.0084(6) 0.0065(4) 0.0099(4) 0.0143(5)
U12 0 0 0 0.0040(4) 0
U13 0.0046(5) 0.0046(5) 0.0044(3) 0.0075(4) 0.0088(4)
U23 0 0 0 0.0016(3) 0.0004(3)
0.4 x 0 0 0 0.2629(2) 0.1510(2)
y 0.6297(2) 0.6297(2) 0.1032(1) 0.4673(1) 0.2056(1)
z 0.25 0.25 0.25 0.3069(3) 0.1605(3)
Uiso 0.0072(4) 0.0072(4) 0.0064(3) 0.0135(3) 0.0127(3)
U11 0.0070(7) 0.0070(7) 0.0066(5) 0.0158(6) 0.0106(4)
U22 0.0061(7) 0.0061(7) 0.0067(5) 0.0131(6) 0.0115(5)
U33 0.0072(6) 0.0072(6) 0.0059(5) 0.0086(5) 0.0117(4)
U12 0 0 0 0.0036(4) 0
U13 0.0044(5) 0.0044(5) 0.0042(4) 0.0067(4) 0.00726(4)
U23 0 0 0 0.0016(4) 0.0006(3)
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Sr(x) 0.1 0.2 0.3 0.35 0.4
Ce 0.920(8) 0.843 0.833(22) 0.823(22) 0.794(26)
Sr 0.080(8) 0.157 0.167(22) 0.177(22) 0.206(26)
Nb 1.0 1.0 1.0 1.0 1.0
O1 1.0 1.0 1.0 1.0 1.0
O2 1.0 0.982(11) 0.985(5) 0.987(5) 0.987(6)
CeNbO wt% - 96.4(1) 84.4(2) 78.2(3) 71.6(3)
SrNbO wt% - 3.6(3) 15.6(4) 21.8(4) 28.4(4)
Sr(x) 0.1 0.2 0.3 0.35 0.4
Ce-O1 (A˚) 2.5291(9) 2.5277(30) 2.5308(15) 2.5283(16) 2.5289(18)
Ce-O1 (A˚) 2.4468(6) 2.4396(23) 2.4438(12) 2.4470(12) 2.4431(13)
Ce-O2 (A˚) 2.4858(8) 2.4744(26) 2.4838(14) 2.4832(14) 2.4827(16)
Ce-O2 (A˚) 2.4205(6) 2.4170(22) 2.4183(11) 2.4185(11) 2.4161(13)
Nb-O1 (A˚) 2.4662(6) 2.4714(26) 2.4674(12) 2.4675(13) 2.4654(14)
Nb-O1 (A˚) 1.9186(5) 1.9404(21) 1.9235(10) 1.9222(10) 1.9246(11)
Nb-O2 (A˚) 1.8457(6) 1.8530(21) 1.8482(12) 1.8499(12) 1.8492(14)
Table A.2: A-D: Selected structural parameters calculated by Rietveld refinement of TOF
neutron diffraction data collected on Ce1–xSrxNbO4±δ reduced under Ar(g) (12 hours at 800°C).
All patterns were refined using the monoclinic cell C12/c1 and starting unit cell and positional
parameters were taken from single crystal x-ray diffraction data recorded on CeNbO4 grown
under argon (Appendix A, tables A.1.A-D) [271]. Ce0.9Sr0.1NbO4±δ was refined using data
collected on bank 4 at the Polaris instrument, ISIS, Rutherford Appleton Laboratories, UK. All
other compositions were refined using data collected on bank 2 at the POWGEN instrument,
SNS, Oakridge National Laboratory USA. See Chapter 3, Section 3.6.3 for further details.
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Figure A.4: A-E: Observed and calculated intensity difference plots obtained by Rietveld
refinement of TOF neutron diffraction data collected on Ce1–xSrxNbO4±δ reduced under 5%
H2/N2(g). A: Ce0.9Sr0.1NbO4±δ B: Ce0.8Sr0.2NbO4±δ C: Ce0.7Sr0.3NbO4±δ D:
Ce0.65Sr0.35NbO4±δ E: Ce0.6Sr0.4NbO4±δ
259
Sr(x) 0.1 0.2 0.3 0.35 0.4
χ 4.035 2.796 2.108 1.660 2.160
Rwp 0.0164 0.0302 0.0221 0.0215 0.0243
Rp 0.0326 0.0802 0.0627 0.0702 0.0714
a (A˚) 7.3180(1) 7.2526(1) 7.2729(2) 7.2490(1) 7.2740(3)
b (A˚) 11.4839(2) 11.3703(1) 11.3890(3) 11.3633(2) 11.3890(3)
c (A˚) 5.2036(1) 5.1532(1) 5.1617(3) 5.1536(1) 5.1622(4)
β (°) 130.525(1) 130.559(1) 130.706(1) 130.572(1) 130.733(2)
ρ (g cm–) 5.848 5.936 5.893 5.916 5.860
V (A˚) 332.409(5) 322.854(3) 324.115(11) 322.458(9) 324.061(1)
Mr 1170.707 1154.212 1150.274 1148.877 1143.591
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Sr(x) Ce Sr Nb O1 O2
0.1 x 0 0 0 0.2635(1) 0.1500(1)
y 0.6296(1) 0.6296(1) 0.10278(1) 0.4671(1) 0.2053(1)
z 0.25 0.25 0.25 0.3083(1) 0.1603(1)
Uiso 0.0051(2) 0.0051(2) 0.0048(2) 0.0104(2) 0.0092(2)
U11 0.0047(3) 0.0047(3) 0.0041(3) 0.0114(3) 0.0090(3)
U22 0.0043(4) 0.0043(4) 0.0052(3) 0.0089(3) 0.0088(3)
U33 0.0047(3) 0.0047(3) 0.0030(2) 0.0059(3) 0.0111(2)
U12 0 0 0 0.0024(2) 0
U13 0.0030(3) 0.0030(3) 0.0021(2) 0.0042(2) 0.0075(2)
U23 0 0 0 0.0012(2) 0.0016(2)
0.2 x 0 0 0 0.2634(2) 0.1514(2)
y 0.6297(1) 0.6297(1) 0.1032(1) 0.4674(1) 0.2057(1)
z 0.25 0.25 0.25 0.3076(2) 0.1614(2)
Uiso 0.0074(3) 0.0074(3) 0.0073(2) 0.0142(2) 0.0121(3)
U11 0.0073(5) 0.0073(5) 0.0082(4) 0.0179(4) 0.0134(4)
U22 0.0058(5) 0.0058(5) 0.0072(4) 0.0115(4) 0.0100(4)
U33 0.0068(5) 0.0068(5) 0.0064(3) 0.0106(3) 0.0147(4)
U12 0 0 0 0.0036(3) 0
U13 0.0039(4) 0.0039(4) 0.0050(3) 0.0083(3) 0.0100(3)
U23 0 0 0 0.0012(3) 0.0005(3)
0.3 x 0 0 0 0.2628(2) 0.1505(2)
y 0.6298(2) 0.6298(2) 0.1039(1) 0.4676(1) 0.2057(1)
z 0.25 0.25 0.25 0.3086(3) 0.1606(3)
Uiso 0.0078(2) 0.0078(2) 0.0085(3) 0.0138(2) 0.0122(2)
U11 0.0080(6) 0.0080(6) 0.0076(5) 0.0164(6) 0.0116(5)
U22 0.0057(6) 0.0057(6) 0.0087(6) 0.0110(6) 0.0106(5)
U33 0.0087(6) 0.0087(6) 0.0075(5) 0.0097(5) 0.0148(6)
U12 0 0 0 0.0035(4) 0
U13 0.0054(5) 0.0054(5) 0.0045(4) 0.0065(5) 0.0091(4)
U23 0 0 0 0.0003(3) 0.0006(4)
0.35 x 0 0 0 0.2629(2) 0.1512(2)
y 0.6298(1) 0.6298(1) 0.1032(1) 0.4675(1) 0.1512(2)
z 0.25 0.25 0.25 0.3073(2) 0.2059(1)
Uiso 0.0078(3) 0.0078(3) 0.0074(3) 0.0144(3) 0.0127(3)
U11 0.0074(5) 0.0074(5) 0.0072(5) 0.0177(5) 0.0140(5)
U22 0.0058(6) 0.0058(6) 0.0080(5) 0.0122(5) 0.0105(5)
U33 0.0080(5) 0.0080(5) 0.0067(4) 0.0105(4) 0.0143(5)
U12 0 0 0 0.0041(4) 0
U13 0.0045(4) 0.0045(4) 0.0044(4) 0.0080(4) 0.0097(4)
U23 0 0 0 0.0018(3) 0.0021(3)
0.4 x 0 0 0 0.2631(3) 0.1502(2)
y 0.6297(2) 0.6297(2) 0.1042(1) 0.4676(1) 0.2057(1)
z 0.25 0.25 0.25 0.3085(3) 0.1598(4)
Uiso 0.0045(4) 0.0045(4) 0.0092(4) 0.0136(4) 0.0119(4)
U11 0.0078(8) 0.0078(8) 0.0084(7) 0.0148(7) 0.0103(6)
U22 0.0078(8) 0.0078(8) 0.0085(7) 0.0130(7) 0.0116(7)
U33 0.0075(7) 0.0075(7) 0.0080(6) 0.0081(6) 0.0138(7)
U12 0 0 0 0.0028(5) 0
U13 0.0044(6) 0.0044(6) 0.0050(5) 0.0052(5) 0.0081(5)
U23 0 0 0 0 0.0091(5)
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Sr(x) 0.1 0.2 0.3 0.35 0.4
Ce 0.92 0.843(20) 0.833 0.823 0.794
Sr 0.08 0.157(20) 0.167 0.177 0.206
Nb 1.0 1.0 1.0 1.0 1.0
O1 0.995(2) 1.0 0.995(8) 1.0 1.000(10)
O2 1.0 0.993(4) 0.984(6) 0.984(5) 0.989(7)
CeNbO wt% - 96.4(1) 83.7(2) 78.9(3) 70.5(4)
SrNbO wt% - 3.6(3) 16.3(5) 21.1(4) 29.5(5)
Sr(x) 0.1 0.2 0.3 0.35 0.4
Ce-O1 (A˚) 2.5553(8) 2.5308(13) 2.5300(17) 2.5274(16) 2.5310(20)
Ce-O1 (A˚) 2.4722(5) 2.4469(10) 2.4512(12) 2.4462(12) 2.4502(15
Ce-O2 (A˚) 2.5125(7) 2.4853(12) 2.4849(15) 2.4810(14) 2.4828(19)
Ce-O2 (A˚) 2.4456(5) 2.4179(10) 2.4276(13) 2.4168(12) 2.4277(16)
Nb-O1 (A˚) 2.4891(6) 2.4657(11) 2.4807(14) 2.4654(13) 2.4819(17)
Nb-O1 (A˚) 1.9373(5) 1.9234(9) 1.9244(12) 1.9247(10) 1.9253(14)
Nb-O2 (A˚) 1.8643(5) 1.8499(10) 1.8481(13) 1.8511(12) 1.8474(17)
Table A.3: A-D: Selected structural parameters calculated by Rietveld refinement of TOF
neutron diffraction data collected on Ce1–xSrxNbO4±δ reduced under 5% H2/N2(g) (1-2 hours at
800°C). All patterns were refined using the monoclinic cell C12/c1 and starting unit cell and
positional parameters were taken from single crystal x-ray diffraction data recorded on CeNbO4
grown under argon (Appendix A, tables A.1.A-D) [271]. Ce0.9Sr0.1NbO4±δ was refined using
data collected on bank 4 at the Polaris instrument, ISIS, Rutherford Appleton Laboratories, UK.
All other compositions were refined using data collected on bank 2 at the POWGEN instrument,
SNS, Oakridge National Laboratory USA. See Chapter 3, Section 3.6.3 for further details.
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Figure A.5: Observed and calculated intensity difference plots obtained by combined Rietveld
refinement of TOF Neutron and x-ray diffraction data collected on as-prepared
Ce0.8Ca0.2NbO4±δ (A-B) and after exposure to 4% He/N2(g) for 5 hours at 800 °C (C-D).
Ce0.8Ca0.2NbO4±δ As-prepared Reduced
χ 2.721 2.657
Rwp 0.0554 0.0596
Rp 0.0648 0.0788
a (A˚) 7.1857(1) 7.2818(1)
b (A˚) 11.2692(1) 11.3419(1)
c (A˚) 5.1300 (1) 5.1730(1)
β (°) 130.65 131.329
ρ (g cm–) 5.789 5.649
V (A˚) 315.15(1) 320.823(4)
Mr 1098.71 1091.42
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Ce0.8Ca0.2NbO4±δ Ce Ca Nb O1 O2
As-Prepared x 0 0 0 0.2611(1) 0.1533(1)
y 0.6293(1) 0.6293(1) 0.1033(1) 0.4671(1) 0.2064(1)
z 0.25 0.25 0.25 0.3019(1) 0.1615(1)
Uiso 0.0057(1) 0.0057(1) 0.0058(1) 0.0112(1) 0.0104(1)
U11 0.0043(2) 0.0043(2) 0.0062(2) 0.0130(3) 0.0110(3)
U22 0.0070(2) 0.0070(2) 0.0068(2) 0.0103(2) 0.0105(2)
U33 0.0060(2) 0.0060(2) 0.0036(2) 0.0075(2) 0.0119(2)
U12 0 0 0 0.0037(2) 0.0010(2)
U13 0.0035(1) 0.0035(1) 0.0029(2) 0.0055(2) 0.0083(2)
U23 0 0 0 0.0013(2) 0.0015(2)
Reduced x 0 0 0 0.2608(1) 0.1532(1)
y 0.6296(1) 0.6296(1) 0.1063(1) 0.4672(1) 0.2063(1)
z 0.25 0.25 0.25 0.3109(1) 0.1630(2)
Uiso 0.0089(1) 0.0089(1) 0.0130(1) 0.0174(2) 0.0145(2)
U11 0.0084(2) 0.0084(2) 0.0137(3) 0.0169(3) 0.0209(4)
U22 0.0084(2) 0.0084(2) 0.0145(2) 0.0158(3) 0.0123(3)
U33 0.0095(2) 0.0095(2) 0.0105(2) 0.0150(3) 0.0193(4)
U12 0 0 0 0.0042(2) 0.031(3)
U13 0.0054(2) 0.0054(2) 0.0077(2) 0.0091(3) 0.0163(3)
U23 0 0 0 0 0.0045(2)
Ce0.8Ca0.2NbO4±δ As-Prepared Reduced
Ce 0.777(1) 0.777
Ca 0.223(1) 0.223
Nb 1.0 1.0
O1 1.0 0.981(3)
O2 1.0 0.961(3)
CeNbO4 wt% - -
Ca2Nb2O7 wt% - -
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Ce0.8Ca0.2NbO4±δ As-Prepared Reduced
Ce-O1 (A˚) 2.5059(5) 2.5113(6)
Ce-O1 (A˚) 2.4075(5) 2.4399(6)
Ce-O2 (A˚) 2.4634(5) 2.4750(6)
Ce-O2 (A˚) 2.3863(5) 2.4161(6)
Nb-O1 (A˚) 2.4426(6) 2.5195(7)
Nb-O1 (A˚) 1.9285(5) 1.9143(6)
Nb-O2 (A˚) 1.8495(5) 1.8423(6)
Table A.4: Selected structural parameters calculated by combined Rietveld refinement of neutron
and x-ray diffraction data collected on as-prepared Ce0.8Ca0.2NbO4±δ , and after exposure of to
4% He/N2(g) for 5 hours at 800 °C. All patterns were refined using the monoclinic cell C12/c1
and starting unit cell and positional parameters were taken from single crystal x-ray diffraction
data recorded on CeNbO4 grown under argon [271]. All data were collected on bank 3 at the
POWGEN instrument, SNS, Oakridge National Laboratory USA. X-ray data of the same
samples were collected at the Advanced Photon Source, on the high resolution powder diffraction
instrument (BM-11), Argonne National Laboratory, USA [ref]. See Chapter 3, for further details.
Ce0.9Ca0.1NbO4±δ As-prepared Reduced
χ 30.88 34.99
Rwp 0.1975 0.3144
Rp 0.2091 0.2617
a (A˚) 7.2328(2) 7.2550(2)
b (A˚) 11.3528(3) 11.3768(3)
c (A˚) 5.1476(1) 5.1558(1)
β (°) 130.54 130.65(1)
ρ (g cm–) 5.858 5.849
V (A˚) 321.23(2) 322.88(2)
Mr 1133.305 1137.25
Table A.5: Multi-histogram Rietveld refinement (TOF neutron and x-ray) performed on
Ce0.9Ca0.1NbO4±δ however it was found to contain a significant fraction of unidentified phase not
previously observed in laboratory data. Significant peak overlap limited exclusion of the second
phase from the pattern. Therefore selected refined parameters were extracted for the purposes of
comparing cell constants. Data were recorded analogously to Ce0.8Ca0.2NbO4±δ, reduced data
corresponds to exposure of Ce0.9Ca0.1NbO4±δ to 4% He/N2(g) for 5 hours at 800 °C.
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Figure A.6: A-D: Observed and calculated intensity difference plots obtained by Rietveld
refinement of TOF Neutron diffraction data collected on as-prepared Ce1–xCaxNbO4±δ (A:
x=0.3, B: x=0.4).
Ca(x) 0.3 0.4
χ 3.749 16.01
Rwp 0.0165 0.0359
Rp 0.0403 0.0608
a (A˚) 7.1531(1) 7.1701(37)
b (A˚) 11.2068(2) 11.2275(59)
c (A˚) 5.1198(2) 5.1386(27)
β (°) 130.656(1) 130.695(1)
ρ (g cm–) 5.695 5.424
V (A˚) 311.36(1) 313.64(9)
Mr 1067.76 1024.386
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Ca(x) Ce Ca Nb O1 O2
0.3 x 0 0 0 0.2611(1) 0.1549(1)
y 0.6297(1) 0.6297(1) 0.1034(1) 0.4673(1) 0.2073(1)
z 0.25 0.25 0.25 0.2998(1) 0.1626(2)
Uiso 0.0055(2) 0.0055(2) 0.0052(2) 0.0104(2) 0.0097(2)
U11 0.0049(4) 0.0049(4) 0.0052(3) 0.0133(3) 0.0118(3)
U22 0.0067(4) 0.0067(4) 0.0067(3) 0.0093(3) 0.0085(3)
U33 0.0052(4) 0.0052(4) 0.0031(3) 0.0070(3) 0.0121(3)
U12 0 0 0 0.0029(2) 0.0011(2)
U13 0.0032(3) 0.0032(3) 0.0024(3) 0.0060(3) 0.0088(3)
U23 0 0 0 0.0014(2) 0.0013(2)
0.4 x 0 0 0 0.2607(2) 0.1567(2)
y 0.6297(18) 0.6297(18) 0.1030(1) 0.4673(1) 0.2076(1)
z 0.25 0.25 0.25 0.2981(3) 0.1640(3)
Uiso 0.0050(4) 0.0050(4) 0.0066(3) 0.0100(3) 0.0092(3)
U11 0.0044(8) 0.0044(8) 0.0068(7) 0.012(6) 0.0133(6)
U22 0.0087(8) 0.0087(8) 0.0084(6) 0.0092(6) 0.0080(5)
U33 0.0028(7) 0.0028(7) 0.0046(5) 0.0052(5) 0.0123(6)
U12 0 0 0 0.0033(4) 0.0028(4)
U13 0.0023(6) 0.0023(6) 0.0039(5) 0.0040(5) 0.0099(5)
U23 0 0 0 0.0025(4) 0.0095(4)
Ca(x) 0.3 0.4
Ce 0.7 0.6
Ca 0.3 0.4
Nb 1.0 1.00
O1 0.997(4) 0.998(8)
O2 1.00 0.974(7)
CeNbO wt% - 0.71(1)
CaNbO wt% - 0.29(1)
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Ca(x) 0.3 0.4
Ce-O1 (A˚) 2.4995(10) 2.505(10)
Ce-O1 (A˚) 2.3962(7) 2.397(10)
Ce-O2 (A˚) 2.4447(9) 2.451(10)
Ce-O2 (A˚) 2.3684(7) 2.366(12)
Nb-O1 (A˚) 2.4246(7) 2.425(9)
Nb-O1 (A˚) 1.9305(6) 1.940(8)
Nb-O2 (A˚) 1.8525(6) 1.866(6)
Table A.6: Selected structural parameters calculated by single histogram Rietveld refinement of
neutron diffraction data collected on as-prepared Ce1–xCaxNbO4±δ (x=0.3, x=0.4). All patterns
were refined using the monoclinic cell C12/c1 and starting unit cell and positional parameters
were taken from single crystal x-ray diffraction data recorded on CeNbO4 grown under argon
[271]. All data were collected on bank 3 at the POWGEN instrument, SNS, Oakridge National
Laboratory USA.
Appendix B
Non-Stoichiometry and structural
transformations
Ce0.9Ca0.1NbO4+δ
T (°C) a (A˚) b (A˚) c (A˚) β (°) Vol (A˚3)
25(H) 7.2360(3) 11.3637(4) 5.1580(3) 130.550(3) 322.2(3)
400(H) 7.2083(5) 11.3634(7) 5.1361(5) 131.897(5) 313.15(4)
500(H) 7.2082 (4) 11.3500(4) 5.1348(3) 131.954(3) 312.42(3)
600(H) 7.2292(6) 11.3795(5) 5.1457(3) 131.959(3) 314.78(3)
600(C) 7.4041(7) 11.4644(9) 5.2445(6) 132.851(6) 326.37(5)
400(C) 7.2466(19) 11.4060(6) 5.1477(8) 130.923(12) 321.14(13)
7.3239(12) 11.4470(40) 5.1971(11) 132.520(11) 321.49(10)
25(C) 7.2124(10) 11.3479(16) 5.1365(7) 131.581(8) 314.42(8)
7.2055(24) 11.3557(21) 5.1406(15) 130.198(2) 321.28(15)
Ce0.8Ca0.2NbO4+δ
25(H) 7.1840(4) 11.2817(4) 5.1349(3) 130.50(3) 316.47(3)
400(H) 7.2278(5) 11.3107(6) 5.1445(5) 131.809(5) 313.47(4)
500(H) 7.2203(9) 11.3087(12) 5.1393(9) 131.977(4) 311.96(7)
600(H) 7.2662(4) 11.3383(2) 5.1655(5) 132.127(5) 315.62(4)
600(C) 7.3436(3) 11.3764(4) 5.2107(3) 132.438(4) 321.27(3)
400(C) 7.2629(8) 11.3289(10) 5.1660(7) 131.667(4) 317.53(6)
25(C) 7.1854(7) 11.2714(5) 5.1283(4) 130.834(5) 314.25(4)
Table B.1: Cell constants for Ce1–xCaxNbO4±δ heated dynamically at 10 °C min–1 with data
collection for 2 minutes every 100 °C. (H) and (C) indicate heating and cooling respectively.
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Ce0.9Ca0.1NbO4+δ
T (°C) a (A˚) b (A˚) c (A˚) β (°) Vol (A˚3)
600(H) 7.2852(2) 11.3457(2) 5.1764(2) 132.213(2) 316.90(2)
600(C) 7.3151(2) 11.3651(2) 5.1944(2) 132.273(2) 319.55(2)
25 (C) 7.1812(3) 11.2673(4) 5.1257(2) 131.097(2) 312.55(2)
Ce0.8Ca0.2NbO4+δ
400(H) 7.1964(2) 11.2947(2) 5.1352(1) 131.8762(2) 310.79(1)
500(H) 7.2097(2) 11.2974(3) 5.1359(2) 131.987(1) 310.94(2)
600(H) 7.2852(2) 11.3457(2) 5.1764(2) 132.213(2) 316.90(2)
600(C) 7.3151(2) 11.3651(2) 5.1944(2) 132.273(2) 319.55(2)
25 (C) 7.1812(3) 11.2673(4) 5.1257(2) 131.097(2) 312.55(2)
Table B.2: Cell constants for Ce1–xCaxNbO4±δ heated isothermally for 1 hour every 100 °C, (H)
and (C) indicate heating and cooling respectively.
Figure B.1: Semi-dynamic laboratory in-situ x-ray diffraction of Ce0.8Sr0.2NbO4+δ heated at 10
°C min–1 under static air, data collection for 2 minutes every 100 °C. The sample is
stoichiometric (δ=0) up to 300 °C, forming a δ=0.08+0.25 phase mixture between 4-600 °C and
the tetragonal polymorph between 6-800 °C. On cooling the sample forms the δ=0+0.08 phase
mixture. The δ=0.25 phase evolves from 400 °C, becoming the dominant phase at 500 °C.
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Figure B.2: Simultaneous TG/DSC collected on Ce0.9Sr0.1NbO4+δ heated under static at 10 °C
min–1. The same sample of Ce0.9Sr0.1NbO4+δ was used for simultaneous x-ray diffraction and
XANES measurements.
Figure B.3: In-situ x-ray diffraction of Ce0.6A0.4NbO4+δ heated at 10 °C min
–1 under static air,
data collection 2 minutes every 5 °C. Every 10 °C is shown for clarity.
271
Figure B.4: In-situ x-ray diffraction of CeNbO4+δ heated at 10 °C min
–1 under static air, data
collection 2 minutes every 5 °C.
Phase CeNbO4+δ
Heating δ=0 25-386 °C
δ=0.25 282-754 °C
δ=0.08 682-774 °C
I41/a 708-703 °C
Cooling δ=0.08 728-604 °C
δ=0.25 671-25 °C
Table B.3: In-situ x-ray diffraction of CeNbO4+δ heated at 10 °C min
–1 under static air, data
collection 2 minutes every 5 °C.
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Ce0.9Sr0.1NbO4±δ
T(°C) I41/a Ce 0.92
χ2 7.46 Sr 0.08
Rwp 0.0320 Nb 1.0
Rp 0.0223 O1 0.997(4)
a (A˚) 5.3626(1) Ce-O1 (A˚) 2.4707(9)
b (A˚) 5.3626(1) Ce-O1 (A˚) 2.5012(10)
c (A˚) 11.5328(3) Nb-O1 (A˚) 1.8598(9)
β (°) 90.0 V (A˚3) 331.65(2)
ρ(gcm–3) 5.863 Mr 1170.90
Ce Sr Nb O1
x 0 0 0 0.1641(1)
y 0.25 0.25 0.25 0.4940(2)
z 0.625 0.625 0.125 0.2106(1)
Uiso 0.0174(5) 0.0174(5) 0.0209(5) 0.0318(4)
U11 0.0230(8) 0.0230(8) 0.0188(6) 0.0355(6)
U22 0.0230(8) 0.0230(8) 0.0167(6) 0.0381(6)
U33 0.0143(11) 0.0143(11) 0.0307(10) 0.0299(7)
U12 0 0 0 0
U13 0 0 0 0.0073(4)
U23 0 0 0 0
Table B.4: Structural parameters obtained by Rietveld refinement of TOF neutron diffraction
data collected tetragonal Ce0.9Sr0.1NbO4±δ at 700°C under air. Ce0.9Sr0.1NbO4±δ was
pre-annealed for 3 hours under Ar(g) and data collected on bank 4 at the Polaris instrument,
ISIS, Rutherford Appleton Laboratories, UK.
Appendix C
Phase and Microstructural
Stability
Figure C.1: SEM images of as-prepared Ce1–xAxNbO4±δ highlighting the broad particle size
distribution.
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Figure C.2: SrO-Nb2O5 phase diagram taken from [337].
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Figure C.3: CaO-Nb2O5 phase diagram taken from [340].
Figure C.4: Electron micrographs of as-sintered (1300, 1400 °C) Ce0.9Sr0.1NbO4±δ with EDXS
spectra highlighting secondary phases.
Sample Spectrum Ce (a.u %) Sr2+ (a.u %) Nb (a.u %) O (a.u %)
1300°C Spectrum 1 1.54 14.41 17.36 66.69
Spectrum 2 1.39 12.73 15.64 70.24
1400°C Spectrum 1 2.46 18.13 22.13 57.28
Spectrum 2 2.13 8.92 21.07 67.88
Table C.1: Atomic percentages of each constituent corresponding to Figure C.4.
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Sample Ce (a.u %) A2+ (a.u %) Nb (a.u %) O (a.u %)
Ce0.9Sr0.1NbO4 17.60 1.83 18.56 62.01
Ce0.8Sr0.2NbO4 15.08 2.58 17.69 65.11
Ce0.9Ca0.1NbO4 15.79 1.75 17.94 64.54
Ce0.8Ca0.2NbO4 14.64 3.39 18.18 63.80
Table C.2: Average atomic percentage of each constituent at the grain interior in
Ce1–xAxNbO4±δ sintered under air followed by reduction in 5% H2/N2(g) for 5 hours at 800 °C.
Figure C.5: SEM micrographs of as-sintered Ce0.9A0.1NbO4±δ post Ar(g) reduction at 800 °C for
12 hours.
Sample Ce (a.u %) A2+ (a.u %) Nb (a.u %) O (a.u %)
Ce0.9Sr0.1NbO4 17.34 ± 1 1.85 ± 0.1 19.02 ± 0.61 61.78 ± 1.67
Ce0.9Ca0.1NbO4 17.84 ± 0.71 1.91 ± 0.12 19.23 ± 0.39 61.02 ± 1.14
Table C.3: Average atomic percentage of each constituent at the grain interior in
Ce1–xAxNbO4±δ sintered under air followed by reduction in Ar(g) for 12 hours at 800 °C.
Corresponding SEM images are shown in Figure C.5.
